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Preface 


This  volume  contains  the  proceedings  of  the  Materials 
Research  Society  Symposium  on  Tailored  Interfaces  In  Composite 
Materials  which  was  held  November  27-29,  1989  in  Boston, 
Massachusetts,  at  the  1989  MRS  Fall  Meeting. 

This  symposium,  which  was  funded  by  the  Air  Force  Office  of 
Scientific  Research  and  E.I.  du  Pont  de  Nemours  &  Co.,  Inc., 
brought  together  over  80  international  researchers  from  govern¬ 
ment  laboratories,  universities,  and  industry,  with  diverse 
backgrounds  ranging  from  physics  and  chemistry  to  engineering 
mechanics,  and  with  interests  in  a  wide  variety  of  materials 
including  polymers,  metals  and  ceramics. 

The  central  theme  of  the  symposium  focused  on  tailoring  of 
an  interface  to  optimize  the  adhesion  or  transfer  of  load  between 
reinforcing  phases  and  the  matrix,  to  enhance  crack  deflection 
through  debonding,  or  to  control  interface  reactivity.  The 
symposium  was  designed  to  be  interdisciplinary.  Thus,  sane  of  the 
sessions  addressed  the  micromechanics,  chemistry,  and  charac¬ 
terization  of  interfaces  in  general. 

Eighty  papers  were  presented  either  orally  or  as  posters. 
Fifty  of  the  presented  papers  appear  in  this  volume.  All  papers 
were  subjected  to  peer  review  after  which  authors  had  an  oppor¬ 
tunity  to  respond  to  the  reviewer's  comment.  Because  a  primary 
goal  of  the  editors  was  rapid  publication,  the  revised  papers 
reflect  the  views  and  standards  of  the  authors,  and  not 
necessarily  those  of  the  editors. 


January  22,  1990 


Carlo  G.  Pantano 
Eric  J.H.  Chen 
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SURFACE  FORCES  AND  ADHESION  BETWEEN  DISSIMILAR  MATERIALS 
MEASURED  IN  VARIOUS  ENVIRONMENTS 

Douglas  T.  Smith  and  Roger  G.  Horn 

National  Institute  of  Standards  and  Technology,  Gaithersburg,  MD  20899. 


ABSTRACT 

The  Israelachvili  surface  force  apparatus  has  been  used  extensively  over  the  past 
decade  to  make  detailed  measurements  of  surface  forces  and  adhesion  between  very 
smooth  solids  in  various  liquid  and  vapor  environments.  Most  of  those  measurements 
have  been  made  with  mica  surfaces,  but  we  have  recently  developed  a  method  of  preparing 
smooth  silica  surfaces  for  use  in  place  of  the  mica.  The  silica  surfaces  adhere  in  dry  and 
humid  atmospheres,  but  do  not  adhere  when  immersed  in  water. 

The  use  of  a  second  material  not  only  broadens  the  scope  of  the  Israelachvili 
technique,  but  also  enables  studies  of  forces  and  adhesion  between  dissimilar  materials. 
In  this  work,  we  present  the  results  of  measurements  of  adhesion  in  air  and  forces  in 
aqueous  solution  between  two  silica  surfaces;  we  also  report  preliminary  results  of  the 
adhesion  between  a  mica  surface  and  a  silica  surface. 


INTRODUCTION 

The  surface  forces  which  contribute  to  the  adhesion  between  materials  can  be 
investigated  in  detail  using  a  direct  measurement  apparatus  developed  by  Israelachvili  (1). 
By  measuring  the  force  as  a  function  of  surface  separation,  and  studying  Its  dependence 
on  various  conditions  such  as  surface  preparation  and  the  nature  of  the  medium  between 
the  surfaces,  It  Is  generally  possible  to  determine  the  origin  of  various  components  of  tlie 
force,  for  example  electrostatic  and  van  der  Waals  terms.  This  has  been  demonstrated 
very  clearly  and  comprehensively  by  a  range  of  measurements  made  with  the  Israelachvili 
apparatus  using  mica  surfaces  (2). 

The  inherent  smoothness  of  mica  makes  It  an  excellent  model  material  for  these 
studies,  and  we  have  now  teamed  a  great  deal  about  its  interactions  and  behavior  In 
various  environments,  but  clearly  it  would  be  highly  desirable  to  extend  these  techniques 
to  other  materials  of  greater  practical  Interest.  One  approach  to  this  goal  Is  to  coat  the 
mica  surfaces  with  other  materials  such  as  surfactants  (31,  polymers  (4)  and  thin  metal 
films  (5)i8l,  hopefully  maintaining  a  good  degree  of  smoothness  while  modifying  the 
surface  chemistry  and  consequent  surface  forces.  Another  is  to  replace  the  mica 
altogether.  With  the  IsraetBchvlII  technique,  the  requirements  for  alternative  materials 
are  that  they  be  transparent,  thin,  and  of  course  smooth.  Recently  ways  have  been  found 
to  prepare  two  Important  alternative  materials  In  suitable  form:  sapphire  (?)  and  silica  (ft). 
In  this  symposium,  Thakkar,  Ttrreil  and  David  (91  report  results  obtained  with  Pyre*  glass 
prepared  by  a  technique  similar  to  that  used  for  silica. 

In  this  report  we  present  measurements  of  the  adhesion  between  two  silica  surfaces 
in  air  measured  as  a  function  of  relative  humidity.  With  the  surfaces  immersed  in  aqueous 
electrolyte  solutions  we  find,  in  addition  to  classical  electrical  double-layer  forces,  o 
repulsion  at  short  range  which  prevents  the  surfaces  from  adhering. 

The  advent  of  alternative  substrates  to  mica  also  makes  it  possible  to  measure  surface 
forces  and  adhesion  between  dissimilar  materials.  Aside  from  obvious  practical 
applications,  we  believe  that  these  studies  will  aid  us  in  identifying  the  origin  and 
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importance  of  different  contributions  to  the  adhesion  (or  lack  of  it).  An  example  emerges 
in  the  final  set  of  data  which  we  present,  namely  the  first  measurements  of  adhesion 
between  silica  and  mica  in  dry  air. 


EXPERIMENTAL 


A  detailed  description  of  the  surface  force  apparatus  can  be  found  in  Ref.  1.  Briefly, 
two  thin  sheets  of  optically  transparent  material,  silvered  on  their  outer  faces,  are  formed 
into  cylindrical  form  by  bending  them  over  two  cylindrical  silica  lenses  and  gluing  them 
down.  The  cylinders  are  mounted  in  a  chamber  with  their  axes  crossed,  so  that  the 
surfaces  meet  at  a  point,  which  is  a  practical  geometry  from  the  experimental  viewpoint 
because  problems  of  parallelism  and  edge  effects  are  avoided.  Furthermore,  the 
Interpretation  of  the  forces  1$  less  difficult  than  one  might  suppose;  according  to  the 
Derjaguin  approximation,  the  force  F  between  gently  curved  cylindrical  surfaces,  divided 
by  their  radius  of  curvature  R,  is  2n  times  the  interaction  energy  per  unit  area  Ef  between 
corresponding  flat  surfaces  at  the  same  separation  D.  (This  is  included  on  the  right-hand 
axis  of  Figure  3.) 

The  two  silver  layers  on  the  outer  surfaces  form  an  optical  Interferometer,  whose 
thickness  can  be  determined  by  measuring  the  wavelengths  of  "fringes  of  equal  chromatic 
order"  (FECO)  transmitted  through  the  system  when  white  light  is  used  as  the  illumination 
source.  The  unusually  smooth  reflecting  surfaces,  coupled  with  multiple  beam 
Interference,  lead  to  a  precise  measurement  of  the  separation  between  the  Inner  surfaces 
(after  the  thickness  of  the  two  sheets  is  subtracted  from  the  total);  a  resolution  of  0.1  • 
0.2  nm  Is  achievable  In  practice. 

One  of  the  two  surfaces  is  mounted  on  a  cantilever  spring,  and  the  deflection  of  this 
spring  as  the  surfaces  are  moved  towards  each  other  Is  used  to  measure  the  force  between 
them.  Because  very  small  spring  deflections  can  be  detected,  correspondingly  small  forces 
can  be  measured  -  the  resolution  is  better  than  10'7  N. 


The  method  of  preparing  silica  In  a  form  sufficiently  thin  and  smooth  for  deployment 
in  the  (sraetachvUi  apparatus  is  to  melt  one  end  of  a  tube  of  high-purlty  silica  to  close  It, 
then  rapidly  blow  It  out  Into  a  large  bubble.  Thtkkar  et  a/.  (9)  employ  the  tame  technique 
In  their  study  of  Pyrex  glass.  Wall  thicknesses  down  to  a  few  micrometers  ere  readily 
prepared  In  this  way,  and  the  surface  Is  expected  to  be  smooth  since  It  Is  formed  by  rapid 
setting  of  a  liquid  under  tension.  Surface  profilomeuy  measurements  made  In  this 
laboratory  using  a  Talyetep  stylus  machine  confirm  this  |10|:  the  average  surface  roughness 
over  a  30  pm  trace  Is  less  than  0.5  run,  The  advancing  contact  angle  of  water  on  freshly- 
prepared  surface*  Is  about  45*,  Indicating  a  low  degree  of  hydroxylatlon  of  sitoxane  groups 
on  the  surface, 

Because  two  silica  sheets  prepared  In  this  manner  are  not  in  general  of  equal 
thickness,  the  computation  of  surface  separation  from  the  measured  wavelengths  of  fringes 
of  equal  chromatic  order  Is  more  complex  than  for  the  usual  symmetrical  Interferometer 
obtained  with  mica  sheets.  A  summary  of  that  computation  ts  given  below. 
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The  Three-Laver  Non-svmmetrlcal  Interferometer 

In  order  to  use  fringes  of  equal  chromatic  order  to  determine  the  separation  of  two 
surfaces  in  an  arbitrary  medium,  the  relationship  between  the  FECO  wavelengths  and  the 
surface  separation  must  be  known.  Consider  the  case  of  two  smooth  transparent 
substrates,  not  necessarily  of  the  same  material,  with  thicknesses  Y,  and  Y2  and  indices 
of  refraction  p,  and  separated  by  an  intervening  fluid  of  thickness  D  and  index  of 
refraction  u3.  If  this  general  three-layer  interferometer  is  taken  to  have  highly-reflecting 
films  on  the  two  outside  surfaces,  the  resulting  system  will  transmit  only  those 
wavelengths  which  meet  the  appropriate  Interference  condition.  Deriving  an  expression 
for  the  transmitted  wavelengths  as  a  function  of  Y,,  Y2  and  D  is  relatively  straightforward 
(11);  what  we  require  is  an  analytic  expression  for  D  as  a  function  of  the  transmitted 
wavelength.  Israelachviil  (12)  has  solved  this  problem  for  the  special  case  Y,=Y2  and 
p,=U2>  which  Is  typically  the  case  for  mica  experiments.  We  have  solved  the  problem  for 
the  more  general  situation  of  dissimilar  substrates,  allowing  for  the  fact  that  the  indices 
of  refraction  of  the  three  layers  are  in  general  functions  of  wavelength,  and  allowing  also 
for  the  correction  of  phase  shift  errors  introduced  by  the  hlgh'y-reflectlve  external 
coatings.  Details  of  the  calculation  are  given  elsewhere  (13). 

The  relationship  we  find  between  the  surface  separation  D  and  the  vacuum 
wavenumber  k«2n/X  Is  given  by 


(Pi  -  P2)sln(ka)  ♦  (p,  ♦  pj)sln(kE) 

Un(kpjD)  -  -  ,  (1) 

(p,p2  -  l)cos(kA)  -  (p,p2  ♦  l)cos(kE) 


where  E»p,Y>p2Y2  and  A«p,Y,-p2Y2  represent  respectively  the  sum  and  difference  of 
the  substrate  optical  thicknesses,  end  p,»u,/pj  (Ul,2).  If  the  two  substrates  are  of  the 
same  material  p)«p2«p),  but  ore  not  of  equal  thickness,  the  result  reduces  to 


2psln(kp,(Y,  *  Y2)) 

tan(kpjO)  ■  - - - -  .  (2) 

(p3  -  Mcoslkp,(Y,  -  Yj)|  -  (p!  ♦  l)cosikp,(Y,  ♦  Y2)l 


If  the  two  substrates  are  the  same  material  and  also  of  equal  thickness  (Y,«Y2«Y),  the 
result  reduces  further,  to  that  obtained  by  Uraelachvlli  (12): 


2psln(2k»i,Y) 

taalkpjD)  •  -  .  (3) 

(p3  -  1)  -  (p*  ♦  lkos(2kp,Y) 


The  procedures  for  calculating  Y„  Y2  and  D  from  observed  interference  fringe  positions 
have  been  developed  and  ere  also  reported  elsewhere  (13). 


RESULTS 


To  measure  the  strength  of  adhesion  between  two  silica  surfaces  in  both  dry  and 
humid  air,  silica  samples  were  prepared  and  mounted  in  the  surface  force  apparatus  using 
the  techniques  described  above.  They  were  then  brought  into  contact,  where  they 
spontaneously  flattened  over  a  contact  diameter  of  typically  50  -  100  pm  without  any 
externally-applied  load.  This  adhesive  flattening,  the  result  of  elastic  deformation  of  the 
glue  supporting  the  silica,  indicates  an  attractive  force  between  the  surfaces  comparable 
to  that  observed  with  mica  surfaces,  and  is  also  strong  evidence  that  the  silica  surfaces 
are  reasonably  smooth  at  the  atomic  level.  Rough  surfaces,  being  held  apart  by  asperities, 
are  not  able  to  come  into  intimate  enough  contact  for  the  short-range  forces  to  produce 
a  strong  adhesion. 

After  bringing  the  surfaces  Into  adhesive  contact,  the  pull-off  force  Fp  required  to 
separate  them  was  measured.  In  the  absence  of  a  condensed  meniscus  around  the  contact 
area  (l.e.,  for  dry  Nj  gas  or  air  at  0%  relative  humidity),  Fp  can  be  related  to  the  surface 
energy  of  the  solid,  yt,  using  the  theory  of  Johnson,  Kendall  and  Roberta  [14];  they  find 
that  Fp/R«3ny».  When  a  condensed  meniscus  is  present,  however,  the  contribution  to  the 
pull-off  force  from  that  meniscus  is  given  |15]  by  Fp/R-dnytCosO),  where  yl  is  the  surface 
tension  of  the  condensed  liquid  and  8  is  the  wetting  Bngle  of  the  liquid  on  the  surface. 
If  there  is  no  other  force  between  the  surfaces,  tho  surface  tension  term  is  the  only 
contribution  to  the  pull-off  force. 

The  observed  pull-off  forces  800 . . 

between  two  silica  surfaces,  normalized  r-1  r  '  »  1  1  r~  "g 

by  R,  are  shown  In  Figure  1  for  five  0  Q  _  '  80  'v 

values  of  relative  humidity.  With  the  ^  600  ^  n  o  f  1 

exception  of  the  peak  observed  at  50%  E  '  a  o  60  w 

relative  humidity  (RH),  the  data  are  ^  g  ip 

not  unlike  those  seen  with  mica  g  400  ^  0  So 

substrates  (16).  The  right  axis  is  w  -  40  S 

normalized  by  4nRcos(45*)  so  that  it  \  8 

represents  the  surface  tension  Yi  of  a  pT  200  - 

meniscus  of  water  If  one  Is  present  {the  "  * 

wetting  angle  of  water  on  these  silica  ^ 

substrates  was  observed  to  be  0  1 _ u__u_j=, _ o 

approximately  45*).  Note  that  tho  data  0  20  40  60  80  100 

for  high  RH  approach  the  correct  value  Relative  Humidity  (%) 

mj/m  for  the  surface  tension  of  ri?ur«  , .  ,^1-ot t  force  batwan  too  ailica 
water.  This  Implies  that  there  is  no  surface*  in  air  as  a  function  of  relative 

other  strong  attractive  Interaction  huaidity .  the  right  axle  ia  in  unita  of  tha 
.  .  ..  ,,,  .  .  surface  tension  of  a  condensed  eanlacua  with 

between  the  silica  surfaces  when  a  ,  wotting  angle  of  45* . 

macroscopic  meniscus  of  water  is 
present;  In  the  next  section  we  report 

measurements  of  the  forces  between  silica  surfaces  In  bulk  water  which  are  consistent 
with  this  conclusion.  It  is  however  possible  that  the  peak  observed  at  50%  RH  1$  the 
result  of  a  combination  of  solid -solid  attraction  and  surface  tension,  albeit  from  a 
relatively  small  meniscus. 


The  forces  measured  in  different  aqueous  concentrations  of  NaCl  are  shown  in  Figures 
2  and  3.  In  Figure  2  we  see  the  electrical  double-layer  forces  found  at  comparatively 
large  separations,  their  range  depending  on  electrolyte  concentration  as  expected  from 
Derjaguin-Landau-Verwey-Overbeek  (DLVO)  theory.  Numerical  solutions  of  the  Poisson- 
Boltzmann  equation  [17],  which  describes  the  electric  double  layer  repulsion,  are  also 
shown  for  the  appropriate  experimental  concentrations.  The  surface  potential  at  infinite 
separation  was  chosen  in  each  case  to  get  the  best  fit  to  the  data;  the  values  used,  in 
order  of  Increasing  concentration,  are  -40,  -32,  -28  and  -23  mV.  At  separations  greater 
than  3  nm  the  data  generally  lie  between  the  solutions  for  constant-charge  (solid  lines)  and 
constant-potential  (not  shown,  for  clarity)  boundary  conditions. 

DLVO  theory  predicts  that  at  short  range,  van  der  Waals  attraction  should  exceed  the 
double-layer  repulsion,  leading  to  an  adhesive  minimum  as  D  -♦  0.  However,  as  Figure  3 
shows,  in  the  case  of  silica  we  find  that  the  repulsion  continues  to  Increase  as  separation 
decreases:  over  and  above  the  double-layer  repulsion  there  is  an  additional,  short-range 
component  to  the  force,  which  we  ascribe  to  a  "hydration  repulsion"  akin  to  that  found 
between  hydrophilic  surfaces  such  as  mica  [18]  and  various  surfactant  and  lipid  layers 
[3][19l.  A  similar  force  was  observed  between  silica  surfaces  by  Rabinovich  et  al.  [20]  and 
Peschel  et  al.  [21]  using  different  apparatuses  to  measure  force  and  different  methods  to 
prepare  the  surfaces;  our  results  are  comparable  in  magnitude  to  these  earlier 
measurements.  We  observe  this  repulsion  even  with  pure  water,  which  from  analysis  of 
the  long-range  double-layer  force  was  found  to  have  an  ion  concentration  of  8x1  O'6  M. 
The  short-range  force  prevented  any  adhesion  betwoen  the  silica  sheets.  When  the 
surfaces  were  forced  together  under  a  large  load  (F/R  »  40  mN/m)  there  was  an  extremely 
steep  repulsion  (see  Fig.  3);  we  used  this  hard-wall  contact  position  to  define  our  "zero" 
of  separation. 

One  feature  of  the  silica  surface  Is  that  -  in  contrast  to  mica  -  It  can  readily  be 
modified  by  chemical  reaction,  allowing  us  to  explore  the  effect  of  surface  chemistry  on 
surface  forces.  As  a  simple  demonstration  of  this,  we  made  a  set  of  measurements  with 
silica  surfaces  which  had  been  exposed  for  10  minutes  to  ammonia  vapor.  It  was  found 


D  (nm)  D  (nm) 


Flour*  2.  The  repluaive  fore*  r  Matured  Figure  3.  Amplification  of  the 
between  silica  surfaces  ieaersed  in  eque-  data  of  Pig.  2  to  show  th*  forces 
out  NaCl  solutions  at  various  concentre-  it  short  range,  A  strong  short- 
tlons,  plotted  as  a  function  of  the  sur-  rang*  repulsion  was  observed  at 
face  separation  0.  The  solid  lines  are  all  concentrations  studied,  t.  is 
theoretical  fits  (se*  text).  defined  in  the  text. 
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that  the  double-layer  forces  were  considerably  stronger  than  those  seen  with  the  untreated 
surfaces,  with  potentials  of  -200  mV,  -165  mV,  -150  mV  and  -115  mV  for  NaCl 
concentrations  of  7x10"*  M  (pure  water),  2xl0'5  M,  1.2X10*4  M  and  1.1  xlO'3  M 
respectively.  The  short-range  repulsion  was  again  observed  at  all  NaCl  concentrations. 


Adhesion  Between  a  Silica  Surface  and  a  Mica  Surface 


In  addition  to  the  results  reported  above  for  a  pair  of  silica  substrates,  we  have  also 
made  preliminary  measurements  of  the  adhesion  in  air  between  a  silica  surface  and  a  mica 
surface.  In  dry  air  or  nitrogen,  we  observe  an  unusually  strong  time-  and  history- 
dependent  attractive  force  between  the  two  surfaces.  This  force  is  not  observed  when  the 
surfaces  first  approach  each  other,  but  is  seen  when  the  surfaces  are  separated. 

The  effect  is  illustrated  in  Figure 
4,  which  shows  the  profile  of  the 
surface  separation  determined  from 
analysis  of  the  Interference  fringes  (221 
before  (A),  during  (B)  and  after  being 
brought  into  contact  (C).  Note  that 
the  magnification  along  the  vertical 
axis  Is  approximately  10'3  times  that 
along  the  horizontal.  Curve  A  shows 
the  original,  undeformed  shape  of  the 
surfaces.  When  in  contact,  short-range 
adhesive  forces  pull  the  surfaces 
together,  and  a  hard-wall  repulsion 
causes  them  to  flatten  over  a  certain 
area  (Curve  B),  as  discussed  above 
(141(22).  After  separation,  we  observe 
a  very  marked  deformation  (C)  caused 
by  a  strong  attractive  force,  which 
evidently  has  a  long  range,  and  was  not 
present  on  the  initial  approach. 

We  attribute  this  post-contact  force  to  an  electrostatic  attraction  resulting  from 
charge  transferring  from  one  surface  to  the  other  when  they  are  in  contact.  At  this  stage 
wo  do  not  know  the  exact  mechanism,  but  evidence  in  support  of  this  Idea  comes  from  the 
observations  that  (a)  the  strength  of  the  attractive  force,  and  the  concomitant 
deformation,  decrease  with  Increasing  surface  separation,  (b)  both  of  these  diminish  with 
time  out  of  contact,  (c)  the  effect  is  not  seen  in  humid  air,  and  (d)  it  is  only  seen  with 
dissimilar  materials. 

The  phenomenon  Is  presumably  related  to  other  charging  effects  such  bs  static 
electricity  and  trlboelectricity.  In  the  present  context  It  contributes  a  large  term  to  tho 
adhesion  between  these  two  materials,  which  Is  significantly  stronger  than  that  seen 
between  two  sheets  of  the  same  material. 


Surface  Separation  D  (nm) 

Figure  «.  Surface  profilaa  for  the  silica- 
■ica  ayataa  recorded  (A)  bafora,  (B)  during, 
and  (C)  after  contact,  Note  tho  difference 
in  acale  of  '•'000  between  the  X  and  y  axes. 


CONCLUSIONS 

We  have  presented  data  obtained  using  the  israelachvlli  surface  force  apparatus  with 
silica  glass  surfaces.  In  air  the  adhesion  between  two  such  surfaces  Is  comparable  to  that 
between  mica  surfaces;  at  high  humidity  It  is  determined  by  die  surface  tension  of  a 
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condensed  water  capillary.  In  aqueous  solutions  there  is  no  adhesion,  the  surfaces  being 
kept  apart  by  a  hydration  repulsion. 

When  a  mica  surface  and  a  silica  surface  come  into  contact,  charge  transfers  from 
one  to  the  other  so  that  when  they  are  subsequently  separated  (in  dry  air)  there  is  a  very 
strong  electrostatic  attraction  between  them.  This  contributes  significantly  to  their 
adhesion.  It  may  be  that  similar  charge  transfer  effects  are  an  Important  factor  in 
determining  the  strength  of  other  interfaces  between  dissimilar  materials. 
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ABSTRACT 


The  contact  stresses  resulting  from  indentation  of  a  compliant  coating  on  a 
rigid  substrate  cause  debond  cracks  to  initiate  and  propagate  along  the 
interface.  The  indentation  debonding  behavior  of  four  polymer  coatings  on 
glass  substrates  is  investigated.  A  model  is  developed  for  calculating 
interfacial  fracture  energy  based  on  data  of  indenter  load  vs.  debond  crack 
sire.  Based  on  the  experimental  observations  and  the  data  for  the  four 
coating  systems,  the  limitations  of  the  model  are  discussed. 


INTRODUCTION 

An  indentation  based  adhesion  test  consists  of  loading  a  coated  surface 
with  an  indenter  such  as  a  ball  or  Vickers.  The  indenter  load  at  which 
debonding  initiates  is  a  measure  of  the  interfacial  strength  [1,2]  while  the 
debond  crack  sire  as  a  function  of  indenter  load  is  a  measure  of  interfacial 
fracture  energy  [3-5].  In  a  previous  paper  by  the  present  authors  an 
indentation  model  was  presented  for  calculating  interfacial  fracture  energy 
in  systems  consisting  of  a  compliant  coating  on  a  rigid  substrate  [5].  The 
purpose  of  this  paper  is  to  extend  our  previous  model  to  account  for  the 
possibility  of  coating  buckling  and  to  study  the  indentation  debonding 
behavior  of  four  different  polymer  coatings  on  glass  substrates. 

EXPERIMENTAL 

The  coating  materials  for  this  study  were  epoxy  (DGFBA  resin/polyamide 
hardener),  polyimide  (Dupont  Pyre-M.l.  RK-692),  epoxy  acrylate  (DeSoto  950- 
008)  and  urathana  acrylata  (DaSoto  950-133) .  The  substrates  were  soda-lime 
gless  plates.  Prior  to  deposition  of  the  coatings,  tha  substrates  were 

annealed  at  520°  C  for  24  hours  and  cleanad  in  an  ultrasonic  mtthanol  bath. 
Tht  coatings  wert  deposited  by  a  doctor  blade  technique.  Tha  epoxy  and  the 
two  acrylate  coatings  had  thicknesses  ranging  from  2d  to  200  pm  and  tha 
polyiaid*  coatings  had  thicknesses  less  then  20  urn. 

The  indentation  experiments  were  performed  with  a  Vicktrs  indanter. 

Tht  indenter  wae  attached  to  a  load  call  which  was  bolted  to  the  crosshead 
of  a  universal  tasting  machint.  The  specimens  were  pieced  with  the  coating 
side  up  on  tha  stage  of  an  inverted  microscope  that  was  positionad 
undtrneath  the  indenter.  This  permitted  in-situ  viewing  of  the  indentation- 
induced  debonding  through  the  backside  of  the  substrate.  To  obtain  data  on 
the  debond  crack  site  as  a  function  of  indenter  load,  tht  specimens  were 
loaded  with  a  croashtad  apead  of  0.5  sm/minutt  and  the  indentation  events 
were  recorded  with  a  vidto  camera  that  was  attaehtd  to  tha  microscopt. 

During  playback  of  tha  video  tapen  on  a  video  monitor,  the  debond  crack 
sites  were  measured  at  *  variety  of  indenter  loads. 


RESULTS  AND  DISCUSSION 

Figure  1  contains  micrographs  of  tha  initiation  and  growth  of  a  dtbond 
crack  in  a  91  pm  tpoxy  coating.  It  is  svident  that  tha  debond  crack  forms 
in  tn  annular  region  surrounding  the  contact  tone  and  extends  stably  during 
the  loading  portion  of  the  indentation  cycle.  This  type  of  behavior  is 
typical  of  epoxy  and  epoxy  acrylate  coatings.  In  thsse  coatings  the  debond 
crack  initiate*  prior  to  the  indenter  penetrating  tht  substrate  and  extends 
out  to  2  to  3  times  tha  contact  diameter.  It  should  be  noted  that  the 
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deformations  underneath  the  indenter  were  predominantly  plastic  and 
debonding  did  not  occur  underneath  the  indenter. 


Figure  1.  Micrographs  of  a  98  pa  epoxy  coating  being  subjected  to  Vickers 
indentation,  (a)  P  -  15  8,  (b)  P  -  30  H. 

Based  on  these  observations,  Fig.  2a  contains  a  schematic  of  the 
indentation-induced  debond  crack.  The  deband  crack  has  an  annular 
configuration  with  an  outer  radius  of  c  and  an  inner  radius  of  b.  This 
inner  radius  corresponds  to  the  half  diagonal  length  of  the  contact  cone 
between  the  indenter  and  the  coating.  The  portion  of  the  coating  within  the 
central  contact  cone  is  plastically  deformed  and  the  coating  thickness  is  h. 
To  obtain  an  txpcassion  for  the  strain  energy  release  rate  associated  with 
the  debond  crack,  the  debondtd  portion  of  the  coating  was  modelled  as  an 
annular  plata  with  plana  strass  conditions  in  tho  axial  direction  as  shown 
in  Fig.  2b.  The  stress  distribution  in  the  plate  waa  determined  by 


Figure  2(a).  Schematic  of  a  typical  d abend  crack;  (b)  schematic  of  the 
annular  plata  model. 

applying  the  tame'  equations  to  tha  plate  with  a  mo  displaeament  boundary 
condition  at  the  outer  edge  of  the  plate  (t*c)  and  a  fixed  radial  stress 
condition  at  the  inner  edge  of  tha  plate  (r*b) .  The  stresses  were 

integrated  over  the  volume  of  tha  plate  to  determine  the  strain  energy  in 
tha  plate.  Different let ion  of  the  strain  energy  with  respect  to  the  crack 
area  gave  an  expression  for  the  strain  energy  release  rate  (5); 


C- 


2(WJ)e^h 


U*»e2Cl-»)c^/bV2 


(1) 


13 


where  E  is  the  elastic  modulus  of  the  coating  and  v  is  Poissons  ratio.  Mote 
that  if  G  and  are  independent  of  crack  size,  Eg.  (1)  predicts  that  the 

ratio  of  the  crack  size  over  the  indenter  half  diagonal  length  will  be 
constant . 

In  reference  5  the  validity  of  the  above  analysis  was  confirmed  with 
finite  element  analysis.  The  finite  element  work  also  indicated  that  the 
mode  I  (opening)  and  mode  II  (shearing)  stress  intensity  factors  at  the 
crack  tip  were  approximately  equal.  Therefore  the  phase  angle,  defined  as 

tan’1 (Kjj/Kj) ,  was  between  45°  and  55°  depending  on  the  debond  crack  size. 

Due  to  the  constraint  imposed  by  the  surrounding  bonded  coating,  the 
debonded  portion  of  the  coating  is  in  a  state  of  biaxial  compression  and  as 
a  result,  buckling  is  possible.  Buckling  will  occur  if  the  radial 
compressive  stress  at  the  outer  edge  of  the  debonded  section,  cQ  is  greater 

than  a  critical  value,  ee<  From  the  Lame'  equations  [5],  oQ  is: 

«o  "  Jd^/tl+v+U-vXc/b)2)  (2) 

The  critical  buckling  stress  for  a  circular  plats  with  a  constraint  in  its 
center,  similar  to  the  constraint  provided  by  the  Indenter  is,  [ 6) i 

pc  -  3,«Eb2/(l-v2)c2  O) 

The  decrease  in  the  strsin  energy  in  the  debonded  portion  of  the  ooating  due 
to  buckling  can  be  determined  by  assuming  linear  post-buckling  behavior  in 
the  debonded  portion  of  the  coating  17] .  By  differentiating  the  change  in 
the  strain  energy  with  respect  crack  area  and  subtracting  it  from  Eq.  (1), 
the  following  equation  for  the  strain  energy  release  rate  in  the  buckled 
coatings  is  obtained: 

G-  [(oo-oc)  (doo/dc-doc/dc)i--(oe-ec)2(dx/dc))  (l-a)h/2c  (4) 

where  i  is  [c2b2(l+v)+c4(l-v)]/E(c2-b2) . 

To  determine  whether  buckling  occurred  in  the  epoxy  and  epoxy  acrylate 
coatings,  eQ  and  oc  were  estimated  using  Eqs.  (2)  and  (3).  E  was  assumed  to 

be  3.6  GPa  for  the  epoxy  coatings  and  1.54  GPa  for  the  epoxy  acrylate 
coatings,  v  for  both  materials  was  taken  to  be  0.38  and  b  and  orb  were 

determined  as  discussed  below.  It  was  found  that  o  was  always  less  than  e 

o  c 

and  thus,  buckling  is  not  likely  and  Eq.  (1)  can  be  used  to  calculate  G  for 
these  coatings. 

Figure  3  contains  a  plot  of  the  hardness  of  the  epoxy  coatings  as  a 
function  of  indenter  load  where  hardness  is  defined  as: 

H  -  P/2b2  (5) 

with  ?  being  the  indenter  load.  It  is  seen  that  the  hardness  of  the  epoxy 
coatings  to  good  approximation  is  independent  of  indenter  load  and  coating 
thickness  with  the  average  value  being  238  MPa.  Since  the  hardness  of  the 
coating  is  constant,  Eq.  (5)  can  be  used  to  replace  b  in  Eq.  (1)  with 
1/2 

(P/2H)  .  This  results  in  the  debond  crack  radius,  c  being  proportional 

to  the  indenter  load  to  the  1/2  power.  Figure  4  shows  a  plot  of  the 
measured  debond  crack  sizes  as  a  function  of  the  indenter  load  and  indicates 
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that  the  data  is  in  good  agreement  with  this  trend.  To  determine  it 

will  be  assumed  that  the  indenter  contact  pressure  is  constant  across  the 
contact  zone  and  equal  to  the  coating  hardness.  By  applying  the  Tresca 
yield  criteria  [1]  to  the  central  contact  zone,  it  can  be  shown  that  the 
radial  stress  a  ^  is  equal  to  the  yield  stress  of  the  material  in  uniaxial 


Figure  3.  Hardne.  •»  vs.  indenter  load  Figure  4.  Debond  crack  radius  vs. 

for  e;  u:y  coatings.  indenter  load  for  epoxy 

coatings. 

loading,  Y,  minus  the  vertical  stress  or  the  hardness.  If  the  hardness  of 
the  coating  is  taken  to  be  2.25Y  [lj,  is  then  .56H.  Thus: 


627(l-v2)H2h 


[l+vr4(l-v)Kc2/P]2 


(6) 


Values  of  the  interfacial  fracture  energy  for  each  data  point  in  Fig.  4  were 
calculated  with  Eq.  6.  For  all  thicknesses  the  elastic  modulus  of  the 
coatings  was  taken  to  be  3.6  GPa,  Poisson's  ratio  0.38,  and  the  coating 
hardness  238  MPa.  The  average  and  951  confidence  limits  of  the  interfacial 
fracture  values  for  each  thickness  are  shown  in  Fag.  5.  As  expected,  the 


Figure  5  Interfacial  fracture  energy  vs.  coating  thickness  for  epoxy 
coatings. 
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interfacial  fracture  energies  are  independent  of  coating  thickness  within 

2 

experimental  scatter  with  an  average  value  cf  25.2  (8.7)  J/m  .  For 
comparative  purposes/  four  point  flexure  and  double  cantilever  beam  tests 
ware  also  done  on  the  glasa/epoxy  system.  Kith  the  double  cantilever  beam 

test,  which  has  a  phase  angle  of  0°  (pure  tension),  Gc  was  8. 1(1. 7)  J/m3. 

with  the  four  point  flexure  tast,  which  has  a  phase  angle  of  41°,  Gc  was 
2 

15(0.4)  J/m  .  This  increase  in  measured  interfacial  fracture  energy  with 
increasing  phase  angle  is  similar  to  that  found  by  other  authors  [7). 

Figure  6  contains  a  plot  of  hardness  vs  indenter  load  for  49  and  106  pm 
enoxy  acrylate  coatings.  Unlike  the  epoxy  coatings,  the  hardness  of  the 
epoxy  acrylute  coatings  varies  with  both  indenter  load  and  coatiug 
thickness .  As  indicated  by  the  line  in  Fig.  6,  the  hardness  of  the  epoxy 

acrylate  coatings  can  be  approximated  by  functions  of  the  form  H  -  A  P1^3 
where  a  is  a  constant  which  depends  on  the  coating  thickness.  By 
1/3 

substituting  A  P  for  H  in  Eq.  (5)  and  using  Eq.  (5)  to  replace  b  in  Eq. 

(1) ,  the  following  equation  is  obtained  for  the  strain  energy  release  rate 
in  terms  of  debond  crack  length  and  indenter  load: 


2d-v‘)o^bh 


[l+vMU-viAcVP  ' 


Due  to  the  fact  that  the  hardness  of  the  epoxy  acrylate  coatings  increases 
with  increasing  indenter  loads,  the  assumption  of  a  constant  contact  stress 
across  the  contact  sone  is  not  valid;  however,  it  is  beliovsd  that  the 
stresses  at  the  outer  edge  of  the  contact  tone  are  still  independent  of  the 

indenter  load.  This  is  because  the  edge  of  the  contact  sone  is  at  the  edge 
of  the  plastic  sone  where  the  material  hes  just  begun  to  yield  and  thus  the 
plastic  strains  will  always  be  small.  The  stress  increase  which  accounts 
for  the  increasing  hardness  occurs  at  the  canter  of  the  contact  sone  where 
the  plastic  strain  continuously  increases.  Based  on  assumptions  that  G  and 
ocb  are  independent  of  indenter  load,  Eq.  (7)  predicts  that  the  debond  crack 

radius  will  be  proportion*1  to  the  indenter  load  to  the  1/3  power.  In  Fig. 

7  the  debond  crack  radius  vs  plotted  as  a  function  of  tha  indenter 


Figure  fi.  Hardness  vs.  indenter  load  Figure  7.  Oabond  crack  radius 
for  tpoxy  aery lata  coating*.  vs.  indent #r  load  for 

epoxy  acrylate  coatings. 


load.  It  is  seta  that  that*  is  moderately  good  agreement  between  the 
predicted  slope,  1/3  and  the  data.  However,  a  calculation  of  the 
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interfacial  fracture  energy  is  not  possible  due  to  the  lack  of  knowledge  of 

the  exact  value  of  c  .  . 

ro 

Figure  8  shows  the  initiation  and  growth  of  debond  a  crack  in  a  7 
pm  polyimide  coating.  The  behavior  seen  in  Fig.  8  is  typical  of  polyiitu.de 
and  urethane  acrylate  coatings.  It  is  seen  that  the  debond  crack  initiates 
during  the  loading  portion  of  the  indentation  cycle  but  with  further 
increases  of  the  indenter  load,  the  outer  radius  of  the  debond  crack  does 
not  become  much  larger  than  the  contact  radius.  As  a  result,  the  annular 
plate  model  cannot  be  applied  to  the  data  for  the  polyimide  and  urethane 
acrylate  coatings.  The  limited  debond  crack  growth  in  the  polyimide  and 
urethane  acrylate  coatings  is  due  to  the  debond  crack  initiating  after  the 
indenter  penetrates  into  the  substrate.  Once  the  indenter  has  penetrated 
into  the  substrate,  most  of  the  indenter  load  is  supported  by  the  substrate 
since  the  glass  substrate  is  more  than  an  order  of  magnitude  harder  than  the 
polymer  coatings.  Thus,  most  of  the  work  done  by  the  indentor  goes  into 
plastic  deformation  of  the  substrate  rather  than  debonding  of  the  coating. 


Figure  8.  Micrographs  of  a  7  pm  polyimide  coating  being  subjected  to 
Vickers  Indentation,  (a)  P  »  12  N,  (b)  P  -  25  N. 


In  summary,  it  has  been  shown  that  the  indentation  method  can  be  used 
to  determine  the  inttrftcial  fracture  energy  associated  with  polymer  coating 
systems  in  which  well  developed  debond  cracks  form  and  strain  hardening  of 
the  coating  does  not  occur.  Nell  developed  debond  cracks  form  in  systems 
where  debonding  occurs  prior  to  penetration  of  the  substrate  by  the 
indenter.  To  determine  the  interfacial  fracture  energy  in  systems  where 
strain  hardening  of  the  coating  occurs,  a  more  sophisticated  approach  to 
modelling  the  plestic  deformation  underneath  the  indenter  is  needed. 
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ABSTRACT 

An  experimental  approach  has  been  developed  using  a  single- fiber  pull¬ 
out  test  to  measure  intrinsic  interface  properties  for  ceramic  composites. 

The  properties  are  determined  from  a  pull-out,  force-displacement  curve, 
which  is  directly  related  to  reinforcement  toughening  via  fiber/matrj.x 
debonding  and  frictional  pull-out.  They  were  evaluated  for  a  model  -conwosite 
system  of  continuous  SIC  fibers  with  various  surface  treatments  in  a  boro- 
silicate  glass  matrix.  For  the  processing  conditions  used,  the  interface 
fracture  toughness  and  the  interface  frictional  shear  resistance  were  found 
to  be  1.0  ±  0.5  J/m2  and  3.3  +  0.6  MPa,  respectively,  for  as-received  fibers. 
Experiments  conducted  with  long  embedded  fiber  lengths  allowed  the  shear 
resistance  to  be  deconvolved  into  an  interface  friction  coefficient  of  0.05 
±  0.01  and  an  initial  fiber-clamping  pressure  of  65  ±  6  HPa.  Nitric  acid- 
washed  fibers  gave  an  increased  interface  toughness  of  3.6  i  0.1  J/m2  and 
friction  coefficient  of  0.08  ±  0.02,  but  nearly  the  same  initial  clamping 
pressure,  72  ±  12  HPa.  Calculations  of  the  clamping  pressure  from  the  fiber/ 
matrix  thermal  expansion  mismatch  and  from  stress  birefringence  measurements 
in  the  glass  were  In  general  agreement  with  this  value. 


INTRODUCTION 

Major  improvements  in  the  fracture  resistance  behavior  of  brittle  ceram¬ 
ics  have  been  mada  In  the  last  decade  by  developing  microstructures  which 
lead  to  the  phenomenon  of  crack  shielding.  In  such  systems,  elements  of  the 
microstructure  shield  the  crack  tip  from  the  applied  mechanical  load.  A 
notable  example  of  this  phenomenon  la  the  incorporation  of  ceramic  fibers  or 
whiskers  into  brittle  matrices  to  enhance  their  toughness  [l]-  Advantages  of 
relnforcemont  toughening  over  other  shielding  mechanisms  are  that  a  variety 
of  reinforcements  (fibers,  whiskers,  platelets,  etc.)  can  be  incorporated 
into  a  wide  range  of  host  materials,  directional  properties  can  be  obtained, 
and  toughening  increments  may  ba  retained  at  elevated  temperatures.  However, 
fundamental  understanding  of  reinforcement -toughening  mechanisms  has  yet  to 
be  established.  Furthermore ,  the  links  between  ceramic  processing,  toughen¬ 
ing  mechanisms,  and  structural  performance  are  equally  vague.  Such  under¬ 
standing  will  most  readily  be  attained  via  a  micromechanlcs  description  of 
reinforcement  toughening,  relating  microstructure  and  interfacial  properties 
to  processing  and  structural  performance. 

Tii*  toughening  attributes  that  fibers  produce  in  brittle  ceramics  arise 
from  several  phenomena,  which  ara  critically  dependent  on  the  properties  of 
the  flber/aatrlx  interface.  The  toughening  Increment  vis  fiber  bridging  is 
simply  the  product  of  the  volume  fraction  of  fibers,  Vt,  and  the  Integral  of 
the  force-displacement  curve  for  fiber  debonding  and  frictional  pull-out.  In 
terms  of  the  J - Integral  (2|,  this  toughening  Inc re want  is: 

JT  -  V,-Jt«)  dl,  (1) 

where  T(i)  is  the  force -displacement  relation  for  a  single-fiber  pull-out. 

The  important  parameters  for  fiber  toughening  lie  in  this  force-displacement 
relation.  These  parameters  are  amenable  to  direct  experimental  measurement 
via  a  single-fiber  pull-out  test.  This  test  was  initially  developed  for 
testing  polymeric  composites  (11,  but  is  now  widely  applied  to  all  composite 
materials.  Furthermore,  this  cast  provides  a  systematic  way  for 
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investigating  the  influence  of  fiber/matrix  materials’  properties  and 
processing  conditions  on  the  toughness  of  the  final  manufactured  composite. 


THEORY 


The  analysis  of  fiber  debonding  and  subsequent  frictional  pull-out  is 
treated  here  as  an  interfacial  fracture  problem  [4,5]  with  frictional  wake 
tractions  [6,7].  A  simplistic  analysis  [8],  i.e.,  one  with  no  Poisson's 
contractions,  is  illustrated  schematically  in  Fig.  1.  A  cylindrical  crack  of 
radius  R  (also  the  fiber  radius)  is  propagated  down  the  fiber/matrix 
Interface  as  a  pure  Mode  II  crack.  The  axial  stress  o  is  transferred  from 
the  fiber  to  the  matrix  along  the  flanks  of  the  debonded  crack  by  Interfacial 
friction.  The  differential  stress  transfer  with  axial  distance  z  is: 

do/dz  =  -2r/R,  (2) 

where  r  is  the  fractional  shear  stress  on  the  interface.  Assuming  a  Coulomb 
friction  law  for  r  with  a  friction  coefficient  of  m,  this  shear  stress  is: 

r  =  .  (3) 

where  orI  is  the  radial  matrix  (clamping)  stress.  With  no  Poisson’s  effects, 
otr  is  only  the  Initial  clamping  pressure,  q, ,  that  results  from  the  thermal 
expansion  mismatch  strains  that  occur  during  fabrication,  r  is  accordingly 
Independent  of  z,  so  that  the  axial  fiber  stress  decreases  linearly  In  t,  as 
depicted  in  Fig.  1,  as  this  stress  is  transferred  to  the  matrix. 

The  interface  is  presumed  to  be  cohesively  bonded  at  the  crack  tip. 
Accordingly,  the  axial  fiber  stress  does  not  fall  entirely  to  it*  average 
composite  value  of  ot  at  the  crack  tip,  but  rather  has  a  stress  discontinu¬ 
ity.  1  To  determine  the  magnitude  that  this  stress  discontinuity  can  reach 
before  equilibrium  crack  propagation  ensues,  we  use  a  strain-energy-release- 
rate  analysis  similar  to  that  of  Marshall  and  Oliver  [6]  and  Gao  at  al,  [7], 
We  first  calculate  the  elastic  strain  energy,  Us«.  the  external  work,  Wa|lt, 
and  the  frictional  work,  Wftlc,  and  then  differentiate  (UM  -  W,lt  +  W{llc) 
with  respect  to  crack  area,  2«Rc,  to  obtain  a  strain-energy- release  rate,  C. 
Equating  this  0  to  «  critical  Interface  toughness,  Gtl,  we  obtain  the 
following  relation  between  external  stress,  o,,  and  debond  crack  length,  c, 
for  equilibrium  crock  propagation: 

«,*«!+  2rc/Re, ,  (4) 

where  ea  ■  m/(m>f),  ■  >•  E^/E,  [the  ratio  of  the  Young’s  modulus  of  the  matrix 
to  that  of  the  fiber],  end  f  *  Vr/(1-V, )  [the  volume  fraction  ratio).  The 
“frlcttonless  debond"  ntress,  o, ,  is  related  the  interface  toughness,  Cu, 
through  the  relation:  o4  «  (4EtG|t/Rea)l/I . 

Eqn.  (4)  Is  effectively  a  fracture  resistance  curve  (R-curve)  for  th* 
Interfacial  fracture  problem.  Multiplying  Eqn.  (4)  by  |Rsa/4)l/l,  puta  It  In 
units  of  stress  intensity  factor:  s^Re^/4]1**  "  [EfC. ,)1'*  '.a  the  critical 
stress  intensity  factor  for  the  interface  and  rc/(Rsa)1'*  V.  the  rising  frac¬ 
ture  resistance  with  (track  extension  that  results  from  frictional  tractions 
across  the  crack  flanks.  When  Poisson's  effects  are  Included,  the  resulting 
contractions  reduce  the  radial  clamping  pressure  and  accordingly  the  crack 
length  over  which  frictional  shear  stresses  can  be  transferred.  This  phenom¬ 
enon  results  In  an  asymptotic,  or  etesdy-ststs  value  for  the  frseturs 


1.  A  rigorous  enslyeis  should  Include  the  crack-tip  stress  slnguierlty  and 
s  non- frictional  shear-stress  transfer  to  o(  beyond  the  crack  tip. 
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Fig.  1.  Schematic  drawing  of  a  simplistic  analysis  of  fiber  debonding  (i.e., 
one  with  no  Poisson's  contractions)  and  subsequent  frictional  fiber  pull-out: 
on  Interfaclal  fracture  problem  with  frictional  wake  tractions. 


resistance,  and  debond  atress.  An  analysis  that  Includes  fiber-debonding, 
frictional  pull-out,  and  Poisson's  contractions  Is  that  of  Gao  et  al.  [7], 
Although  their  treatment  is  a  plane-strain  approximation  to  the  exact 
problem,  It  Is  fully  analytical  and  expressed  in  tents  of  materials' ,  Inter¬ 
face  and  processing  parameters.  Their  generalisation  of  Eqn.  (A),  Is: 

a,  •  Oj  e" *  * 5  +  oO  -  •'*"*),  (3) 

where  A  la  a  reciprocal  length  giving  the  effective  frictional  shear-stress 
transfer  distance  and  5  is  the  asymptotic  pull-out  stress  for  long  crack 
lengths.  The  experimentally  determined  parameters  ol  ,  A,  and  a  are  related, 
respectively,  to  the  Interface  fracture  toughness,  Glt,  the  fiber-matrix 
friction  coefficient,  ft,  end  the  Initial  fiber-clamping  pressure,  q„,  by: 

o,  -  ((AEjCi.AMl^f/mWi-i^.J/U-akv^l/U-Jkv,))1'*  <6) 

A  ■  ipk/R  (7) 

5  -  ♦  <*/■)•  (v./vc))A  (8) 

where  k  ■  <mvt  ♦  fvB)/(m(l-t/()  ♦  1+v,  ♦  2f),  and  vm  and  vt  are  the  matrlji  and 
fiber  Poisson's  ratio,  respectively.  Those  results  reduce  to  the  simplistic 
analysis  of  Fig.  1.  when  v,  -  vt  «  0. 


d!  H T IV 4'.!*! liriMiV.f VTTITOTOUJ  Ml 


When  the  thermal  expansion  coefficient  of  the  matrix  Is  greater  than 
that  of  the  fibers,  the  matrix  contracts  on  the  fibers  upon  cooling  from  the 
fabrication  temperature.  The  residual  (biaxial)  clamping  pressure  on  the 
fiber,  q,,  that  results  from  a  cooling  differential  of  AT  Is  (9): 
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%  =  (Ef*<<*«  '  °£.)  +  EfrK.  '  afr)]*AT  (9) 

where  a.  Is  the  thermal  expansion  coefficient  of  the  matrix,  and  ait  and  a[c 
are,  respectively,  the  axial  and  transverse  thermal  expansion  coefficients  of 
the  fiber.  atl  and  atI  are  here  assumed  to  be  the  same.  The  effective 
elastic  moduli  Efa  and  E{1  are  given  by: 

Efi  3  E.k/[m+f  +  2kf(vf-v11)}  and  Eft  =  Ef ,  •  (nH-f)/(nu/f  +  fv.)  (10) 

where  the  parameters  m,  f,  and  k  are  defined  above. 


EXPERIMENTAL  PROCEDURE 


Specimens  for  the  single-fiber  pull-out  test  were  fabricated  from  SIC 
fibers  sandwiched  between  two  plates  of  borosllicate  glass.2  The  fibers  were 
first  degreased  by  washing  them  in  1,1,1-tri-chloroethelyne,  followed  by 
rinsing  them  in  acetone  and  then  ethanol.  The  sandwich  assembly  was 
diffusionally  bonded  by  hot  pressing  in  vacuo  at  a  temperature  of  725*0  and 
under  a  stress  of  3.4  MPa.  The  bonded  assembly  with  fiber  protruding  from 
both  ends  was  then  cut  to  give  two  specimens  of  different  embedded  fiber 
lengths.  To  enhance  fiber/matrix  bonding,  some  fibers  were  washed  with  a 
50  volt  nitric  acid  solution  following  the  degreasing  procedure  to  remove  the 
carbon- rich  surface  layers  (10). 

Fibers  were  pulled  from  the  matrix  using  an  universal  testing  machine 
with  a  5  kg  load  cell.  The  sample/grip  arrangement  is  shown  in  Fig.  2.  The 
crosshead  displacement  speed  was  1  cm/min,  a  rate  fast  enough  to  prevent 
environmentally  assisted  fracture,2  but  alow  enough  for  the  response  time  of 
the  strip-chart  recorder  and  the  load  cell.  Effects  of  the  testing  system's 
compliance  on  experimental  results  were  evaluated  and  found  to  be  negligible. 

A  principal  experimental  difficulty  in  many  fracture  mechanics  measure¬ 
ments  is  the  determination  of  the  crack  length.  This  difficulty  is  particu¬ 
larly  pronounced  for  the  fiber/matrix  debond  crack  due  to  its  3-dimensional 
nature.  A  simple  stratagem  was  used  in  the  current  experiments  to  resolve 
this  difficulty.  The  debond  crack  was  propagated  to  the  end  of  the  specimen, 
at  which  point  the  crack  length  is  known  explicitly,  namely  the  embedded 
fiber  length,  L.  See  Figs.  1  and  2.  Since  the  applied  stress,  ot ,  Increases 
with  crack  length,  c,  according  to  Eqn.  (S),  i.e.,  the  'rising  fracture 
resistance*  behavior  of  the  mlcromechanlc  pull-out  problem,  this  "break¬ 
through"  fracture  condition  corresponda  to  a  maximum  flber-dabond  strata,  at  : 

od  -  a,***'1-  ♦  a(l  -  #•“*•),  (11) 

After  "break-through',  the  interface  toughness  no  longer  contributes  to 
Eqn.  (11),  i.e.,  ol» 0,  and  the  applied  stress  drop*  to  that  of  the  uxlmum 
frictional  atreas,  ot  : 

ot  ■  5(1  •  o'4'*’).  (12) 

2.  The  SIC  fibers  (AVC0  SCS-6)  are  140  pa i  diameter  monofilaments  of  chemi¬ 
cally  vapor-dapoalted  SIC  on  a  carbon  core  end  have  two  carbon-rich  sur¬ 
face  layers.  The  matrix  matarial  is  Corning  borosllicate  glees  #7740. 
(Product  names  are  used  to  Identify  the  materials  used.  Such  identifi¬ 
cation  does  not  Imply  recommendation  or  endorssmant  by  NIST,  nor  does  it 
imply  that  they  are  the  beet  available  for  the  purpose.) 

3.  Studies  examining  effects  of  loading  rate  on  debond  stress  Indicate 

possible  environmental  influances  at  the  lowest  loading  rates  (S). 
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Fig.  2.  Schematic  diagram  of  the  single-fiber  pull-out  test  geometry. 


Accordingly,  by  using  specimens  of  varying  embedded  fiber  lengths,  empirical 
relations  can  be  developed  between  od  and  c=L,  and  between  ot  and  c»L.  The 
stress  drop  upon  "break-through"  is  an  accurate  way  to  determine,  alt  or  Gla : 

AO  =»  (od  -  Of)  »  Oje'*’1.  (13) 

Upon  continued  loading  after  the  stress  drop,  the  applied  stress  decreases 
linearly  to  zero  as  the  fiber  pulls  from  the  matrix. 


Clsaplng  PMiiurc. Induced 

Under  stress,  glass  becomes  optically  blrefrlngent.  This  stress- Induced 
retardation  of  light  travelling  through  glass  is  directly  proportional  to  the 
difference  In  principal  stresses,  (otr  -  eM),  through  the  stress  optical  law 

A  -  Ct(ett  -  att),  (14) 

where  A  is  the  relative  phase  shift  of  light  wave*  polarized  along  the  radial 
and  tangential  directions,  C  is  the  stress  optic  coefficient  for  the  materi¬ 
al,  and  t  Is  the  axial  specimen  thickness  (and  the  optic  path  length).  The 
principal  stress  difference  in  the  matrix,  (o,t  -  ott).  Is  related  to  the 
Initial  clamping  pressure  on  the  fiber,  q,,  by  the  elasticity  relation  [7] 

<ort  -  Of f )  -  2qa-(l+f)(RVr3),  (15) 

where  R  Is  the  fiber  radius,  r  Is  the  polar  coordinate  measured  from  the 
fiber  axis,  and  f  la  the  volume  fraction  ratio,  V(/(l-V().  Thus,  the  Initial 
clamping  pressure  Is  related  to  the  relative  phase  shift,  A,  by 

q,  -  A* (r/R)*/(2Ct(l+f) ) . 


(16) 
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In  the  current  3tudy  the  phase  shift  4  was  measured  by  the  Tardy  method  [11] 
using  a  polariscope  with  both  the  polarizer  and  analyzer  and  the  two  quarter- 
wave  plates  in  the  crossed  arrangement. 


RESULTS  AND  DISCUSSION 

The  maximum  debond  stress  and  the  maximum  frictional  stress  were  both 
measured  as  a  function  of  embedded  fiber  length.  The  results  are  presented 
in  Fig.  3  for  as-received  fibers  and  nitric  acid-washed  fibers  in  a  borosili- 
cate  glass  matrix.  For  each  fiber  treatment,  both  the  debond  and  frictional 
stress  data  show  an  initial  linear  behavior  and  then  turn  over  into  a  common 
asymptotic  stress,  a,  at  long  embedded  fiber  lengths.  The  debond  stress  is 
always  greater  than  the  frictional  stress  at  a  given  L.  In  the  linear  region 
of  the  debond  curve,  the  initial  gradient  is  equal  to  X(a  •  oi)  and  the 
stress-axis  intercept  is  the  frictionless  debond  stress,  a4 . 

The  od  and  at  data  for  each  fiber  treatment  were  fitted  simultaneously 
to  Eqns.  (11)  and  (12),  respectively,  using  a  non-linear  least  squares  analy¬ 
sis  to  determine  the  three  independent  parameters:  aL  ,  X,  and  a.  Since  the 
value  for  oi  was  typically  very  small,  this  simultaneous  fit  was  not  an  accu¬ 
rate  way  to  determine  ci  (i.e.,  this  procedure  occasionally  gave  a  negative 
value  for  cl ,  which  is  not  physical,  since  experimentally  the  stress  differ¬ 
ences  in  Eqn.  (13)  were  all  greater  than  or  equal  to  zero).  Accordingly, 
both_data  sets  were  Initially  fit  to  Eqn.  (12)  to  give  a  common  value  of  X 
and  a.  The  difference  between  the  debond  stress  and  the  frictional  stress  at 
each  value  of  L  vas  then  fit  to  Eqn.  (13)  with  the  known  value  of  X  to 
determine  ai .  The  values  for  the  parameters  thus  determined  are  given  in 


3 


2 


1 


0 

0  10  20  30  40  50  60 

Embedded  Length  (mm) 


Fig.  3.  Debond  stress  (circles)  and  maximum  frictional  stress  (triangles)  as 
a  function  of  embedded  fiber  length  for  as-reoeived  fibers  (open  symbole)  and 
nitric  aoid-waahed  fibera  (filled  symbols)  in  a  boroailicate  glass  matrix. 

The  solid  and  dashed  lines  are  graphs  of  Eqna.  (11)  and  (12),  respectively, 
with  the  parameters  oL  ,  X,  and  o  determined  from  the  least  squares  fit. 
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Table  I.  Single- fiber  pull-out  parameters  and  intrinsic  interface  properties 
of  a  SiC  fiber-reinforced,  borosilicate  glass  matrix  composite  system 


SINGLE-FIBER  PULL-OUT  PARAMETERS 

AND 

INTRINSIC  COMPOSITE  INTERFACE  PROPERTIES 

Surface  Treatment  of  SiC  Fiber 

As-Received 

Acid-Washed 

Frictionless  Debond  Stress ,  Oj  (MPa) 

149  ±  36 

285  ±  52 

Asymptotic  Pull-Out  Stress,  a  (GPa) 

2.9  ±  0.3 

3.3  ±  0.6 

Inverse  Stress  Transfer  Length,  X  (m‘ 1 ) 

31  ±5 

48  ±  12 

Interface  Toughness,  Gio  (J/ms) 

1.0  ±  0.5 

3.6  +  0.1 

Frictional  Shear  Resistance,  r  (MPa) 

3.3  ±  0.6 

5.5  ±  0.2 

*  Friction  Coefficient,  p 

0.05  ±  0.01 

0.08  ±  0.02 

*  Initial  Clamping  Pressure,  q0  (MPa) 

65  ±6 

72  ±  12 

Table  I  for  both  the  as-received  and  nitric  acid-washed  fibers.  The  error 
given  for  each  parameter  represents  only  that  error  resulting  from  the  least 
squares  fit.  The  intrinsic  interface  properties,  Gl0  ,  /i,  and  q0  ,  were  calcu¬ 
lated  from  these  parameters  using  Eqns.  (6),  (7),  and  (8),  respectively. 

These  results  are  also  given  in  Table  1.  Pull-out  measurements  at  long 
embedded  lengths  are  required  to  deconvolve  the  interfacial  shear  resistance, 
f,  into  its  components,  p  and  q0 .  However,  r  by  itself  can  be  determined 
from  the  initial  slope,  X«o,  of  the  frictional  pull-out  curve: 

r  =  pq0  =  <xSr/2)/[1  +  (f/m)(w./i/t>).  (17) 

The  initial  clamping  stress  on  the  fiber,  as  well  as  the  stress  distri¬ 
bution  in  the  matrix  away  from  the  interface,  can  be  independently  calculated 
from  the  known  processing  conditions.  Using  the  thermal  expansion  coeffi¬ 
cient  for  borosilicate  glass,  3.2  x  10'8/*C,  and  that  for  the  fiber  (manufac¬ 
turer's  data  sheet  [12]),  2.0  x  10‘*/*C,  q„  was  determined  to  be  47  MPa,  in 
good  general  agreement  with  the  value  determined  from  the  pull-out  experi¬ 
ments.  However,  using  the  axial  expansion  coefficient  of  2.63  x  10'V‘C 
measured  by  Goettler  and  Faber  [13],  this  value  drops  to  22  MPa. 

The  clamping  stress  can  also  be  measured  from  the  radial  stress  distri¬ 
bution  in  the  matrix  using  the  stress -induced  birefringence  properties  of 
borosilicate  glass.  This  was  done,  but  a  value  of  the  stress  optical  coeffi¬ 
cient,  C,  is  needed  to  calculate  q„.  Values  for  C  in  borosilicate  glass  have 
been  reported  in  the  range  of  1.6  to  2.91  TPa-1  [14],  Values  of  q0  deter¬ 
mined  from  this  range  of  values  are  16C  MPa  to  90  MPa  for  the  as-received 
fiber  composite.  These  values  are  higher  than  the  pull-out  results,  but  a 
final  comparison  awaits  an  experimental  determination  of  C  for  the  borosili¬ 
cate  glass  used  in  the  present  experiments.  These  measurements  are  underway. 

Comparing  the  results  of  the  as-received  and  nitric  acid-washed  fiber 
pull-out  teats,  we  observe  that  the  fiber/matrix  bond,  as  characterised  by 
the  Interface  toughness,  and  the  friction  coefficient  were  both  enhanced  by 
the  nitric  acid  treatment.  Little  change  was  observed  in  the  Initial  clamp¬ 
ing  pressure  within  the  estimated  errors.  The  acid  wash  facilitated  the 
removal  or  etching  of  the  outermost  carbon  layer(s)  of  the  SCS-6  fibers  [10]. 

These  layers  are  Important  in  two  ways:  as  an  Interlayer  to  prevent  strong 

fiber/glass  bonding  and  as  a  frictional  lubricant  at  the  Interface.  Thus,  ! 

removal  of  these  layers  would  cause  an  increase  in  both  the  Interface  bonding 

and  the  interface  friction.  The  initial  clamping  stress  is  only  dependent  on 

the  processing  temperature  and  difference  in  linear  expansion  coefficients 

between  the  fihar  and  matrix.  As  these  parameters  are  not  affected  by  the 

nitric  acid  wash,  no  change  is  expected  in  the  clamping  stress.  ■ 

j 

S 

i 
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CONCLUSIONS 

The  single-fiber  pull-out  test  is  an  excellent  technique  for  determining 
fundamental  interface  properties  and  pull-out  force/displacement  relations. 
Long  crack  lengths,  or  rather  long  embedded  fiber  lengths,  are  required  to 
deconvolute  the  interfacial  shear  resistance  into  a  coefficient  of  friction 
and  an  initial  fiber-clamping  stress.  The  interfacial  properties  measured  in 
this  study  for  a  model  SIC  fiber/boirosilicate  glass  system  are  of  similar 
magnitude  to  those  reported  by  othar  authors  working  on  similar  systems. 

The  initial  clamping  stress  on  the  fiber  is  amenable  to  determination  by 
three  different  techniques  which  yield  similar  results.  However,  the  stress 
birefringence  measurements  to  date  are  only  preliminary  results  and  await  an 
experimental  determination  of  the  stress  optical  coefficient. 

The  overall  experimental  procedure  provides  an  effective  way  to  deter¬ 
mine  micromechanical  properties  of  composite  Interfaces,  to  infer  composite 
toughening  increments  resulting  from  fiber  reinforcement,  and  to  monitor 
influences  of  processing  variations  on  composite  properties. 
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ABSTRACT 

In  situ  observations  of  fracture  mechanisms  and  crack  bridging  effects  in  model  copper-glass 
laminated  composites  are  described  and  compared  with  measured  resistance  curves, 

INTRODUCTION 

Toughening  of  brittle  materials  by  ductile  reinforcements  may  involve  either  crack  bridging 
or  process  zone  contributions.  However,  a  systematic  study  of  their  relative  effects,  and  of  the 
role  of  the  interfacial  bond  strength  in  a  geometry  conducive  to  accurate  analysis  is  lacking.  The 
current  investigation  was  initiated  to  address  this  deficiency  through  experiments  conducted 
with  model  copper/glass  laminate  composite  systems. 

The  steady-state  increase  in  toughness  dpb  due  to  crack  bridging  is: 

AGb  =  fJo(u)du  (1) 

where  o(u)  is  the  stress  in  the  metal  ligaments  between  the  crack  faces,  u  is  the  local  crack 
opening  displacement,  u*  is  the  maximum  plastic  stretch  of  the  metal  and  f  is  the  volume 
fraction  of  metal  ohase.  The  influence  of  the  metal/ceramic  imerfacinl  bond  strength  on  AGb 
has  been  analyzed  by  Mataga  [1].  For  well-bonded  ductile  ligaments,  the  high  degree  of  elastic 
constraint  exerted  by  the  uncracked  matrix  increases  the  peak  stress  above  the  uniaxial  flow 
stress  (Figure  l)  ( 1}.  However,  the  corresponding  small  amount  of  plastic  stretching  before 
rupture  restricts  the  overall  toughening.  Cfo  the  other  hand,  if  debonding  occurs  at  the 
metal/ccramic  interface  on  either  side  of  the  crack,  then  plastic  stretching  (i.c.  u*)  is  larger  but 
the  constraint  (and  hence  the  peak  stress)  is  smaller,  Consequently,  the  increase  in  toughness  is 
predicted  to  depend  on  the  extent  of  debonding  (1}  (Figure  2).  with  the  imerfacial 
characteristics  strongly  influencing  the  overall  mechanical  characteristics  of  the  composite. 

SPECIMEN  PREPARATION 

Copper/glass  composite  laminates  were  selected  as  the  model  system.  These  were  prepared 
by  diffusion  bonding  at  temperatures  ranging  from  450°  C,  to  70(r  C,  in  a  vacuum  of 
£.2  x  l O'6  Tore,  with  an  applied  pressure  of  2  MPa.  Copper  was  introduced  between  glass 
cover  slips  t  by  two  different  methods.  First,  thin  Films  (300-500  nm )  of  99.999%  pure 
copper  were  electron-beam  evaporated  on  both  sides  of  pre-cleaned  glass  cover  slips. 

Diffusion  bonding  occurred  between  mating  copper  surfaces,  resulting  ht  laminates  with 
approximately  1%,  by  volume,  of  metal.  In  the  second  technique,  sheets  of  copper-silver  alloy 
foil  t ,  nominally  35pm  thickness,  were  used.  In  this  case,  bonding  occurred  between  the  foil 
and  the  glass  surfaces,  resulting  in  a  composite  with  approximately  25%  metal 


♦The  composition  (wt  %)  of  the  glass  cover  slips  was:  64%  SiCh,  9%  BjOj,  7%  ZnO,  7%  KjO 
7%  NajO,  3%  T1O2  and  3%  AI2O3.  Tire  alloy  foil  contained  27.5%  Cu.  59.2%  Ag.  12%  In.  1.2% 
Ti.  and  <0.01%  Al.Ca.Fe.  Mr.  Ni,  Si  and  Mo. 
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Figure  I .  Effect  of  clastic  constraint  on  the  brtdpng  ligam^nstress/displacotjcnt 
relationship. Co  is  the  uniaxial  yield  stress.  R  the  ligament  radius,  and  d  the  tkhond  length. 
From  Ref.  1. 


Figure  2.  Etteaoftkbood»wsiwonthesieady’Staretougte»«s»flcte«e.tVoMRef.  I. 
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MECHANICAL  TESTING 

Each  laminate  was  machined  into  a  compact  tension  (C(T))  specimen  with  geometry 
specified  by  A  STM  E  399  -  83,  and  a  final  prenotch  width  of  -200  microns.  The  C(T) 
specimens  were  tested  under  displacement  control  in  a  fixture  which  permitted  high 
magnification  optical  monitoring  of  the  crack.  During  a  typical  test,  the  specimen  was 
completely  unloaded  after  initial,  stable,  crack  pop- in  from  the  notch  root.  The  specimen  was 
then  reloaded  to  failure,  with  the  crack  growing  stably  with  increasing  displacement  of  the 
loading  points.  After  final  fracture,  the  fracture  surfaces  were  examined  in  a  scanning  electron 
microscope. 

EXPERIMENTAL  RESULTS 

Capust  ElmLaminaics 

An  example  of  the  fracture  resistance  (R-curve)  measured  for  a  C(T)  specimen,  comprising 
5  glass  and  4  copper  film  layers  diffusion  bonded  at  550°  C,  is  shown  in  Figure  3.  The  fracture 
resistance,  Kr,  increased  from  0.4  MPa.m1''2  to  a  ncar-steady-state  value  of  -0.8  MPa.m1''2 
over  an  increment  of  crack  growth  of  approximately  3  mm.  Scanning  electron  microscopy  of 
the  fracture  surfaces  revealed  that  the  copper  had  locally  debonded  and  plastically  deformed  to  a 
knife  edge  (Figure  4).  The  plastic  stretch  of  the  copper  was  1-2  pm,  approximately  the  same 
as  the  film  thickness.  The  debonding  that  governs  the  plastic  stretch  is  influenced  by  the 
interfacial  fracture  energy.  One  method  of  raising  the  interfacial  fracture  energy  is  to  increase 
the  roughness  of  the  interface  (2].  Preliminary  results  suggest  that  this  may  be  accomplished 
by  diffusion  bonding  above  the  annealing  point  of  the  glass  (-550°  C).  The  scanning  electron 
micrograph  of  Figure  5  from  a  debonded  region  of  a  laminate  specimen  diffusion  bonded  at 
600°  C  confirmed  close  contact  between  the  copper  film  and  the  glass,  with  the  glass  surface 
adjacent  to  the  copper  deforming  during  diffusion  bonding  to  conform  to  the  grain  boundary 
grooves  of  the  copper. 
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Figure  3.  R-curve  measured  from  a  copper  film  laminate  C(T)  specimen 
diffusion  bonded  at  550°  C. 


Figure  5.  Interfacial  morphology  in  a  laminate  diffusion  bonded  at  600°  C:  outer  glass  sheet 
removed  and  the  copper  film  (left)  peeled  away  to  expose  the  debonded  glass  surface  (right). 


Capper  Alloy  Foil,  Laminates 

The  copper  foil  C(T)  specimens  revealed  a  different  fracture  mode,  Multiple  crack:- 
nucleated  from  both  the  root  of  the  prenotch,  and  the  sides  of  cracks  that  formed  during  the 
test,  with  initial  trajectories  inclined  to  the  prenotch  crack  plane.  After  some  extension,  these 
multiple  cracks  became  oriented  parallel  each  other,  and  to  the  prenotch  crack  plane  (Figure  6). 
Although  the  existence  of  parallel,  multiple  cracks  precluded  the  measurement  of  a  meaningful 
fracture  energy,  it  is  possible  to  estimate  a  "nominal"  toughness  oi'  approximately  12 
MPa.m1^,  based  on  the  length  of  the  leading  crack.  This  value  indicates  substantial 
toughening. 


Figure  6.  In  situ  optical  micrographs  from  a  copper  foil  laminate,  viewed  through  the  outer 
glass  sheet  and  focused  on  the  interface.  The  root  of  the  prenotch  is  to  the  left  erf  the  field  of 
view. 


Debonding  is  also  apparent  along  die  metal-ceramic  interface  on  both  sides  of  the  cracks, 
with  debond  lengths  of  up  to  3-4  times  the  foil  thicknesses  (Fig.  6).  The  width  of  the  debonded 
zone  at  the  root  of  the  prenotch  continued  to  increase  during  the  test,  indicating  that  the  crack 
remained  completely  bridged  by  the  foil.  In  contrast  to  this  extensive  wake  debonding,  no 
dehonding  was  observed  ahead  of  the  crack  tip.  Plastic  deformation  of  the  copper  alloy  foil 
within  the  bridged  zone  was  observed  (Figure  7)  with  failure  occurring  by  microvoid 
coalescence. 


Figure  7.  Scanning  electron  micrograph  of  the  fracture  surface  of  the  foil  laminate  CfD 
specimen.  Dcbooaing,  pittite  stretching  and  failure  of  the  foil  by  miaovoid  coalescence  are 
evident. 
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The  existence  of  crack  bridging  ligaments  modifies  the  opening  displacements  within  the 
ciack.  Recent  analysis  has  shown  that  it  is  possible  to  use  high-accuracy  measurements  of 
crack  profiles  to  determine  the  stress-displacement  relationship  for  the  bridging  ligaments  [3]. 
Preliminary  measurements  of  the  opening  profile  of  a  bridged  crack  in  the  copper  foil  laminate 
are  shown  in  Figure  8.  The  effect  of  crack  bridging  is  clearly  evident  as  a  zone  of  reduced 
crack  opening  within  approximately  2.5  mm  of  the  crack  tip.  At  point  A  in  Fig.  8  the  crack 
opening  is  ~8|im  (u/R-  0.3)  and  the  length  of  the  interfacial  debond,  d,  is  -  80pm  (d/R  -2). 


Figure  8.  Crack  opening  displacements  of  a  bridged  crack  in  a  copper  foil  C(T)  laminate. 


DISCUSSION  AND  CONCLUSIONS: 

In  both  of  the  copper/glass  model  laminate  composites,  substantial  toughening  was 
observed.  However,  the  fracture  modes  differed:  in  the  film  system,  failure  involved 
propagation  of  a  single  crack,  whereas  in  the  foil  system,  multiple  cracking  occurred.  Direct 
observations  confirmed  that  debonding  occurred  in  both  systems.  However,  in  the  copper  foil 
system,  where  debonding  could  be  readily  observed  is  situ,  significant  debonding  occurred 
only  in  the  crack  wake,  with  debond  lengths  of  up  to  3-4  times  the  foil  thickness.  Preliminary 
measurements  of  the  opening  profile  of  the  bridged  crack  in  die  copper  foil  system  show  the 
greatest  effects  of  bridging  at  crack  openings  up  to- u/R  -  0.3,  corresponding  approximately 
to  the  expected  position  of  the  peak  in  the  stress-displacement  relationship  for  the  bridging 
ligaments  (Fig.  1).  Thus,  crack  opening  measurements  provide  valuable  insight  into  the 
distribution  of  bridging  tractions  within  die  crack.  Similar,  higher  accuracy  measurements  of 
bridged  crack  profiles  in  these  and  other  metal-reinforced  ceramic  composites  are  the  subject  of 
ongoing  research. 

Comparison  of  the  observed  toughness  increases  with  those  predicted  from  preliminary 
calculations  of  crack  bridging  is  possible.  If  the  o(u)  relation  of  the  copper  is  approximated  as 
being  perfectly  plastic,  with  yield  stress  Co  and  rupture  stretch  u*,  then  the  increase  in  fracture 
energy  is  (Eq.  1), 


AGj,  -  f  o0  u* 


(2) 


With  o0  taken  as  the  uniaxial  ultimate  stress  (-203  MPa),  and  u*  measured  from  the  fracture 
surfaces,  increases  in  toughnesses  of-  5  -  8  j/m2  and  -1750  J/m2  were  obtained  from  Eq.  2 
for  the  copper  film  and  copper  foil  laminates,  respectively.  With  a  composite  modulus,  E, 
calculated  by  rule-of-mixtures,  these  fracture  energies  can  be  expressed  in  terms  of  critical 
stress  intensity  factors: 

G0  +  AGb  *  (Ko  +  AKb)2  /  E 


(3) 


where  Go  is  the  fracture  energy  of  unreinforced  glass,  Kp  is  the  critical  stress  intensity  factor 
for  unreinforced  glass,  and.AKb  is  the  increase  in  stress  intensity  factor  due  to  crack  bridging. 
With  the  fracture  energy  of  unreinforced  glass  ~  3  -  4  (0.5  MPa.m'^i.the  toughness 

increases  become  AKfe  ~  0.1  -  0.3  MPa.m1^  and  ~  1 1  MPa.m’^  for  the  copper  film  and 
copper  foil  laminates  respectively.  These  values  are  consistent  with  the  observed  increases  in 
toughness. 
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ABSTRACT 

The  effects  of  reinforcement  debonding  and  work  hardening  on  ductile 
reinforcement  toughening  of  y-TiAl  have  been  examined.  Deboncung  has  been 
varied  by  either  the  development  of  a  brittle  reaction  product  layer  or  by 
depositing  a  thin  oxide  coating  between  the  reinforcement  and  matrix.  The  role  of 
work  hardening  has  been  explored  by  comparing  Nb  reinforcements  that  exhibits 
high  work  hardening  with  solution  hardened  Ti-Nb  alloy  that  exhibits  negligible 
work  hardening.  It  is  demonstrated  that  a  high  work  of  rupture  is  encouraged  by 
extensive  debonding  when  the  reinforcement  exhibits  high  work  hardening. 
Conversely,  debonding  is  not  beneficial  when  the  reinforcement  exhibits  low 
work  hardening. 

INTRODUCTION 

Substantial  toughening  of  intemetallics  and  ceramics  by  ductile 
reinforcements  has  been  established. n  has  also  been  demonstrated  that  the 
toughening  due  to  bridging.  AQo  has  a  steady-state  magnitude  given  by6>7; 

A£  -  a, (Rx  (1) 

where  c0  is  the  uniaxial  yield  strength,  f  is  the  area  fraction  of  reinforcements,  2R 
is  the  reinforcement  thickness  and  x  is  *  work  of  rupture  parameter  that  can  vary 
between  - 1/2  and  -  6,  depending  upon  the  extent  of  interface  debonding  and  the 
reinforcement  work  hardening.  Furthermore,  the  magnitude  of  %  1$  reflected 
in  the  non-dimensional  stress-stretch  relationship 


X  -  J(a/o0)(ia 

o  (2) 

where,  a  -  u/R,  with  u  being  the  crack  opening  displacement  and  a*  is  the  value 
of  a  at  the  rupture  displacement,  u*.  The  principal  intent  of  the  present  study  is 
to  examine  the  specific,  yet  coupled,  effects  of  debonding  and  work  hardening  on 
X,  including  die  role  of  the  Intenace/coating  properties. 

The  systems  selected  for  investigation  consist  of  y-TiAl  reinforced  with  Nb  and 
Ti-Nb  alloys.  These  systems  have  been  demonstrated  to  exhibit  appreciable 
toughening  In  composite  form  and  also  are  susceptible  to  interface  debonding 
when  a  brittle  reaction  product  (e.g.,  a  phase)  forms  between  the  reinforcement 
and  the  matrix.3  Furthermore,  extremes  of  work  hardening  behavior,  as  well  as  a 
substantial  range  of  flow  strength,  are  accessible  in  this  system.3 

Tests  that  reflect  toughening  characteristics  may  be  conducted  using  either 
composite  cylinders**3  or  laminates^*1*  (Fig.  1).  Test  specimens  are  more  readily 
produced  for  the  Utter  geometry,  by  direct  diffusion  bonding.  Furthermore,  this 
geometry  is  typical  of  that  used  for  ductile  phase  reinforced  intermctalllcs.* 
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Consequently,  a  test  procedure  based  on  a  plane  strain  laminate  geometry  (Fig  1)  is 
devised  and  used  to  evaluate  the  toughening  potential,  based  on  Eqn.  (2). 

The  degree  of  debonding  can  be  independently  varied  by  introducing  a  non¬ 
reactive  coating  between  the  matrix  and  the  reinforcement.  For  this  purpose,  the 
potential  for  thin  oxide  coatings  is  given  explicit  consideration,  with  the  extent  of 
debonding  assessed  in  terms  of  the  fracture  properties  of  the  oxide  material. 


Matrix  plates  (1.5  mm  thickness)  of  TiAl  (Ti-50.5  »t%AI)  have  been  prepared 
from  HIPea  and  forged  billets  by  electro-discharge  machining  (EDM),  followed  by  a 
homogenization  heat  treatment  at  1000*0  for  20  hrs.  The  resultant  microstructure 
consists  of  predominantly  equiaxed  grains  of  yTLAl  (grain  size  100  tm)  with  small 
amounts  of  cn  in  a  (aj  +  y Math  structure.  Thin  reinforcement  plates  (from  0.12 
to  0.17  mm  thickness)  of  either  pure  Nb  or  Ti-33  at%Nb  produced  by  hot  rolling 
have  been  annealed  in  vacuum  at  1066°C  for  4  h.  This  material  consists  of  single- 

Ehase  /)  with  equiaxed  grains.  Some  of  the  reinforcement  plates  are  coated  on 
oth  sides  with  -  2  pm  of  either  AI2O3  or  ¥203.  The  coatings  are  produced  by 
physical  vapor  deposition. 

Laminates  suitable  for  testing  (Fig.  1)  are  produced  by  diffusion  bonding.  To 
achieve  representative  microstructures,  the  TiAl  plates  are  carefully  polished  to 

Erovide  good  planarity  and  inserted  into  a  bonding  fixture.  The  diffusion  bonding 
i  carried  in  vacuum  at  1066*C  for  times  varying  between  1  hr.  for  the  Ti-Nb  alloys 
to  4  hrs.  for  the  pure  Nb. 
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MICROSTRUCTURES 

The  bonded  laminates  have  been  investigated  by  both  scanning  (SFM)  and 
transmission  (TEM)  electron  microscopy  on  sections  normal  to  the  interface. 
Analytical  electron  microscopy  has  indicated  the  following  general  features.  In  the 
absence  of  oxide  coatings,  both  SEM  and  TEM  investigation  showed  that  the  Kb 
reacts  with  the  TiAl  to  form  T2  and  <r  intermediate  phases^;  whereas  Ti-33%Nb 
produces  02,  and  a  duplex  a /p  layeA  Coatings  of  Y2O3  are  found  to  be  essentially 
inert  and  also  prevent  the  formation  of  reaction  products  between  the 
reinforcements  and  the  matrix!!  . 

The  AI2O3  coating  was  subject  to  extensive  reaction  with  the  Ti-Nb 
reinforcement  and  fully  reacted  during  diffusion  bonding  to  form  a  complex 
multiphase  reaction  product  zone!!.  These  specimens  were  not  subjected  to 
mechanical  testing.  Conversely,  little  reaction  occurred  upon  bonding  with  the 
Nb  reinforcement^  1.  The  incidence  of  reactions  in  the  presence  of  AI2O3  is 
consistent  with  previous  studies,  which  have  revealed  that  high  purity  Nb  bonds 
to  AI2O3  without  reaction  product  formation,!  2  whereas  Ti  reacts  with  AI2O3  to 
form  a  multiphase  Ti  aluminide  layer.!  3 

MECHANICAL  PROPERTIES. 

The  mechanical  properties  of  the  laminates  were  evaluated  by  conducting 
uniaxial  tensile  tests,  using  the  geometry  indicated  on  Fig.  1.  Symmetric 
precracking  of  the  TiAl  outer  layers  prior  to  tensile  testing  was  an  essential  feature 
of  the  experiment.  Some  tests  were  conducted  in  a  lervohydr&ulie  machine  with 
displacements  monitored  from  an  axial  extensometer.  Other  tests  were  conducted 
in  situ  in  the  scanning  electron  microscope.  Test,  were  alio  conducted  on  the 
reinforcements,  without  bonding  to  the  TiAl.  Tensile  stress/stretch  characteristic 
obtained  on  the  unbonded  Nb  and  Ti-Nb  reinforcements  confirm  previous 
studies^*!!  which  revealed  that  appreciable  work  hardening  occurs  in  the  Nb,  but 
that  Ti-Nb  has  a  low  work  hardening  anti  exhibits  early  plastic  instability.  The 
yield  stress  is  430  MPa  for  Ti-Nb  and  140  MPa  for  Nb.  Tests  on  laminates  indicate 
marked  differences  in  behavior  between  the  Nb  and  Ti-33  at%Nb  reinforcements 
and  between  specimens  with  and  without  oxide  coatings,  (Figs  2,3). 

The  presence  of  oxide  coatings  encouraged  extensive  debonding,  which 
initiated  with  minimal  plastic  deformation  of  the  reinforcement  at  stresses  of  the 
order  of  the  uniaxial  yield  strength  Oo  .  The  debonding  occurred  primarily 
between  the  oxide  and  the  reinforcement.  Detailed  investigation!!  revealed  that 
the  debond  lengths,  d,  for  the  Nb  reinforcements  coated  with  either  Y2O3  or  AI2O3 
were  substantially  larger  than  these  for  uncoateti  reinforcements.  The  largest 
debonds  occurred  for  Y2O3,  d  -  »R,  while  the  Ab03  coating  gave,  d  -  7-10R, 
and  the  uncoated  reinforcements  gave,  d  «  SR.  Furthermore,  for  oxide  coated  Nb 
reinforcements,  the  rupture  stretch,  u*,  is  found  to  be  proportional  to  the  debond 
length,  d.  Accordingly,  the  work  of  supture  %  Is  largest  with  Y2O3  coatings  (x  "  8) 
ana  of  intermediate  magnitude  for  A12O3  coatings  (x  -  4),  such  that  X  exhibits  a 
linear  dependence  <  n  either  d/R  (Fig.  4)  or  u*/R. 

In  the  absence  of  oxide  coatings,  the  behavior  has  similar  features  ti)  ‘hat  noted 
in  previous  studtas  on  composite  cylinders^  and  on  actual  composites.*'*  Notably, 
the  or  phase  that  forms  with  the  Nb  behaves  as  a  debond  layer,  and  debonding 
extends  primarily  in  the  brittle  0  phase.  Necking  then  initiates  and  rupture  occurs 
at  a  stretch  u  >-  2R,  such  that  the  work  of  rupture  is  of  intermediate  magnitude, 
X  *>  15.  Consequently,  it  is  apparent  that  the  a  phase  is  not  as  effective  a  debond 
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Fig  2:.  Tensile  stress-stretch  curves  for  the  TiAl/Nb  laminates. 


Fig  3:  Tensile  stress-stretch  curves  for  the  TiAl/Ti-Nb  laminates. 


Fig  4:.  Trend  in  the  work  of  rupture  %  with  the  debond  length 
d/R,  for  Nb  reinforcements. 


medium  as  either  the  Y2O3  or  AI2O3  coatings.  The  Ti-33  at%Nb  reinforcement 
does  not  form  a  brittle  reaction  product.^  However,  the  present  observations 
indicate  that  the  TiAl  matrix  can  crack  parallel  to  the  interface.  Such  cracks  inhibit 
the  development  of  full  constraint  and  apparently  encourage  the  formation  of 
shear  bands  that  lead  to  reinforcement  rupture.  The  work  of  rupture  %  «  1.5  is 
comparable  than  that  apparent  when  the  Y2O3  coating  is  used,  although  some 
constraint  (<r  ~  2ob)  develops  before  the  matrix  cracks  nucleate. 

IMPLICATIONS 

Debonding 

Debonding  in  ductile  reinforcement  toughened  intermetallics  is  strongly 
influenced  by  the  fracture  properties  of  the  phases  that  exist  between  the 
reinforcement  and  the  matrix.  The  fracture  energies  of  some  of  the  interfacial 
layers  have  been  measured  using  the  UCSB  flexural  test1 3.  Tests  conducted  on 
specimens  with  Y2O3  coatings  gave  H  -  25  Jm~2,  with  crack  propagation 
occurring  primarily  between  the  Y2O3  and  the  reinforcement11.  This  value  is 
typical  of  me  fracture  energy  found  for  polycrystalline  oxides.  Tests  conducted  on 
the  TiAl/Nb  specimens  with  a  a  reaction  product  phase  gave  Fj  »  45  Jm~2,  with 
crack  growth  occurring  primarily  within  the  a  phase11. 

Oxide  coatings  that  have  a  small  fracture  energy  (T|  *  25  Jm-2  for  Y2O3) 
debond  extensively  prior  to  significant  plastic  deformation  of  the  reinforcement. 
Simple  elastic  calculations  would  sugg  t  steady-state  energy  release  rates1 4  and 
predict  unlimited  symmetric  debonding  at  a  critical  stress.  In  practice,  the  debond 
is  found  to  arrest.  The  actual  extent  of  debonding  is  thus  influenced  by  other 
factors,  such  as  frictional  sliding  and  bridging  ligaments  along  the  debond  surface. 
Additionally,  the  somewhat  larger  debond  resistance  of  the  o-phase  (r  »  45  Jm-2) 
is  apparently  sufficient  to  substantially  stabilize  the  debonding.  Finally,  it  is  noted 
that  matrix  cracking  is  possible  with  high  strength  Ti-Nb  reinforcements.  This 
occurs,  albeit  erratically,  subject  to  a  fracture  energy4,  T  «  200  Jm'2. 

lOUgheping 

The  present  experiments  provide  a  definite  rationale  for  the  attainment  of  an 
optimum  steady-state  toughness,  as  manifest  in  the  work  of  rupture,  %■  The 
largest  values  of  x  8)  occur  for  reinforcements  that  work  harden  substantially 
and  for  interfaces  that  debond  readily.  The  work  hardening  coefficient  applicable 
to  Nb  (n  ■  0.3)  couvled  with  an  interface  fracture  energy  typical  of  that  for  oxides, 
<r|  -  25  Jm”2)  satisfies  these  requirements.  Conversely,  a  fracture  energy 
applicable  to  the  o-phase  reaction  product  (Tj  -  45  Jm”2)  is  apparently  too  large  to 
allow  the  requisite  debonding. 

The  behavior  typified  by  the  Ti-Nb  reinforcement  provides  an  important 
contrast.  This  reinforcement  gives  a  desirably  large  work  of  rupture  without 
debonding.  Seemingly,  in  this  case,  when  aebond  cracking  of  the  matrix  is 
suppressed,  moderate  constraint  accompanied  by  appreciable  plastic  dissipation 
within  shear  bands  is  possible. 

To  further  comprehend  the  significance  of  the  above  results,  an  important 
duality  in  behavior  is  noted,  based  on  related  research1**.  The  work  of  rupture 
provided  by  the  coated  Nb  reinforcements  can  only  be  partially  utilized  to  give 
composite  toughness.  This  limitation  arises  because  of  resistance  curve  and  large 
scale  bridgjng  issues,  which  become  accentuated  as  the  debond  length 
increases.1*1'5  Consequently,  strictly  on  the  basis  of  toughness,  the  Ti-Nb 
reinforcements,  which  do  not  aebond  and  have  a  high  yield  stress,  are  superior. 
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However,  the  full  plastic  dissipation  allowed  by  debonding  of  the  reinforcement 
can  be  utilized  in  loading  situations  that  sample  the  complete  range  of  material 
resistance,  such  as  Charpy  tests 16.  Consequently,  when  the  criterion  used  for 
material  selection  is  based  on  the  Charpy  energy,  oxide  debond  coatings,  and  high 
work  hardening  reinforcements  are  preferred.  The  duality  in  behavior  associated 
with  debonding  suggests  that,  in  some  cases,  when  both  high  Charpy  energy  and  a 
high  toughness  are  needed,  a  dual  reinforcement  scheme  may  be  required:  One 
reinforcement  debonds  and  contributes  to  the  Charpy  energy,  whereas  the  other 
bonds  well  and  has  the  strength  needed  to  provide  a  large  toughness. 

CONCLUDING  REMARKS 

The  present  set  of  experiments  clarify  the  influence  of  debonding  on  the  work 
of  rupture,  %  /  of  intermetallics  toughness  with  reinforcements  that  exhibit  a  large 
work  hardening,  such  as  Nb.  In  particular,  for  such  reinforcements,  it  has  been 
established  that  %  exhibits  a  linear  dependence  on  the  debond  length,  d.  It  is  also 
apparent  that  inert  oxide  coatings  emplaced  between  the  reinforcement  and  the 
matrix  have  a  sufficiently  low  fracture  energy  that  extensive  debonding  is  induced, 
leading  to  enhanced  values  of  X  •  However,  it  remains  to  explicitly  relate  the 
debond  length  to  the  specific  fracture  energy  of  the  coatings.  Furthermore,  it  has 
been  demonstrated  dial  debonding  is  not  beneficial  when  the  reinforcements  have 
limited  ductility,  caused  by  an  absence  of  work  hardening,  as  exemplified  by  Ti-Nb 
reinforcements. 
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PLASTICITY  DURING  FRACTURE  OF  THE  Au/A1203  INTERFACE 
IVAR  E.  REIMANIS 

Materials  Department,  University  of  California,  Santa  Barbara,  CA  93106 


AU/AI2O3  interfaces  arc  created  by  bonding  highly  textured  Au 
films  (25pm  thick)  to  single  crystal  Ai203.  Mechanical  tests  are  done 
under  the  optical  microscope  to  examine  the  effect  of  plastic 
deformation  on  the  energy  of  fracture  of  the  interface.  Fracture  occurs 
at  the  interface  and  is  accompanied  by  plastic  deformation  in  the  Au. 
The  relatively  large  value  for  the  fracture  energy  measured  (SO¬ 
TO  J/m2)  is  attributed  to  the  plastic  deformation  in  the  Au.  It  is  also 
observed  that  fracture  occurs  subcritically  due  to  stress  corrosion  at 
fracture  energies  from  10-20J/m2.  Topographic  features  on  the  fracture 
surfaces  are  characterized  and  discussed  briefly. 

Introduction 

The  fracture  energy  of  metal/ceramic  interfaces  is  controlled  by 
interfacial  chemical  segregation  (1],  interphase  formation  [2],  interfacial 
roughness  and  morphology  [3],  and  plasticity  in  the  metal  [4],  The 
present  work  reports  preliminary  results  from  a  fundamental  study  on 
plasticity  effects  during  fracture  of  interfaces.  Fracture  energies  are 
measured  to  be  several  orders  of  magnitude  larger  than  the  measured 
work  of  adhesion  for  AU/AI2O3,  Au  and  single  crystal  AI2O3  (sapphire) 
produce  an  experimentally  desired  interface:  the  interface  is  clean  and 
non-reactive  [5]  and  there  is  negligible  segregation  of  aluminum  and 
oxygen  in  Au  resulting  in  a  well  behaved  flow  stress.  A  further 
advantage  for  this  system  is  the  ability  to  observe  fracture  in  situ  in  the 
optical  microscope  due  to  the  transparency  of  the  sapphire.  Fracture 
tests  can  be  done  using  a  mixed  mode  4-point  bending  specimen  such 
that  the  fracture  energy  for  the  interface  crack  is  measured  |6).  For  this 
specimen  when  the  crack  is  between  the  inner  loading  points,  the  strain 
energy  release  rate  is  crack  length  independent  [6]. 


Experimental  Procedure 

Interfaces  are  made  by  diffusion  bonding  Au  and  sapphire  in  a 
sandwich  geometry  to  produce  specimens  as  shown  in  Figure  1.  Basal 
(0001)  plane  sapphire  is  bonded  to  highly  textured  (001)  poycrystalline 
Au  foil  of  thickness  25pm.  Materials  are  carefully  cleaned  and  annealed 


Mi.  toe.  tymp.  Proc.  Vet.  170. 61M0  WiUxtiU  MtMrdt  toetoty 


40 


at  1000°C  in  air  before  bonding.  Bonding  is  done  at  3-5MPa,  1040°C,  for 
248h,  in  air  or  vacuum.  Residual  voids  in  the  Au  become  isolated  and 
facetted  in  the  later  stages  of  bonding  and  remain  at  the  interface  even 
after  48h.  Typical  voids  are  1pm  deep  and  3-10pm  wine  as  shown  in 
the  fracture  surface  in  Figure  2. 

Fracture  testing  is  done  in  two  stages  during  which  load  and 
displacement  are  monitored.  First,  the  beam  is  placed  in  3-point 
bending  similar  to  the  geometry  shown  in  Figure  1.  A  Vicker’s  indent  on 
the  tensile  face  of  the  beam  then  propagates  a  crack  through  the 
sapphire  to  the  interface  where  it  symmetrically  debonds  the  interface 
and  subsequently  arrests.  The  arrest  load  is  used  to  estimate  the  critical 
energy  release  rate.  The  second  stage  of  testing  is  carried  out  by 
allowing  crack  growth  whiie  the  specimen  is  loaded  in  4-pt  bending. 
The  phase  angle  of  loading  for  this  geometry  is  ~52°.  The  crack  growth 
is  monitored  in  situ  by  optical  observation  through  the  tensile  face  of 
the  sapphire. 

It  was  noted  during  the  testing  that  when  distilled  water  is 
injected  into  the  crack  front  the  crack  velocities  increase  compared  with 
tests  done  in  air.  Subsequently,  all  tests  were  done  by  allowing  the 
penetration  of  water  into  the  crack  front. 


Results  .anti  CharAclcrtoalion 

It  was  observed  that  interface  fracture  occurs  subcriticaily  at 
crack  velocities  as  low  as  10-7m/s,  Higher  fracture  energies  correspond 
to  higher  values  for  crack  velocities.  During  subcriticai  crack  growth 
fracture  energies  range  from  10-20J/m2.  During  rapid  crack  growth 
(velocity  >  10*2m/s)  fracture  energies  range  from  50-70J/m2.  The 
differences  in  fracture  energies  between  rapid  crick  growth  and  slow 
crack  growth  are  explored  by  examination  of  the  fracture  surfaces 
shown  in  Figure  3.  During  fast  fracture  the  Au  surface  shows  distortions 
and  striations,  features  indicative  of  substantial  plasticity.  Duripg 
subcriticai.  growth  the  Au  fracture  surface  is  relatively  featureless 
(Figure  3).  Steps  are  generated  in  the  Au  surface  when  a  toad  change 
occurs  (Figure  J).  These  steps  are  indicative  of  crack  tip  blunting  in  the 
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Au  during  fracture:  a  mode  of  energy  dissipation.  Because  of  their 
shallow  nature,  the  step  heights  could  not  bt  measured  using 
conventional  scanning  electron  microscope  techniques.  However,  more 
detailed  characteriztion  using  profilometry  revealed  that  typical  step 
heights  are  70-100nm  (Figure  4). 


Figure  2,  Scanning  electron  micrograph  of  fracture  surface  of  gold 
showing  facetted  voids.  Slip  steps  produced  during  fracture  are 
evident. 


Figure  3.  In  situ  optical  micrograph  (through  sappphire  layer) 
showing  differences  between  fracture  surfaces  for  subcritical  crack 
growth  and  fast  crack  growth. 
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Figure  4.  Optical  micrograph  of  fracture  surface  on  Au  side 
showing  the  residual  plastic  trough  resulting  from  profilomctry. 
The  corresponding  trace  is  also  shown. 


Further  characterisation  of  fracture  surfaces  using  EDAX  in  the 
scanning  electron  microscope  revealed  that  within  the  resolution  limits 
of  liDAX  there  is  no  evidence  of  Au  on  the  sapphire  and  no  At  on  the 
gold.  This  is  indicative  of  fracture  occuting  by  interfacial  bond  rupture 
at  the  crack  tip.  It  can  be  contrasted  to  ductile  interface  fracture  which 
occurs  hv  void  nod  cation  and  coalescence  ahead  of  the  crack  tip.  Thus, 
a  brittle  mode  of  fracture  occurs  despite  plasticity  in  the  Au.  The 
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topography  of  the  Au  fracture  surface  was  further  investigated  using  a 
tilting  technique  in  the  SEM.  Lines  of  electron  beam  damage  were 
created  while  the  specimen  surface  is  oriented  normal  to  the  electron 
beam  [7].  The  specimens  were  then  tilted  60-80°  so  that  the  features 
become  more  apparent  as  shown  in  Figure  5.  This  technique  confirmed 
that  the  height  of  blunting  steps  measured  by  profilometry  are  on  the 
order  of  0.1pm.  This  technique  was  also  used  to  make  measurements 
on  the  angle  which  a  void  wall  makes  with  the  surface  (Figure  5).  The 
angles  were  in  the  range  140-150°,  giving  an  estimate  for  the  work  of 
adhesion  as  0.3-0.5J/m2. 


Figure  5.  Scanning  electron  micrograph,  specimen  tilted  60°  such 
that  shape  of  void  becomes  apparent.  Electron  ♦'earn  damage  line 
(arrowed)  was  deposited  under  0°  tilt. 


Conclusions 

The  large  value  of  the  fracture  energy  (50-70J/m^)  compared 
with  the  work  of  adhesion  (0.3-0,5J/m2)  is  indicative  of  plastic 
dissipation  in  the  metal.  Plasticity  occurs  despite  the  brittle  nature  of 
interface  fracture.  Also,  subcritical  crack  growth  occurs  in  accordance 
with  stress  corrosion  concepts,  at  fracture  energies  as  low  as  I0*201/m^ 
Though  subcritical  crack  growth  yields  relatively  featureless  fracture 


surfaces,  blunting  steps  generated  upon  load  changes  indicate  that 
plastic  dissipation  is  involved.  Further  research  will  address  the  issue  of 
plastic  dissipation  and  its  connection  to  the  fracture  energy  through  the 
work  of  adhesion. 
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ABSTRACT 

The  mechanical  properties  of  fiber  composites  are  strongly  influenced  by  the  debonding  of 
fibers.  When  an  embedded  fiber  is  loaded  from  one  end,  debonding  can  occur  at  both  the  loaded 
end  and  the  embedded  end.  Existing  theories  neglect  the  possibility  of  debonding  from  the 
embedded  end  and  are  thus  limited  in  applications  to  cases  with  low  fiber  volume  fraction,  low 
fiber  modulus,  high  interfacial  strength/interfacial  friction  ratio  or  short  fiber  length.  A  new  two- 
way  fiber  debonding  theory,  which  can  extend  the  validity  of  one-way  debonding  theories  to  all 
general  cases,  has  recently  been  developed.  In  this  paper,  the  physical  reason  for  the  occurrence 
of  two-way  debonding  is  discussed.  The  limit  of  validity  for  one-way  debonding  theories  is 
considered.  One-way  and  two-way  debonding  theories  are  then  compared  with  respect  to  the 
prediction  of  composite  behaviour.  The  determination  of  interfacial  parameters  from  the  fiber 
pull-out  test  will  also  be  described. 

INTRODUCTION 

Brittle  materials  usually  fail  by  the  unstable  propagation  of  an  inherent  flaw.  When  fibers  are 
added  to  the  matrix,  the  first-cracking  strength  (i.e.,  the  applied  stress  at  which  unstable  crack 
propagation  occurs)  can  be  greatly  increased  due  to  bridging  of  the  crack  by  the  fibers.  If  we 
assume  a  penny-shaped  inherent  crack  under  a  remote  uniform  tensile  field,  the  first  cracking 
strength  Ofc  is  given  by:- 

Ofc  -  as  (rje)'n  ( Kg  4  Kbrirfg )  (1) 

Here,  Kg  is  the  fracture  toughness  without  bridging,  K^g  is  the  contribution  of  bridging 
fibers  to  crack  resistance  and  c  is  the  sire  of  the  inherent  flaw.  Kf^yg  is  a  function  of  the 
bridging  stress  versus  crack  opening  (p-u)  relation  of  the  composite.  The  p-u  relation  is 
associated  with  the  stress  versus  displacement  (displacement  of  loaded  fiber  end  relative  to  matrix 
surface)  relation  fOp-u  relation)  for  a  fiber  pulled  from  the  matrix  through  p*V(Op,  where  Vf  Is 
the  volume  fraction  of  fiber  (1*2).  Hence,  a  model  for  the  deboodlng  of  fiber  pulled  from  the 
matrix  is  required  for  prediction  of  composite  behaviour. 

In  this  paper,  a  new  two-way  debonding  model  for  the  debonding  of  discontinuous  fibers 
will  be  described.  This  is  a  strength-based  theory  in  which  de bonding  occurs  when  the 
intertidal  stress  reaches  the  Interfacial  strength  t*.  The  debonded  interface  is  then  assumed  to  be 
under  k  uniform  frictional  stress  tj.  Details  of  derivation  and  applications  of  the  new  theory  can 
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be  found  elsewhere  [3,4].  Here,  the  physical  reasons  for  the  occurrence  of  two-way  debonding, 
the  conditions  under  which  two-way  debonding  is  important  and  the  problems  associated  with 
unlimited  use  of  traditional  one-way  debonding  theories  are  discussed.  Since  ts  and  are 
important  parameters  in  strength-based  theories,  the  experimental  determination  of  ts  and  Tj  are 
also  described. 

PHYSICAL  REASONS  FOR  THE  OCCURRENCE  OF  TWO-WAY  DEBONDING 

Debonding  theories  for  a  discontinuous  fiber  pulled  at  one  end  have  been  derived  by  several 
investigators  [5-8].  In  all  existing  debonding  theories,  only  debonding  from  the  loaded  end  is 
considered.  However,  as  derived  in  [8],  the  interfacial  shear  stress  distribution  has  maxima  at 
the  loaded  end  as  well  as  the  embedded  end  (Fig.l).  Depending  on  fiber  volume  fraction  and 
relative  stiffness  of  fiber  and  matrix,  fiber  debonding  can  start  from  one  or  the  other  fiber  end. 
Moreover,  after  debonding  starts  from  one  end,  the  continuation  of  debonding  at  that  side  is 
accompanied  by  increasing  shear  stress  at  the  other  end  and  eventually,  the  other  end  will  also 
debond.  A  two-way  debonding  theory  is  therefore  necessary. 

While  it  is  well  accepted  that  debonding  can  occur  at  the  loaded  end  of  the  fiber,  the 
possibility  of  debonding  from  the  embedded  end  can  be  most  easily  explained  by  considering  a 
fiber  of  significant  length  being  loaded  at  one  end  (Fig.2).  For  discussion  purpose,  axial  strain 
and  displacement  are  assumed  to  be  uniform  in  the  matrix  although  in  reality  they  decrease  with 
distance  from  the  fiberAnatrix  interface.  At  z=0,  matrix  axial  stress  (and  strain)  is  equal  to  zero. 
As  z  increases,  stress  transfer  by  shear  between  fiber  and  matrix  leads  to  continued  decrease  in 
fiber  axial  strain  and  increase  in  matrix  axial  strain.  On  continuing  stress  transfer  along  the 
interface,  a  point  will  eventually  be  reached  where  the  longitudinal  displacement  in  the  matrix  is 
higher  than  that  in  the  fiber,  which  is  physically  impossible  (Fig.  2a).  What  really  happens  is 
shown  in  Figs  2b  and  2c.  When  the  fiber  and  matrix  reach  the  same  axial  strain,  the  transfer  of 
stress  from  one  to  the  other  is  essentially  terminated.  The  rest  of  the  composite  is  under  an 
applied  constant  strain  (Fig.  2o).  In  a  continuous  fiber  system,  this  constant  strain  will  be 
sustained  until  the  surface  of  the  specimen  is  approached.  In  a  discontinuous  fiber  composite 
with  very  little  bond  or  anchorage  at  its  embedded  end,  the  stress  at  that  end  is  zero.  Hence, 
stress  has  to  be  transferred  back  into  the  fiber  from  the  matrix.  If  the  applied  strain  in  Fig.  2c  is 
high  enough,  debonding  at  the  embedded  end  will  take  place. 
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LIMIT  OF  VALIDITY  FOR  ONE-WAY  DEBONDING  THEORIES 

A  Typlc*l  Op-u  relation  Is  shown  In  Flj.3.  After  point  A  is  reached,  the  theoretic*!  curve 
shows  a  snap-back  to  point  B.  In  reality,  the  snap-back  cannot  be  obtained  and  ihc  stress  simply 
drops  unstably  to  the  pull-out  branch  BCD.  If  some  ruble  two-way  debonding  occurs  before 
peak  stress  U  reached,  two-way  debonding  has  to  be  considered.  Otherwise,  two-way 
debonding  occurs  at  the  snap-back  pan  and  only  slightly  affects  the  position  of  point  B.  Since 
BCD  it  very  flat  compared  with  QA,  the  change  in  Use  position  ofB  will  not  have  any  signilicam 
effect  on  the  overall  ctp-u  relation. 
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Fig. 3  Various  Parts  of  the  Stress-Displacement  Curve 


With  the  occurrence  of  two-way  debonding  at  or  before  peak  stress  as  a  criterion  for  one-way 
debonding  theories  to  be  inapplicable,  the  transition  aspect  ratio  Ltt/rf  beyond  which  two-way 
debonding  theories  have  to  be  employed  is  given  by: 

pLfr/rf-cosh-^ytj)  +  ( (l-2ct)  /  a  H  <\ftj  - 1)  (Tj/sj)  ]  /  V  [  ( V«i)2  - 1  ]  (2) 

for  a  <  O.S.  Here,  a  ■  EfVf  /  Eg  Is  the  contribution  of  fibers  to  composite  modulus,  Tj/tj  is  the 
ratio  of  intcrfaciai  strength  to  intertidal  friction  and  p  is  a  parameter  depending  on  modulus  of 
fiber  (Ef),  modulus  of  matrix  (E^  as  well  as  Vf.  For  coO.5,  defending  always  start  from  the 
embedded  end  of  the  fiber  and  traditional  one-way  debonding  theories  arc  never  applicable. 

pL^/rf  is  plotted  against  for  a  from  0.01  to  0.4  in  Rg.  4.  For  each  a.  if  the  aspect 

ratio  lies  in  the  region  above  the  line,  two-way  debooding  theories  have  to  be  employed  his 
obvious  that  one-way  debonding  theories  are  only  good  for  low  Vp  low  Ef,  low  fiber  aspect 
ratio  or  high 

Eqn  (2)  u  well  as  Ftg.4  show  that  the  longer  the  fiber,  the  more  likely  will  two-way 
debonding  theory  be  required-  This  ia  the  case  only  if  the  possibility  of  fiber  breakage  is 
neglected.  In  practice,  if  the  fiber  Is  too  long,  breakage  may  occur  before  two-way  debonding 
occurs  and  use  of  two-way  debonding  theory  it  not  necessary, 

The  transition  aspect  ratios  for  two  practical  composite  systems  are  shown  in  Figs  5a  and  h. 
It  It  assumed  here  that  the  fibers  are  cither  perpendicular  to  the  crack  plane  or  strong  and  flexible 
enough  to  bend  across  the  crack  without  breaking.  For  steel  fiber  reinforced  concrete,  one-way 
debooding  theories  are  good  for  volume  fractions  up  to  about  l  to  1.5  %,  depending  on  fiber 
aspect  ratio.  (Nose;  SJFCON  Is  a  high  volume  firactioo  steel  fiber  reinforced  mortar  made  by 
slurry  Infiltration.)  For  carbon  Tiber  reinforced  glut,  one-way  debooding  theories  are  never 
applicable  for  pw*tkti  **^*"1*  ftytiowt 


PROBLEMS  WITH  THE  UNLIMITED  USE  OF  ONE-WAY  DEBONDING  THEORIES 

Op-u  curves  for  various  cases  have  been  numerically  simulated  with  one-way  and  two-way 
debonding  theories  and  compared[3].  For  cases  where  two-way  debonding  is  important,  it  is 
found  that  the  unlimited  use  of  one-way  debonding  theories  leads  to  ixtension  of  the  Cp-u  curve 
to  a  higher  load  (Fig.  6).  This  may  be  expected  because  the  neglecting  of  two-way  debonding  is 
equivalent  to  assuming  an  extremely  high  shear  strength  at  the  embedded  fiber  end,  which  tends 
to  overestimate  the  load-carrying  capacity  of  the  fiber.  If  the  Op-u  relation  predicted  by  one-way 
debonding  theory  is  used  instead  of  the  correct  relation  (predicted  by  two-way  debonding 
theories)  in  the  computation  of  K^g  in  eqn(l),  the  first-cracking  strength  will  be  overestimated 
for  any  inherent  flaw  size  (Fig.  7).  Moreover,  the  rate  of  change  of  strength  with  flaw  size  also 
decreases  if  one-way  debonding  theory  is  used.  The  variability  of  strength  from  specimen  to 
specimen  (due  to  different  sizes  of  inherent  flaws)  is  therefore  underestimated.  In  other  words, 
material  reliability  is  being  overestimated. 


Fig.  6  Stress-Displacement  Curves  Predicted  by  One-Way  turd  Two-Way  Debonding  Theories 


Flaw  Size 


Pig.  7  Compoaitc  Behaviour  Predicted  by  One-Way  aal  Two-Way  Dcboodiag  Theories 
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DETERMINATION  OF  INTERFAOAL  PARAMETERS 

In  strength-based  theories  (traditional  one-way  theories  or  the  new  two-way  theory), 
composite  behaviour  is  strongly  affected  by  the  interfacial  parameters  Xg  and  Xp  The 
experimental  determination  of  these  parameters  is  thus  very  important  The  fiber  pull-out  test  is  a 
very  common  technique  for  the  determination  of  interfacial  properties.  A  typical  pull-out  test  data 
is  shown  in  Fig.  8.  The  interfacial  friction  Xj  can  be  obtained  by  simply  dividing  Ppostpeak  by 
the  net  interfacial  area  (2itrf)L^,  where  rf  is  the  fiber  radius  and  Le  the  embedded  length.  The 
determination  of  is  is  not  so  straight  forward.  To  obtain  xs,  one  need  to  know  the  size  of 
debonded  zone  (1^)  when  peak  load  (Ppeak)  ’s  reached.  It  should  be  noticed  that  for  the  small 
volume  fraction  of  fiber  in  the  pull-out  specimen,  a  one-way  debonding  theory  which  only 
considers  debonding  from  the  pulled  fiber  end  is  good  enough.  With  a  one-way  debonding 
theory,  lj  is  obtained  and  Ppeak^postpeak  *s  then  c°mPuted  for  various  values  of  xs/xj  and 
pd^/Tf).  The  results  are  shown  in  the  form  of  a  chart  in  Fig.9.  p  depends  on  the  fiber  volume 
fraction  in  the  pull-out  specimen  as  well  as  fiber  and  matrix  moduli.  For  a  certain  pull-out 
specimen  (with  known  fiber  radius  and  embedded  length),  pO^/rf)  is  fixed.  xs/Xj  can  then  be 
obtained  from  Ppeak^postpeak-  With  tj  determined  from  Ppostpeak-  xs  can  be  deduced. 


Fig.  8  A  Typical  Fiber  Pull-Out  Test  Result 


Fig.  9  Chart  for  the  Determination  of  Interfacial  Shear  Strength 


CONCLUSIONS 

Traditional  one-way  debonding  theories  are  only  applicable  to  cases  with  small  fiber  volume 
fraction,  small  fiber  modulus,  small  fiber  aspect  ratio  or  large  ratio  of  intcrfacial 
strength/interfacial  friction.  For  example,  one-way  debonding  theories  can  be  employed  to 
extract  ts  from  the  result  of  a  fiber  pull-out  test,  where  fiber  volume  fraction  is  very  small. 
However,  in  more  general  cases,  such  as  in  many  practical  composite  systems,  debonding  from 
the  embedded  end  have  to  be  considered  and  two-way  debonding  theories  have  to  be  employed. 
In  cases  where  two-way  debonding  is  important,  the  unlimited  use  of  one-way  debonding 
theories  will  lead  to  overtstimation  of  both  composite  first-cracking  strength  and  composite 
reliability. 
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ABSTRACT 

The  influence  of  flexible  interlayers/interphases  on  the  performance  of 
unidirectional  fiber  reinforced  composites  is  studied.  Micromechanical 
analysis  based  on  the  embedded  composite  cylinders  model  is  used  to  study 
the  stiffness  as  well  as  the  internal  stress  distributions  within  the  matrix 
phase  of  composites.  Based  on  the  results  of  the  analysis,  a  criterion  is 
proposed  for  the  selection  of  optimal  interlayer  thickness  for  fiber  compos¬ 
ites.  The  proposed  criterion  gives  results  which  seem  to  correlate  well 
with  the  experimental  data  published  in  the  literature. 


INTRODUCTION 

In  recent  years,  many  researchers  attempted  to  improve  the  performance 
of  composites  by  incorporating  a  soft  interlayer  between  the  fiber  and  the 
resin  matrix.  References  [1,2]  reported  that  substantial  increases  in 
transverse  tonslle  strength,  interlaminar  shear  strength,  torsional  fatigue 
life,  and  moisture  resistance  were  obtained  for  glass  fiber  composites. 
However,  only  moderate  improvement  in  impact  reslstai ;e  was  obtained  for 
carbon  fiber  composites  [3-5] .  It  has  long  been  recognised  that  the  perfor¬ 
mance  of  a  composite  could  strongly  be  influenced  by  both  the  thickness  and 
the  stiffness  of  the  Interlayor.  But  no  apparent  rational  approach  has  been 
proposed  to  guide  Che  selection  of  interlayer.  In  this  paper,  an  attempt  is 
made  to  develop  a  simple  method  for  selecting  proper  combinations  of 
interlayer  thickness  and  stiffness  for  composites.  Thtr  la  achieved  by 
correlating  the  stress  distributions  in  the  matrix  phase  of  glass  fiber 
composites  with  the  experimental  results  given  in  (1,2). 


EMBEDDED  COMPOSITE  CYLINDERS  MODEL 

In  this  study,  the  stiffness  and  Interna*  stress  distributions  In  a 
composite  with  interlayer  were  determined  using  the  embedded  composite 
cylinders  model  (Figure  1).  Mathematical  formulation  of  the  model  followed 
the  same  approach  as  that  discussed  in  (5,7)  and  will  not  he  given  here. 
With  the  exception  of  the '  longitudinal  modulus  and  major  Poisson's  ratio, 
the  addition  of  a  soft  Interlayer  between  the  fiber  and  die  matrix  will  lead 
to  reduction  In  the  stiffness  of  die  composite. 


EFFECT  OF  INFER LAYER  THICKNESS  AND  STIFFNESS  «i  STRESS  DISTRIBUTIONS 

Figure  2  shows  die  radial  stress  distributions  (along  the  2 -axis)  In 
tbs  matrix  phase  of  four  glass  fiber  composites  subjected  to  unit  transverse 
tension  In  the  2-dlrecclon  (Figure  V).  Three  different  Interlayer 
thicknesses  (It,  2t  and  4t  fiber  diameter)  were  studied.  The  Young's  moduli 
of  the  glass  fiber,  matrix,  and  Interlayer  used  In  the  simulations  were 
assumed  to  be  10500  ksl,  350  ksl,  and  U0  ksl,  respectively.  The  corre¬ 
sponding  Poisson's  ratios  were  assumed  to  be  0.22,  0.J5.  and  0,5.  For 
correlating  with  the  experimental  results  given  in  (1,2),  the  radius  of  the 
glass  fiber  was  atsusMd  to  be  0.002  Inch  and  the  volume  fraction  of  glass 
fiber  wax  assumed  to  b«  SOt.  It  it  Important  to  paint  out  that  die  radial 
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stresses  along  Che  2-axls  are  the  dominating  atreaa  components  In  the  matrix 
phase  of  the  composites  under  consideration.  They  are  plotted  as  function 
of  distances  from  the  matrix/interlayer  Interface. 

It  can  be  seen  from  Figure  2  that  the  magnitudes  of  the  radial  stress 
In  the  matrix  are  not  significantly  changed  by  the  presence  of  the 
interlayer.  The  only  noticeable  difference  is  the  shifting  of  the  location 
of  maximum  radial  stress  from  within  the  matrix  to  the  matrix/interlayer 
Interface.  Assuming  that  failure  initiation  in  a  composite  under  transverse 
tension  is  associated  with  Che  maximum  stress  in  the  matrix,  the  presence  of 
the  Interlayer  could  change  the  mode  of  failure  initiation  from  matrix 
cracking  to  debondlng  at  the  matrix/lnterlayer  interface .  This  change  in 
failure  initiation  mode  could  be  responsible  for  the  improvement  in  the 
transverse  tensile  strengths  reported  in  [1,2]  for  these  composites. 

Reference  [1]  also  reported  that  the  largest  Increase  in  transverse 
tensile  strength  (at  room  temperature)  was  obtained  for  the  composite  with  a 
2%  fiber  diameter  thick  interlayer.  When  correlating  this  finding  with  the 
location  and  magnitude  of  the  maximum  radial  stress  for  these  composites 
(Figure  2),  it  is  not  surprising  that  the  composite  with  a  2t  fiber  diameter 
thick  interlayer  had  the  largest  increase  in  transverse  tensile  strength. 
It  thus  appears  that  the  optimal  interlayer  thickness  for  improving  the 
transverse  tensile  strength  of  glass  fiber  composites  is  the  one  that 
results  in  the  lowest  maximum  radial  stress  at  the  matrix/lnterlayer  inter¬ 
face. 

To  show  the  effect  of  interlayer  stiffness  on  composite  performance, 
the  stress  distributions  in  the  matrix  phase  of  composites  with  a  very  soft 
Interlayer  (Young's  modulus  of  5  ksl)  under  unit  transverse  tension  were 
again  evaluated.  Figure  3  shows  the  radial  stress  distributions  along  the 

2- axls  and  Figure  4  shows  the  circumferential  stress  distributions  along  the 

3- axis  (Figure  1).  It  can  be  seen  from  the  figures,  even  though  the  maximum 
radial  stresses  all  occur  at  the  matrix/lnterlayer  Interface,  the  circumfer¬ 
ential  stresses  are  the  dominating  stress  components  that  control  the 
failure  of  these  composites.  Since  the  magnitudes  of  the  Induced  circumfer¬ 
ential  stresses  are  significantly  higher  for  the  composites  with  the  soft 
Interlayer,  it  is  logical  that  their  transverse  tensile  strengths  be  lower 
than  that  of  the  composite  with  no  Interlayer.  This  correlates  with  the 
experimental  results  given  in  [1]  when  the  composites  were  tested  at  temper¬ 
atures  close  to  the  glass  transition  temperature  of  the  interlayer. 
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Figure  1 .  Embedded  Composite  Cylinders  Model 
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DISCUSSION 

The  above  discussion  demonstrated  that  it  is  possible  to  relate  the 
effect  of  interlayer  on  composite  performance  to  the  stress  distributions  in 
the  matrix  phase  of  the  composite.  Although  the  discussion  given  here  is 
related  to  glass  fiber  composites,  similar  results  (stress  distributions) 
have  also  been  obtained  for  carbon  fiber  composites.  Using  the  hypothesis 
that  the  optimal  interlayer  thickness  for  transverse  tensile  strength 
improvement  is  the  one  that  will  cause  the  lowest  maximum  radial  stress  to 
develop  at  the  matrix/interlayer  interface,  the  appropriate  relationship 
between  optimal  interlayer  thickness  and  stiffness  is  illustrated  in  Figure 
5  for  some  50%  volume  fraction  glass  fiber  composites.  It  can  be  seen  from 
the  figure  that  the  stiffness  of  the  matrix  will  influence  the  selection  of 
optimal  interlayer  thickness  for  fiber  composites. 

As  mentioned  earlier,  incorporating  a  soft  interlayer  between  fiber  and 
matrix  will  lead  to  reduction  in  the  transverse  stiffness  of  composites. 
With  the  appropriate  interlayer  thickness,  an  increase  in  transverse  tensile 
strength  coupled  with  a  reduction  in  transverse  stiffness  will  lead  to 
significant  improvement  in  the  transverse  deformation  capability  of  a 
composite.  This  could  contribute  to  the  improvement  in  the  impact  resis¬ 
tance  of  composites  with  soft  interlayer. 
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ABSTRACT 


The  effects  of  a  frictional  interface  on  the  load  diffusion  from  a  broken  fiber  to  the 
surrounding  matrix  material  and  the  extent  of  debonding  near  the  fiber  break  in  a 
single-fiber  reinforced  composite  of  infinite  extent  are  studied  by  using  the  finite  element 
method.  The  normal  and  shear  stresses  on  the  interface,  the  extent  of  the  slip  zone  and 
the  axial  load  of  the  fiber  are  evaluated  for  different  frictional  coefficients  and  material 
parameters  for  both  the  fiber  and  the  matrix.  A  shear-lag  analysis  is  also  carried  out  to 
obtain  a  closed  form  approximate  solution  of  the  fiber  load  diffusion  problem.  The  extent 
of  the  slip  zone  and  the  stresses  predicted  by  the  shear-lag  model  are  compared  with  the 
finite  element  method  results. 


1.  INTRODUCTION 


The  problem  of  load  diffusion  from  a  broken  fiber  into  its  surrounding  matrix  has 
been  considered  by  many  authors  in  various  degrees  of  sophistication.  Starting  with  a 
simple  shear— lag  analysis  in  the  work  of  Cox  [1],  more  elaborate  analyses  have  appeared 
over  the  years  with  a  recent  attempt  by  Whitney  and  Drzal  f2l  that  uses  approximate 
stress  fields  only  close  to  the  fiber  break.  Muki  and  Sternberg  [3]  solve  the  load  diffusion 
problem  as  an  exact  3-D  elasticity  problem  for  the  surrounding  matrix  but  they  consider 
the  fiber  to  have  a  rod-like  behavior.  The  exact  solution  to  the  load  diffusion  problem 
when  both  the  fiber  and  matrix  are  taken  to  be  isotropic  linearly  elastic  and  with 
perfectly  bonded  interface  is  given  by  Ford  [4j.  Due  to  the  difference  in  the  stress 
singularity  near  the  fiber  break,  Ford’s  solution  in  the  crack  tip  region  significantly  differs 
from  that  of  Mulri  and  Sternberg. 

Experimental  evidence  (i.e.,  Netravali  et  al  [5])  points  out  that  for  a  wide  range  of 
material  parameters,  the  high  stresses  near  the  crack  tip  are  relaxed  by  the  failure  of  the 
interface,  leading  to  interface  crack  growth.  The  growth  of  interface  cracks  contributes 
significantly  to  the  fracture  toughness  of  the  composite.  On  the  negative  side,  interface 
failure  is  the  principle  cause  of  stiffness  reduction  in  composites.  To  quantify  this 
phenomenon,  one  must  deviate  from  the  assumption  of  a  perfectly  bonded  interface 
adopted  in  the  work  of  Muki  and  Sternberg  and  Ford  mentioned  above,  and  explicitly 
include  the  interface  constitutive  description  in  the  stress  analysis.  Such  an  analysis  was 
carried  out  by  Dollar  and  Steif  [6],  who  investigated  the  problem  of  interface  failure  near 
a  fiber  break  using  a  Coulomb  frictional  interface  model.  To  simplify  their  analysis,  they 
solve  a  two  dimensional  plane  strain  contact  problem  where  both  the  matrix  and  the  fiber 
have  the  same  material  properties.  In  this  work  we  will  remove  these  restrictions  and 
consider  the  axial  symmetric  problem  of  a  broken  fiber  embedded  in  an  infinite  matrix 
under  the  action  of  transverse  normal  pressure  with  a  uniform  axial  strain  applied  far 
away  from  the  fiber  break.  There  are  no  restrictions  placed  on  the  material  properties  of 
the  fiber  and  the  matrix,  which  for  the  purposes  of  this  work  will  be  assumed  to  be 
linearly  elastic  and  isotropic.  Instead  of  using  the  integral  equation  formulation  as  in 
Dollar  and  Steif,  the  above  stated  problem  is  analyzed  by  using  the  finite  element 
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method.  An  analytic  result,  based  on  the  shear-lag  model  is  then  developed  to  gain 
insight  on  how  the  various  material  parameters  affect  the  deformation  and  stress  fields  (in 
the  average  sense)  near  the  fiber  break.  These  analytic  results  are  then  compared  with 
the  numerical  results  obtained  by  the  finite  dement  method. 


2.  FORMULATION  OF  THE  PROBLEM 


The  configuration  of  the  problem  to  be  stndied  consists  of  an  infinitdy  long  broken 
fiber  imbedded  in  an  infinitely  extended  matrix  under  transverse  pressure  and  axial 
tension.  The  broken  fiber  is  a  circular  cylinder  of  radius  a  and  is  assumed  to  be  isotropic 
linearly  dastic  with  Young  modulus  Ef  and  Poisson  ratio  ut.  The  z  axis  of  the  cylindrical 

coordinate  system  (r,  0,  z)  coinddes  with  the  symmetry  axis  of  the  fiber  with  the  origin 
located  at  tne  center  of  the  drcular  crack,  which  lies  on  the  plane  z=0.  The  infinite 
matrix  surrounding  the  fiber  is  also  assumed  to  be  linearly  dastic  with  Young’s  modulus 
Ea  and  Poisson  ratio  vm. 

As  in  Dollar  and  Stdf  [6],  the  fiber  is  free  to  slide  along  the  interface  r  =  a  were  it 
not  for  an  applied  pressure  at  infinity,  i.e.,  o*t(r  -»  «,  z)  =  -p  where  p>0  and  the 

superscript  m  refers  to  matrix.  After  the  application  of  the  compressive  stresB  — p,  an 
uniaxial  strain  e„=  is  applied  monotonically  at  z  -* »  to  both  the  fiber  and  the  matrix. 

Continuity  of  tractions  is  enforced  on  the  fiber-matrix  interface  at  r=a.  However, 
displacement  discontinuity  is  allowed  to  exist  according  to  the  Coulomb  frictional  model, 
with  frictional  coeffident  /l 


3.  NUMERICAL  RESULTS  AND  DISCUSSION 


The  following  normalized  variables  are  introduced  to  expedite  the  analysis: 

r  =  r/a  ,  z  =  z/a ,  Uj  =  Uj/(a  ej  ,  o-  =  ayJ p  ,  (1) 

where  a  "  *  "  denotes  a  normalized  quantity.  From  dimensional  considerations,  the 
normalized  u4  and  Oy  depend  only  on  r,  z,  /*,  vf,  vm,  A=Eato/p  and  /0=Ef/E„. 

Due  to  axisymmetry,  the  solution  of  the  problem  is  a  function  of  r  and  z.  Symmetry 
in  the  geometry  and  boundary  conditions  allows  us  to  analyze  only  one  quadrant  with  the 
appropriate  boundary  conditions.  Axisymmetric  Q8  elements  (quadratic  interpolation  in 
both  directions)  are  used  throughout  the  analysis.  Although  it  is  impossible  to  duplicate 
the  singular  behavior  in  the  stress  fields  of  a  crack  ending  on  a  bimaterial  interface  by 
using  quadratic  interpolations,  we  found,  by  careful  selection  of  element  sizes,  that  it  is 
possible  to  localize  inaccuracies  to  a  very  small  region  compared  with  a.  For  this  reason 

the  smallest  element  at  r=l,  z=0  on  both  fiber  and  matrix  sides  is  chosen  to  be  a 
square  of  size  0.006a.  The  element  size  in  the  matrix  increases  geometrically  by  a 
constant  factor  of  1.65  in  the  r  direction,  whereas  the  element  size  in  the  fiber  increases 
geometrically  by  a  constant  factor  of  1.43  in  the  negative  r  direction.  The  element  size  in 
the  z  direction  increases  geometrically  by  a  constant  factor  of  1.55  for  both  the  fiber  and 
matrix.  As  a  result  of  the  geometric  increase  of  the  element  size  in  both  r  and  z 
directions,  a  fine  mesh  near  the  fiber  break  and  the  interface  is  generated.  The  outer 

limits  of  the  region  to  be  analyzed  are  chosen  as  r  =  25,  z  =  25.  The  choice  of  these 

CD  OD 

finite  length  dimensions  to  simulate  infinity  has  been  verified  by  examining  the  far  field 
stress  state  after  the  analysis.  To  summarize:  there  are  12  elements  in  the  fiber  in  the  r 
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direction  and  20  elements  in  the  z  direction.  In  the  matrix,  there  are  18  elements  in  the  r 
direction  and  20  elements  in  the  z  direction.  Finally,  there  are  20  interface  elements  at 
the  fiber-matrix  interface.  In  total,  the  program  consists  of  620  elements,  1983  nodes  and 
3966  degrees  of  freedom. 

Interface  elements,  based  on  Coulomb  friction  with  stiff  elastic  response  before 
sliding,  are  used  for  representing  the  interface  between  the  fiber  and  the  matrix.  A 
frictional  interface  element  is  a  1-D  element  composed  of  two  sides,  each  having  three 
nodes.  An  initial  distance,  which  is  zero  in  this  case,  between  the  two  sides  of  the 
element,  and  a  coefficient  of  friction  need  to  be  defined.  If  the  normal  component  of  stress 
(<rrr)  acting  on  the  sides  of  the  element  is  tensile,  the  two  sides  separate  and  no  traction 

(no  normal  stress,  as  well  as  no  shear  stress  )  is  carried  by  the  element.  If  the  normal 
component  of  stress  acting  on  the  sides  of  the  element  is  compressive,  the  program  checks 
whether  the  shear  stress  applied  is  higher  than  the  shear  limit,  that  is  normal  stress 
applied  at  that  specific  point  times  the  coefficient  of  friction.  If  the  shear  stress  is  higher 
than  the  shear  limit,  the  shear  stress  transferred  by  the  dement  is  taken  to  be  equal  to 
the  shear  limit.  If  it  is  less  than  the  shear  limit,  the  element  transfers  the  shear  stress. 

ABAQUS  commercial  finite  element  code  is  chosen  as  the  analysis  tool. 

Figures  1,  2,  3  and  4  show  selected  numerical  results  for  the  shear  and  normal 
stresses  along  the  interface,  the  axial  load  carried  by  the  fiber  as  a  function  of  the 
distance  away  from  the  fiber  break  and  the  normal  stress  in  the  matrix  on  the  plane  of  the 
fiber  break,  respectively.  From  the  many  different  cases  that  have  been  tested,  we 
present  the  results  that  correspond  to  *'{=>t/ll=G.25,  $-5,  p=0.1  and  for  two  values  of  the 

loading  parameter  A  as  indicated  in  the  figures. 

The  above  results  show  that,  in  the  presence  of  a  frictional  interface,  stress 
gradients  are  much  smaller  than  in  the  perfect  bond  case.  Even  though  there  is  a  stress 
concentration  dose  to  the  crack  tip,  the  stress  singularity  is  relaxed  by  the  loss  of 
constraint  due  to  the  interface  slip  (i.e,  Fig.  4  ).  For  this  reason,  extremely  refined  mesh 
is  not  necessary  for  reliable  results.  An  important  outcome  of  this  study  is  that  the 
broken  fiber  curies  less  load  in  the  region  close  to  the  fiber  break,  with  a  longer 
ineffective  length  as  the  frictional  coeffident  decreases.  Therefore,  neighboring  intact 
fibers  will  be  overstrewed  over  larger  lengths  than  they  will  be  overstressed  in  the  case  of 

K:l  bonding.  This  result  is  important  for  the  determination  of  the  composite  strength 
on  micromechanical  modds. 

A  shear-lag  model  has  also  been  developed  in  which  the  normal  stress  on  any 
cross-section  Af  of  the  fiber  is  taken  to  be  constant  and  the  reaction  to  normal  and  shear 

stresses  in  the  matrix  is  decoupled  (more  details  are  given  in  [7]).  The  length  of  the  slip 
sons  I,  Is  found  to  be 


ilali/a  =  -/)A/(2rt)-l/<  ,  (2) 

while  the  normal  stress  o(  in  the  fiber  (the  axial  load  carried  by  the  fiber  is  P=o,Af)  is 
given  by: 

8  =  -2sr,  ,  0  i  s  <  i,  ,  (Sa) 

A)  e*pK(t-g]  +  ft ,  i,  $ .  <  • .  (3b) 


The  dimensioakw  constants 


{  and  r,  have  the  evaluations 

j.  •  a{  t-vjH  lyt'JA 

•  r. 5  • 


(4) 
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We  note  that  the  above  shear-lag  analysis  results  have  been  given  in  terms  of  the 
nondimensional  parameters  /?,  A  and  p  introduced  earlier. 

It  is  of  interest  to  compare  the  predictions  of  the  simple  shear-lag  analysis  results, 
namely  equations  (2)  and  (3),  with  the  finite  element  calculations.  The  extent  of  the  slip 
zone  calculated  by  the  finite  element  method  is  found  in  the  plot  of  the  interface  shear 
stress,  i.e.  Fig.  1,  as  the  value  of  z  at  which  the  shear  stress  changes  slope.  The  prediction 

of  the  shear-lag  model  for  the  slip  zone  length  1,  from  (2)  is  20.321  for  the  case  shown  in 

Fig.  1  and  for  applied  loading  A= 1.2.  There  is  an  overestimate  of  the  slip-zone  length 
prediction  by  the  shear-lag  model  due  to  the  underestimate  of  the  shear  stress  along  the 

interface  in  the  slip  zone.  If  the  shear  stress  rt  is  corrected  according  to  the  results  of  the 

finite  element  analysis,  then  the  predictions  of  1,  from  the  shear-lag  model  become  closer 
to  the  finite  element  calculations  (if  we  substitute  vf=ua=>0.25  into  (4),  we  obtain  the 

evaluation  r,=-l,364/i or  — crr,=0.13&4  for  p=0.1). 

Another  test  for  the  shear-lag  model  is  the  comparison  of  its  prediction  for  the  axial 
load  in  the  fiber  with  the  finite  element  calculations.  The  basic  characteristic  of  the 
shear-lag  model  is  that  in  the  slip  zone  the  axial  load  varies  linearly  with  the  distance, 
which  is  equivalent  with  the  assumption  that  the  shear  stress  is  constant  in  the  slip  zone. 
It  is  evident  from  Fig.  3  that  this  assumption  is  justified  for  large  slip  zones.  The  value  of 

(or  P/PJ  at  *=i, =20.321  is  0.924  from  (3)  for  A=1.2  and  it  is  very  close  to  the 

finite  element  method  result  as  indicated  in  Fig.  3. 

In  summary,  the  shear-lag  analysis  predicts  accurately  the  interface  shear  stress 
and  the  axial  load  in  the  fiber  for  small  frictional  coefficients  or  large  applied  strains  that 

lead  to  relatively  large  slip  tone  lengths  (l,  >  5). 
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ABSTRACT 

The  effect  of  fiber  surface  treatments  on  the  relationship  between  the 
tensile  strength  of  a  filament  and  the  shear  strength  of  its  mtcrphssc  is  one  of  the 
central  issues  facing  composite  materials  technologists  today.  We  demonstrate  here 
that  analysis  of  fragmentation  phenomena  in  monofilament  composites  can 
simultaneously  yield  information  about  these  two  parameters.  Characterization  of 
shear  stress  transfer  zones  in  non-critical  fragments  has  led  us  to  the 
determination  of  interphase  strength. 

A  phenomenological  treatment  that  highlights  the  role  of  the  matrix  in  the 
fragmentation  process  is  presented  here.  This  analysis  considers  issues  such  as  the 
strain  energy  exchange  between  a  faiiing  fiber  and  the  matrix,  as  well  as 
interphase  relaxation  due  to  the  viscoelastic  nature  of  the  matrix.  Our  observations 
of  the  fragmentation  phenomena  in  AU4/po!ycarbonaie  monofilament  composites 
iadicue  that  the  fibertostrU  interaction  in  this  system  is  governed  by 
micromechanical  locking. 


INIRODUCnON 

Interphase  design  is  playing  an  increasing  role  in  the  development  of 
advanced  composite  materials.  Monofilament  composites  are  very  useful  In  this 
regard  as  they  not  only  highlight  interphase  behaviour,  but  also  provide  the 
researcher  with  a  system  that  is  superior  In  controllability,  reproducibility,  and 
costeffcctiveness  than  multifUamcniary  media.  On  this  basis,  the  testing  of 
monofilament  composites  is  widely  practiced  in  thr  field,  with  particular  emphasis 
on  analysis  of  critical  fragment  populations  for  the  determination  of  interphase 
strength  { I ) 

We  have  extended  this  practice  to  include  the  monitoring  of  the  evolution  of 
the  entire  fragmentation  process  to  extract  data  not  only  on  interphase  strength 
but  on  filament  strength.  In  addition,  we  have  attempted  to  identify  the  relative 
role  of  fiber  vs.  matrix  on  interphase  behaviour  in  a  carbon/  polycarbonate 
composite  system. 


EXPERIMENTAL 


Unsized  PAN-derived  caibon  fibers  (Hercules  AU4.  j.lMsi  tensile  modulus) 
were  surface  netted  for  increasing  amounts  of  time.  Treatment  time  effects  on 
fiber  surface  topography  (density  of  sutface  asperities)  were  assessed  via 
scanning  electron  microscopy  (SEM).  Similarly,  the  evolution  of  fiber  surface 
energetics  was  calculated  from  advancing  wettability  forces  measured  on  single 
filaments  immersed  in  water  and  glycerol  (2).  Specimen  fabrication  (hot 
compression  molding)  and  fragmentation  testing  procedures  have  ttrexdy  been 
repotted  1 3).  Highlights  include:  (1)  filaments  with  different  surface  treatments 
were  simultaneously  molded  in  an  attempt  to  reduce  molding  and  testing  artifacts, 
<2)  as  molded  filaments  were  in  a  state  of  residual  compression,  (3)  the  exac* 
filament  strain  waa  assumed  tn  be  the  applied  composite  strain. 
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RESULTS  &  DISCUSSION 

We  have  postulated  that  the  mechanical  strength  of  a  monofilament 
composite  system  is  determined  by  two  stress  parameters,  o*zz(r)  and  0*rZ(r), 
which  represent  upper  limit  values  for  every  point  r  in  the  composite  (z  represents 
the  axial  direction  of  the  composite). 

Our  fragmentation  evolution  data  can  be  conveniently  represented  in  terms 
of  the  average  fragment  aspect  ratio  <L/d>  (with  L  and  d  denoting  fragment  length 
and  diameter  respectively)  as  a  function  of  applied  strain  [4],  and  Figure  1 
schematically  illustrates  some  of  our  observations  for  three  filaments  A,  B.  and  C. 


Figure  1.  Schematic  representation  of  average  fragment  aspect  ratio  aa  a  function 
of  applied  strain  for  three  filaments  with  different  tensile  strength  and 
Interface  properties. 


By  resorting  to  a  shear  lag  representation  of  Otl  along  a  fragment,  where  L  is 
depleted  as  composed  of  a  central  Lg  region  with  uniform  stress  (defined  as 
filament  gage  length)  bounded  by  two  stress  transfer  tones  of  length  X  as 
Illustrated  in  Figutc  2,  we  have  determined  0*t*  data  by  painstakingly  correlating 

Lg  for  every  fragment  with  its  failure  sttsln  (2).  During  the  early  descending 
portion  of  a  <LAJ>  curve,  Lg  -  L  because  Lg  »  X  and.  therefore,  this  sector  of  the 
<L/d>  curve  can  be  thought  of  at  representing  the  Lg  dependence  of  C*»*.  to 
particular,  the  relative  impact  of  surface  treatments  on  O***  for  a  given  fiber  can 
be  ascertained  by  the  position  of  these  curves  along  the  abscissa  axis.  On  this  basis, 
a  tptkk  look  at  Figure  1  indicates  that  *  <J* tl(B)  >  a*tl(C).  The  attainment  of 

the  critical  slate  it  clearly  depleted  by  the  <Lc/d>  asymptotes  in  Figutc  1,  with  Lc 
denoting  lengths  of  critics!  fragments.  Many  workers  have  demonstrated  that 
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0*ra  «  -  (1) 

<Lc/d> 

making  <L/d>  curves  very  handy  for  quick  qualitative  comparisons  for  C*rz 
between  different  filaments.  However,  we  believe  that  quantitative  determination 
of  C*rz  based  on  critical  fragment  populations  demands  a  statistical  description  of 
the  entire  fragmentation  process  up  to  the  critical  state. 


X 

Figure  2.  Schematic  of  a  filament  fragment  in  cross  polarization  to  define  the 
Stress  Transfer  Zone.  STZ  (filled  region).  and  Its  length,  X. 

This  task,  although  achievable,  is  enormously  challenging  as  our  observations  and 
those  of  others  clearly  indicate  {5*8).  The  use  of  <LA1>  data  precisely  avoids  key 
statistical  aspects  of  the  phenomenology,  making  their  use  inadequate  for  a*n 
determination.  In  view  of  these  considerations,  wo  have  measured  X  for  fragments 
with  L  >  2X  (sec  Figure  2)  to  yield  0*rt  data. 

Figure  3  presents  our  results  for  €%*  {  at  one  Inch  gage  length),  fiber 

surface  energy  (  Y>,  and  fiber  surface  roughness  (R).  The  following  observation* 
are  worth  highlighting:  (a)  €***  was  progressively  reduced  by  the  treatment,  (b) 

there  was  a  treatment  time  that  maximized  <t)  y  increased  earlier  than  o*ra 
to  a  steady  turn  level  independent  of  treatment  time,  and  (d)  the  evolution  of  K 
(density  of  sutfacc  asperities)  paralleled  that  of  0*rx,  and  reflected  a  nucleating 
growih'coatcsecftcc  phenomena,  la  addition,  critical  state  specimens  were 
carefully  sectioned  to  curact  critical  fragments  for  SUM  analysis.  Micrographs 
presented  in  Figure  d  indicate  that  fiber  surfaces  treated  at  increasing  times  were 
coveted  with  more  matrix  material.  A  similar  o*fi  evolution  has  recently  been 
reported  for  an  elccuochemtcally  treated  carbon  fiber  embedded  in  epoxy  |9). 

Our  interpretation  for  the  evidence  presented  in  the  last  two  Figures  is  as 
follows:  (a)  weakly  bound  layers  were  present  on  ihc  surface  of  the  AIK  fiber,  (b) 
as  these  layers  were  removed  by  the  surface  treatment,  a  quick  saturation  in 
surface  chemistry  was  achieved,  (c)  the  maximum  in  0*rt  reflect*  the  complete 
removal  of  these  layers  and  the  increased  participation  of  the  polymeric  matrix  in 
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the  interphase  failure  process,  (d)  fiber/matrix  interaction  is  primarily  governed 
by  micromechanical  locking,  which  in  turn  reflects  the  residual  fiber  surface 
roughness.  These  conclusions  are  consistent  with  earlier  observations  of  Drzal  for 
an  AU4/epoxy  system  [101. 
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Figure  3.  Treatment  time  effects  on  filament  and  interphase  properties. 

To  ascertain  the  degree  of  participation  of  the  matrit  in  the  failure  behaviour  of 
the  Interphase.  we  carried  out  fragmentation  tests  directly  up  to  the  critical  state 
but  at  different  strain  ruts  (c).  and  Figure  5  shows  <Lc/d>  results  for  an  as-received 
filament  and  another  one  thu  had  been  treated  for  a  period  of  time  longer  than 
that  required  for  maximum  c*tt-  The  as  received  filament  showed  the  e  dependency 
in  spite  of  the  fact  thu  0*r*  was  determined  by  the  fiber  u  high  t  .  We  fee)  thu  the 
treated  filament  did  not  show)  e  dependency  because  of  two  considerations:  (a)  the 
entire  fragmentation  process  in  this  specimen  took  place  at  a  mwh  lower  €  range 
than  that  of  the  untreated  one.  and  (b)  the  fragmentation  temperature  was  too  low. 
if  the  fragment uiem  test  bad  been  carried  out  at  a  higher  temperature,  then  <W«i> 
for  the  treated  filament  would  have  also  been  e  sensitive  (11.131. 


Figure  4.  SEM  micrographs  showing  surface  topography  of  extracted  critical 
fragments.  Marker  denotes  turn. 
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Figure  3.  Effect  of  strain  rue  rut  critics)  aspect  ratio. 

In  during,  our  observations  of  the  fragmentation  process,  which  have 
paralleled  those  of  others  14-10),  have  encouraged  us  to  postulate  *  filament 
fragmentation  phenomenology  in  composites  at  described  in  Figure  6.  When  a 
loaded  fUament  fail*,  a  considerable  fraction  of  its  stored  strain  energy  it  released 
to  the  matrix,  and  a  stress  transfer  tone  is  almost  suddenly  formed,  this  tone 
reflects  the  response  of  the  matrix  to  the  enormously  high  strain  rates  imptuted  on 
it  (the  temporal  modulus  in  this  region  increases  accordingly)  making  the 
interstate  region  to  expand  into  a  region  that  vai  considered  matrix  phase  before 
the  hurst.  Viscoelastic  relaxation  mechanisms  ate  the  natural  consequence  to  the 
initial  violent  exchange  the  kinetics  of  which  Kale  with  temperature,  these 
mechanisms,  driven  bv  in  overall  reduction  of  strain  enmv  in  the  uantfer  rone, 
lead  to  a  localisation  of  deform ttiooti  energy  right  along  the  fiber/interpbase 
boundary  which,  n>  the  worst  of  cases,  may  result  in  a  crack  extending 
transversely  across  the  matrix  and/or  along  the  irurrphaw  itself,  the  central 
Urn  of  the  stress  transfer  problem,  then.  It  one  of  miuomcciuckal  energy 
exchange  and  redistribution  in  the  transfer  tone. 


•  As  received  fibers 
o  Treated 


«  *1  .4  .$  .2  -1  9 

lot  (train  rate  (iec-1) 


70 


Figure  6.  Phenomenological  model  of  micromechanical  energy  exchange  and 
redistribution  in  the  ST£  following  carbon  filament  fragmentation. 


CONCLUSION 

Fragmentation  phenomena  in  monofilament  composites  yields  simultaneous 
data  on  filament  and  interpbsse  strengths.  The  lowest  shear  strength  between  the 
fiber  (outer  layers)  anti  the  matrix  determines  the  interphase  stress  transfer 
effectiveness;  ia  all  cases,  however,  the  matrix  mediates  the  rote  of  the  weakest 
link.  Fiber/matrix  interaction  tn  AU<t/polycarbonue  fe  governed  by 
oiiuompchtaical  locking. 
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ABSTRACT 

The  microbond  method  has  been  applied  with  increased  frequency  to  characterize  interfacial 
adhesion  in  fiber  reinforced  composites.  Nevertheless,  a  number  of  serious  questions  remain 
regarding  the  interpretation  of  experimental  data.  This  paper  addresses  material  and  experimental 
variables  in  the  microbond  test  procedure  including  the  cure  behavior  of  thermoset  test 
specimens,  matrix  heterogeneity,  locus  of  failure  in  test  specimens  and  load  application 
techniques.  The  theoretical  basis  for  the  method  is  examined  by  viewing  experimental  results  in 
terms  of  existing  theoretical  interpretations  of  interfacial  failure.  Conclusions  are  presented 
regarding  the  limitations  and  the  potential  of  the  microbond  method  for  determining  fiber/matrix 
adhesive  bond  strength. 


INTRODUCTION 

The  properties  of  the  interphase  region  resulting  from  the  interaction  of  a  polymeric  matrix 
with  a  reinforcing  fiber  play  a  crucial  role  in  determining  composite  performance.  Effective 
utilization  of  the  strength  and  stiffness  of  reinforcement  materials  depends  on  efficient  load 
transfer  through  the  interphase  region.  Development  of  a  basic  understanding  of  the  chemistry, 
microstructure  and  mechanics  of  the  composite  interphase  region  is  of  potential  value  for 
optimizing  the  design  of  new  composite  materials  and  applications. 

One  important  interfacial  parameter  in  composite  materials  is  the  bond  strength  between  the 
reinforcing  fiber  and  the  matrix  resin.  Chemical  modification  of  a  fiber  surface  through  the  use  of 
sizings  and  surface  treatments  is  a  tool  which  may  be  used  to  alter  fiber/matrix  interactions.  A 
reliable,  readily  interpretable  experimental  test  for  determining  fiber/matrix  adhesive  bond 
strength  is  needed  to  assess  the  effects  of  interphase  chemical  modification.  The  method  must  be 
experimentally  feasible  and  a  theoretical  basis  must  exist  to  provide  a  framework  for 
interpretation  of  experimental  results. 

The  goal  of  this  paper  is  to  evaluate  the  limitations  and  the  potential  of  the  microbond  method 
for  measurement  of  interfacial  bond  strength.[l-4] 


EXPERIMENTAL  PROCEDURE 

The  microbond  test,  first  reported  in  1987  by  Mi!ler,[l]  fits  into  the  general  class  of  single 
filament  pull-out  tests  which  have  been  used  to  investigate  interfacial  properties  in  composite 
materials  and  reinforced  concrete  for  more  than  two  decades. [5- 10]  The  basic  test  procedure 
involves  pulling  a  single  filament  from  a  small  volume  of  cured  matrix  while  measuring  the  force 
required  to  detach  the  filament. 

Sample  preparation  for  the  microbond  test  is  carried  out  by  applying  two  or  three  droplets  of 
resin  to  individual  single  fibers  which  are  mounted  to  an  aluminum  frame  by  tabs  bonded  to  both 
fiber  ends.  In  a  typical  microbond  experiment,  a  fiber  is  hung  from  one  end  tab  on  a  1000  g  load 
cell  in  an  Instron  machine;  the  load  cell  is  fitted  with  a  hook  as  depicted  in  Figure  1.  A  precision 
vise,  modified  to  produce  flush  grip  areas,  is  employed  to  debond  the  resin  beads.  The  fiber  is 
positioned  between  the  two  vise  plates  with  a  resin  bead  situated  just  below  the  opening  in  the 
vise.  The  proper  test  configuration  is  attained  by  carefully  narrowing  the  vise  gap  utilizing  a  shim 
slightly  larger  than  the  fiber  diameter  while  checking  to  ensure  that  the  fiber  continues  to  hang 
freely. 

A  debonding  experiment  is  conducted  by  moving  the  Instron  crosshead  at  a  rate  of  1  mm/mln 
such  that  the  resin  bead  is  displaced  upward  to  make  contact  with  the  edges  of  the  vise.  Load  is 
transferred  to  the  specimen  until  a  critical  value  is  reached  and  fiber  pull-out  occurs.  A  typical 
force  versus  time  trace  for  a  microbond  experiment,  illustrated  in  Figure  1,  shows  the  peak 
debonding  load  corresponding  to  fiber  pull-out  followed  by  a  sharp  dropoff  to  an  erratic,  small 
frictional  force  arising  from  bead  displacement  along  the  fiber  axis. 
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Fig.  1.  Schematic  diagram  representing  the  microbond  test  configuration  and  a  typical 
force  versus  time  trace  obtained  in  a  debonding  experiment. 


The  application  of  the  microbond  method  to  measure  fiber/matrix  adhesive  bond  strength  on 
small  diameter  engineering  fibers  presents  some  experimental  difficulties  related  to  microscale 
testing.  A  limited  experimental  range  and  minute  sample  sizes  are  two  features  of  the  technique. 
The  range  of  bead  sizes  which  may  be  tested  on  small  diameter  carbon,  glass  and  aramid  fibers 
(7-12  pm)  is  bounded  by  a  lower  limit  of  about  40  pm  due  to  the  existence  of  a  critical  bead 
volume  to  fiber  diameter  ratio  for  droplet  formation  and  an  upper  limit  which  is  reached  when 
fiber  fracture  occurs  before  fiber  pull-out.  The  strength  of  engineering  fibers  establishes  a  clear 
upper  limit  for  the  test.  The  experimental  range  accessible  to  most  fibers  is  less  than  one  order 
of  magnitude  in  terms  of  bead  diameter.  Corresponding  weights  of  microbond  resin  droplets 
which  are  applied  to  small  diameter  fibers  for  measurement  ofintcrfacial  shear  strength  range 
from  hundredths  of  micrograms  to  a  few  micrograms  for  the  larger  bead  diameters. 

The  microbond  test  was  developed  by  Miller  to  overcome  an  additional  experimental  problem 
inherent  in  the  application  of  conventional  single  fiber  pull-out  methods  to  snail  diameter 
engineering  fibers.  The  tendency  for  formation  of  a  meniscus,  often  larger  than  the  embedment 
depth,  exists  when  a  fiber embedded  in  a  polymer  sample  which  wets  the  fiber  surface.  The 
microbond  procedure  minimizes  but  does  not  completely  eliminate  this  problem.  [1] 


EXPERIMENTAL  OBSERVATIONS 

The  potential  of  the  microbond  technique  for  measurement  of  interfacial  shear  strength  was 
evaluated  by  examining  material  and  experimental  variables  identified  as  critical  in  the 
interpretation  of  test  results  and  computing  the  results  with  existing  theoretical  interpretations  of 
interfacial  failure.  The  variables  investigated  include  the  cure  behavior  of  small  thermoset  test 
specimens,  matrix  heterogeneity,  locus  of  failure  in  test  specimens  and  load  application 
techniques. 

Thermoset  Cure  Behavior 

A  striking  effect,  uncovered  early  in  this  work,  was  that  the  microbond  test  configuration 
influenced  the  cure  behavior  of  a  thermoset  epoxy  resin  system.  The  material  system  (EPON 
828,  meta-phenylenedlamine  (mPDA)/AS-4  carbon  fiber)  was  selected  for  an  initial  investigation 
since  the  interfacial  shear  strength  value  for  this  system  had  been  previously  measured  by  the 
single  fiber  composite  method.!  1 1 1  It  was  impossible  to  obtain  an  interfacial  shear  strength  value 
for  this  system  employing  the  same  cure  cycle  conditions  (75°C,  2  hours;  125°C,  2  hours)  used 
to  prepare  single  fiber  composite  test  specimens  because  the  matrix  droplets  placed  on  the  fibers 
did  not  cure. 
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The  cure  behavior  of  this  resin  system  was  investigated  as  a  function  of  degree  of  mixing, 
resin/curing  agent  ratio,  cure  cyle  conditions,  reinforcement  surface  properties,  specimen  size  and 
specimen  geometry.  Degree  of  cure  was  qualitatively  evaluated  using  Fourier  Transform  Infrared 
Spectroscopy  (FT-IR).  FT-IR  microscopy  was  conducted  on  droplets  of  resin  placed  on  sodium 
chloride  plates  demonstrating  the  presence  of  curing  agent  and  unreacted  resin  before  the 
specimens  were  exposed  to  cure  cyle  conditions .  After  heating,  specimens  were  again  examined 
spectroscopically  and  evidence  was  obtained  for  unreacted  resin  with  complete  loss  of  curing 
agent  Incomplete  cure  was  observed  for  small  droplets  placed  on  all  types  of  surfaces  (carbon, 
glass  and  aramid  fibers;  aluminum  and  sodium  chloride  plates).  The  extent  of  cure  was  the 
lowest  for  the  smallest  droplets,  but  even  beads  greater  than  1  mm  (1000  pm)  in  diameter 
remained  tackier  than  cured  tensile  specimens.  The  spectroscopic  results  and  the  inverse 
relationship  between  degree  of  cure  ami  bead  size  both  suggest  that  evaporation  of  curing  agent 
from  test  specimens  is  a  critical  factor  which  must  be  controlled  in  the  microbond  test  procedure. 

Drzal  and  coworkers  independently  observed  the  thermoset  curing  phenomenon  and  have 
recently  completed  a  quantitative  study  correlating  degree  of  cure  with  droplet  size  and  curing 
agent  volatility. [12] 

The  implications  of  the  thermoset  curing  behavior  observed  in  the  microbond  test  are 
significant  since  a  new  requirement  for  application  of  the  method  is  indicated.  Prediction  of 
adhesive  performance  at  the  fiber/matrix  tnterphase  in  a  composite  requires  a  test  specimen 
configuration  which  produces  resin  properties  which  are  similar  to  resin  properties  in  an  actual 
composite.  Our  results  suggest  that  prior  to  conducting  the  microbond  test  an  independent 
method  must  be  used  to  determine  the  extent  of  cure  in  resin  droplets.  Moreover,  use  of  the 
microbond  method  to  discern  effects  of  systematic  chemical  modification  will  not  be  possible 
until  sample  preparation  conditions  are  identified  which  produce  cured  test  specimens. 

The  test  specimen  cure  requirement  actually  represents  a  minimum  requirement  for  modeling 
full  composite  properties  using  as  input  results  from  a  single  filament  test.  Valid  questions  exist 
concerning  the  relationship  between  matrix  properties  in  all  types  of  single  fiber  test  specimens 
and  matrix  properties  in  the  composite  interphase  region.  Resin  properties  in  the  vicinity  of  the 
composite  fiber/matrix  interphase  likely  differ  significantly  from  bulk  resin  properties  and  have 
not  yet  been  well-characterized. 

Matrix  Heterogeneity 

Another  material  variable  explored  was  the  effect  of  matrix  heterogeneity  on  the  scatter  in 
microbond  test  results.  Experimental  precision  in  all  single  fiber  tests  is  usually  about  20%.[3] 
The  mlcrobond  results  obtained  in  our  laboratory  were  consistent  this  observation.  However, 
one  experimental  system  investigated,  a  commercial  epoxy  resin  formulation  containing  at  least 
five  components,  exhibited  much  poorer  precision,  on  the  order  of  40%,  when  tested  with 
Kevlar  49.  An  investigation  was  conducted  on  this  resin  system  replicating  the  cure  cycle  on  a 
hotstage  placed  under  an  optical  microscope.  Photomicrographs,  taken  periodically  throughout 
the  cure  cycle  and  after  the  test  specimens  had  been  cooled  to  room  temperature,  showed  the 
presence  of  heterogeneities  in  the  matrix  greater  man  50  pm  in  size  which  is  the  same  order  of 
magnitude  as  the  diameter  of  matrix  droplets  in  the  smaller  mlcrobond  test  specimens.  This 
observation  indicates  that  structuiai  inhomogeneities  in  the  matrix  resin  are  capable  of  seriously 
influencing  test  results.  The  experimental  precision  observed  i u  the  mlcrobond  test  includes 
uncertainty  in  the  measurement  as  well  os  intrinsic  material  variations. 


Locus  of  Failure 

The  locus  of  failure  must  bo  evaluated  in  all  interfacial  testing  in  order  to  interpret  experimental 
results,  be  It  a  full  composite  or  a  microbond  specimen.  Generally,  tested  mlcrobond  specimens 
which  were  examined  microscopically  appeared  to  fail  at  the  fiber/matrix  interface  but  the  details 
of  the  failure  mechanism  are  unknown.  The  most  common  example  of  tested  specimen 
appearance,  illustrated  in  Figure  2a,  indicates  adhesive  failure  at  the  fiber/matrix  interface. 

Figure  2b  is  an  example  of  a  complex  failure  mode  in  which  the  sample  displays  both  fibrillation 
of  the  outer  layers  of  Kevlar  49  fiber  and  matrix  failure,  The  interpretation  of  microbond  results 
will  differ  in  these  two  examples,  and  only  in  the  former  case  can  an  interpretation  hope  to 
Include  consideration  of  the  resin-fiber  interaction  at  the  molecular  level.  Characterization  of  the 
failure  mode  must  be  an  integral  part  of  the  mlcrobond  test  procedure  and  application  of  the 
method  must  be  limited  to  cases  with  documented  interface  failure. 
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Fig.  2.  (a)  Photomicrograph  of  a  tested  microbond  specimen  (EpoxylKevlar  49)  exhibiting 
interfacial  failure,  (b)  Photomicrograph  of  a  tested  microbond  specimen  (EpoxylKevlar  49) 
showing  a  complex  mode  of  failure. 

Load  Application  Techniques 

The  microbond  technique  has  been  applied  in  our  laboratories  to  thermos*. :  epoxy  resins  with 
glass,  carbon  and  aramid  fibers  and  a  thermoplastic  polycarbonate  resin  with  a  glass  fiber.  The 
simplest  experimental  definition  for  the  microbond  test,  shown  in  equation  1,  follows  from  a 
strength  of  materials  model  which  relates  the  measured  peak  debonding  force,  F,  to  a  shear 
stress,  t,  applied  uniformly  across  the  interface.  In  this  expression,  a  corresponds  to  fiber 
diameter  and  1  is  the  resin  embedded  length. 


x  -  F/7idl 


Interpretation  of  microbond  experimental  data 


(1) 


force 


sxperimei 

versus  embedded  length  for  flber/resin  combinations  of  interest  Examination  of  these  plots  for 


the  material  systems  under  investigation  showed  a  consistent  trend  in  the  experimental  data.  An 
example(epoxy  resin/tetraethylene  tetramine/Kevlar  49)  represented  in  Figure  3a  indicates  that 
linear  extrapolation  to  zero  embedded  length  produces  an  apparent  negative  value  of  load.  Lower 
interfacial  shear  strength  values  are  calculated  from  equation  (1)  for  smaller  size  resin  specimens. 
The  relevant  question  is  whether  the  extrapolation  is  a  valid  operation  related  to  the  mechanism  of 
failure  or  if  the  apparent  negative  load  is  an  experimental  artifact.  Several  experimental  variables 
were  investigated  to  determine  possible  origins  of  the  effect  including  material  properties,  load 
measurement  techniques,  test  speed  and  toad  application  techniques. 

The  variable  which  exhibited  the  largest  influence  on  experimental  results  was  the  toad 
application  method.  An  analysis  of  the  microbond  test  design  suggested  that  the  ideal  loading 
condition  would  be  achieved  using  a  circular  area  of  contact.!  13]  A  standard  experiment, 

itacts 


contact,  Although  the  characteristics  of  the  hole  were  not  ideal  and  only  one  exp 
was  investigated,  the  results  demonstrate  the  sensitivity  of  the  measured  debonti 
detailed  geometry  of  contact  which  develops  during  a  debonding  event. 
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KEVLAR  49/  EPOXY 


KEVLAR  49/  EPOXY 


Fig.  3.  (a)  Microbond  results  for  point  loading  of  (EpoxylKevlar  49  )test  specimens, 
(b)  Microbond  results  for  ( EpoxylKevlar  49 )  specimens  using  a  circular  area  of  contact. 


INTERPRETATION  OF  TEST  RESULTS 

The  failure  processes  which  occur  us  fibers  are  debonded  and  pulled  out  of  a  resin  matrix  are 
extremely  important  in  building  on  understanding  of  composite  performance  and  are  not  yet  well 
understood  despite  considerable  experimental  and  theoretical  investigation.  The  two  principal 
strategies  applied  in  analytical  investigations  of  single  fiber  pull-out  tests  are  a  strength  of 
materials  approach  and  a  fracture  mechanics  approach.  [10]  The  first  approach  assumes  that 
failure  takes  place  when  the  stress  between  the  fiber  and  the  matrix  exceeds  the  interfacial  shear 
strength  and  is  the  origin  of  equation  1.  The  second  approach  is  based  on  the  concept  that  the 
interfacial  failure  mechanism  is  crack  propogation  at  the  interface  rather  than  simultaneous 
debonding. 

Experimental  results  for  single  fiber  tests  Including  the  microbond  test  have  shown  that  for 
certain  material  systems  the  measured  debonding  force  appears  to  increase  with  specimen  size  to 
a  specific  value  and  then  remains  unchanged  as  the  embedded  length  continues  to  increase.  This 
trend  in  microbond  data  has  been  reported  by  Miller  and  Penn  for  epoxy/aramld  systems.il, 31 
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Recently,  Penn  and  coworicers  applied  a  fracture  mechanics  approach  to  analyse  the  microbond 
test  and  predicted  that  the  relationship  between  measured  load  and  embedded  length  is  not  linear 
but  should  exhibit  the  dual  behavior  of  rising  load  at  low  1  and  constant  load  at  high  i.[3] 

Our  experimental  results  were  examined  In  terms  of  die  strength  of  materials  and  fracture 
mechanics  interpretations  of  interfacial  failure.  Due  to  experimental  artifacts,  a  limited 
experimental  range  and  relatively  large  experimental  uncertainty,  it  was  not  possible  to  use  our 
data  to  discriminate  between  these  models  and  unambiguously  establish  a  theoretical  basis  for  the 
method. 


CONCLUSIONS 

An  important  interfatiul  paiumetcr  in  composite  materials  is  the  bond  strength  between  the 
reinforcing  fiber  and  the  matrix  resin.  The  rmcrobond  test  provides  a  method  with  potential  for 
direct  measurement  of  fiber/matrix  interfacial  properties.  However,  the  current  level  of 
understanding  of  the  method  and  the  failure  processes  associated  with  fiber  pull-out  does  not 
allow  a  straightforward  interpretation  of  experimental  results. 

Examination  of  material  and  experimental  variables  in  the  microbond  test  procedure  has 
clarified  the  limitations  of  the  method.  These  limitations  can  be  sufficiently  severe  as  to  impact 
the  use  of  the  method  for  systematic  investigation  of  the  effects  of  chemical  modification  on 
interfacial  bond  strength. 

Prior  to  use  of  the  micro  bond  test  for  investigation  of  interfacial  strength  properties,  the 
following  conditions  must  be  satisfied:  independent  determination  of  the  extent  of  cure  of  the 
thermoset  matrix  droplet,  identification  of  the  locus  of  failure  and  investigation  of  the  influence 
of  the  contact  geometry  developed  during  the  debonding  event. 

Investigation  of  the  potential  application  of  the  microbona  method  should  continue  despite  the 
problems  associated  with  the  technique.  To  date,  no  single  method  has  been  identified  for 
unambiguous  delineation  of  interfacial  bond  strength  for  all  material  systems  and  the  importance 
of  the  problem  warrants  continued  experimental  and  theoretical  investigation. 


ACKNOWLEDGMENTS 

The  authors  gratefully  acknowledge  helpful  discussions  with  Drs.  Thomas  Fabish  and  Karl 
Wcfcrs  and  input  on  the  theoretical  interpretation  of  the  method  provided  by  Dr.  Jerry  Ych. 

REFERENCES 

1.  Bernard  Miller,  Pierre  Muri  and  Ludwig  Rebenfcld,  Comp.  Sci.  Tech .  2ft.  17  (1987). 

2.  Umesh  Gaur  and  Bernard  Miller,  Comp.  Scl.  Tech.  24. 35  (1989). 

3.  Lynn  S.  Penn  and  Shaw  M.  Lee,  7.  Comp.  Tech.  Res.  11(1),  23  (1989). 

4.  Kevin  P.  McLea  and  Gregory  J.  Besio,  Poly.  Comp,  2(4),  285  (1988). 

5.  L.  S.  Penn  and  S.  M.  Lee,  Fiber  Science  and  Technology  12, 91  (1982). 

6.  Michael  R.  Piggott  and  Ping  S.  Chua,  Ind.  Eng,  Chem.  Res.  22,  672  (1987). 

7.  L.  J.  Broutmanln  American  Society  for  Testing  and  Materials,  edited  by  M.  J.  Salldnd, 
(Philadelphia,  1969),  p.  27. 

8.  G.  D.  Andreevska  ana  Y.  A.  Gorbatkina,  Ind, Eng.  Chem.,  Prod.  Res.  Develop.  H,  24 
(1972). 

9.  D.  B.  Eagles,  B.  F,  Blumentritt  and  S,  L.  Cooper,  7.  Appl.  Poly.  Sci,  2Q  435  (1976). 

10.  Jill  K.  Morrison,  Surenda  P,  Shah  and  Yeou-Shang  Jenq,  7.  Engineering  Mechanics  Hi  (2) 
277  (1988). 

1 1 .  Lawrence  T.  Drzal,  Michael  J.  Rich  and  Pamela  F.  Lloyd,  7.  Adhesion  lfi  1  (1982). 

12.  L.  T,  Drzal  (private  communication). 

13.  J.  Y.  Yeh,  Letter  to  R.  L,  Rolf,  Alcoa  Laboratories,  1989. 


PART  II 


Characterization  of  Interfaces 


78 


TRANSMISSION  ELECTRON  MICROSCOPY  STUDIES  OF  SILICON 
NITRIDE  /  SILICON  CARBIDE  INTERFACES 

H.-J.  KLEEBE*,  N.  CORBIN**,  C.  WILLKENS**,  and  M.  RtfHLE*-+ 

*UCSB,  Materials  Dept.,  Eng.  IB,  Santa  Barbara,  CA; 

“Norton  Co.,  Northboro,  MA. 

+Now  at  MPI  fiir  Mctallforschung,  Stuttgart,  FRG. 


ABSTRACT 

Microstructural  investigation  of  HIFed  silicon  nitride  reinforced  with  silicon  carbide 
whiskers  were  performed  using  a  400  kV  high  resolution  analytical  transmission  electron 
microscope.  Tvra  different  whisker  sources  as  well  as  uncoated  and  carbon  coated  whiskers 
were  evaluated  for  their  effectiveness  in  improving  mechanical  properties. 

This  paper  focuses  on  microstructural  and  microchemical  analysis  of  interface  and 
grain  boundary  regions  within  die  composites.  Combined  HREM  and  AEM  investigations 
reveal  that  variations  in  fracture  toughness  are  mainly  influenced  by  the  miemtruenirut  and 
chemical  development  of  the  interface.  Fracture  toughness  can  be  related  to  the  surface 
chemistry  of  the  reinforcements. 


INTRODUCTION 

Silicon  nitride  is  one  of  the  leading  candidate  engineering  ceramic  materials  for 
structural  applications  at  elevated  temperatures.  This  is  a  result  of  its  good  mechanicul  and 
thermo-mechanical  properties  (high  strength,  good  corrosion  resistance,  and  thermal  shock 
resistance).  Its  rather  low  fracture  toughness,  a  general  problem  for  ceramic  materials,  is  a 
concern  for  a  variety  of  potential  applications.  One  of  the  most  effective  concepts  for 
improving  toughness  is  the  incorporation  of  SiC  whiskers  as  a  reinforcing  phase.15  Silicon 
carbide's  favorable  combination  of  properties  such  as  high  strength,  high  elastic  modulus,  and 
good  thermal  stability  make  it  a  very  promising  material  for  reinforcement  in  different  ceramic 
systems.  Furthermore,  its  compatibility  with  most  oxide  and  non-oxide  ceramic  materials  led 
to  the  formation  of  a  variety  of  new  ceramic  composite  materials  with  improved  mechanical 
properties.  Although  the  reported  data  for  SijN«/SiC  whisker  reinforced  ceramics  are  not  as 
promising  as  for  A^Oj/SiC  composites,  there  is  a  rather  high  potential  for  its  use  in 
engineering  structural  applications.4-5 

The  major  toughening  mechanisms  for  silicon  nitride  based  whisker  reinforced 
composites  were  identified  as  crack  bridging,  crack  deflection,  and  crack  branching.  Unlike 
fiber  reinforced  materials,  whisker  pull-out  is  less  pronounced  when  observed.6  The  resulting 
toughening  mechanisms  are  mainly  determined  by  the  interfacial  properties  of  the 
reinforcement/matrix  interface,  although  toughness  is  also  governed  by  whisker  shape, 
strength,  radius,  and  volume  fraction.7  The  role  of  residual  stress  at  interfaces  due  to 
different  thermal  expansion  mismatches  of  SiC  and  SijN*  are  expected  to  be  important. 
Therefore,  a  chemical  and  microstructural  characterization  of  the  interfacial  regions  combined 
with  a  general  characterization  of  microstructural  features  gives  valuable  information  for  a 
deeper  understanding  of  resulting  mechanical  behavior  of  the  composites. 

In  this  paper  four  different  SijNe/SiC  whisker  reinforced  ceramics  wore  investigated. 
The  materials  varied  in  whisker  source  and  whisker  coating.  The  investigation  emphasized 
both  general  microstructural  characterization  of  the  composites  and  high  resolution  imaging  of 
interfacial  regions  between  whisker  and  host  material.  The  goal  was  to  correlate  resulting 
mechanical  properties  to  characteristic  microstructural  features  of  the  composite  materials. 
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EXPERIMENTAL  PROCEDURES 

Composite  blends  were  prepared  by  mixing  30  vol.%  SiC  whiskers  with  a  matrix  of 
SijN*  plus  4  wt.%  Y2O3,  Carbon  coated  and  uncoated  SiC  whiskers  supplied  by  American 
Matrix  Incorporated  (AMI)*  and  Tokai  Carbon  Co.  Ltd.**  were  used  in  tills  study.  The 
composite  blends  were  formed  into  7.5x7.5x0.6  cm  riles  by  uniaxial  die-pressing.  This 
forming  results  in  random  alignment  of  the  SiC  whiskers  in  the  Si3N«  matrix.  Composites 
were  hot  isostadcally  pressed  to  full  density  using  the  ASBA  glass  encapsulation  method. 

Flexural  strength  was  determined  on  3x4x50  mm  test  specimens  machined  and  tested 
according  to  the  recommended  MIL-STD  procedures.8  Fracture  toughness  values  were 
determined  using  the  controlled  flaw  method  described  by  Chantikul  et  al.9  A  10  kg  vickers 
indent  was  inserted  into  the  tension  side  of  the  test  specimen.  The  same  geometry  and 
ftxturing  configuration  used  for  strength  testing  was  used  for  fracture  toughness 
determination-  Average  strength  and  fracture  toughness  values  were  obtained  from  results 
on  two  to  rive  test  specimens.  Because  of  the  many  concerns  over  the  accuracy  of  fracture 
toughness  techniques  a  well  documented  SijNa  material  (NC-132)  was  evaluated  for 
comparison  The  obtained  value  of  4.6  +/-  0.1  MPa(m)Wfor  NC-132  is  in  good  agreement 
with  literature  values  of  4.7  MPa(m)W  by  chevron  notch10  and  5.0  MPa(m)1«  for  controlled 
flaw  method.9 

TBM  specimens  were  prepared  following  standard  procedures.  Dimpling  and 
subsequent  ion  thinning  with  an  argon  dual-beam  at  2.5  kV  to  5  kV  at  1.0  mA  to  perforation 
was  the  final  step  of  specimen  preparation.  Microstructural  and  analytical  analysis  of 
amorphous  phase  regions  included  energy  dispersive  x-ray  spectroscopy  (EDS-Tracor, 
Northern),  and  parallel  electron  energy  loss  spectroscopy  (PEELS-Gatan).  Structural  and 
analytical  work  was  performed  using  a  400  kV  JEOL  instrument  (Model  4000  FX)  with  the 
outlined  analytical  equipment  attached.  During  all  investigations  a  double  tilting  specimen 
holder  operating  at  liquid  Nj  temperature  to  reduce  contamination  was  used  . 

•  An«icn  Matrix  lac..  KaoxviUe  TN,  Ocaantkm  A  Onto  l A  SiC.  Diameter  0J-2.0 

“  Tokai  Carton  Go.  Lat.  JAPAN,  Onto  400  *co*Md.  400C  coalad.  Diameter  tO-J  A  pin 


RESULTS  AND  DISCUSSION 

-Ma?ti»nlcil.gra«ni« 

Table  1  lists  the  mechanical  progeny  results  on  the  four  composites  evaluated  along 
with  a  monolithic  representative  of  the  matrix  material.  Optical  microscope  analysis  of 

fracture  surfaces  of  the 
composite  materials  have 
shown  that  the  observed 
large  variations  In  fracture 
strengths  are  mainly  re¬ 
lated  to  residual  SiC 
grit  with  particle  sizes 
>30  pm  associated  with 
the  silicon  carbide  whiskers. 
Although  different  whiskers 
and  coatings  were  utilized 
in  the  composites  the 
fracture  toughness  results 
do  not  show  large  varia¬ 
tions.  The  monolithic  material  A  (see  Table  I)  and  composites  B,  C,  and  E  are  all  similar 
coasidering  the  standard  deviations  observed.  Only  composite  material  D  is  significantly 
different  tom  the  others.  In  this  case  it  is  the  lower  <  toughness  material. 


Tab.  1  Fracture  strength  and  fracture  toughness  of  monolithic 
and  SiC  whisker  reinforced  composites 
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.  Microstructural  characterization  _ 

TEM  studies  of  the  composites  revealed,  besides  large  SiC-partlcles,  a  non-umform 
distribution  of  metallic  contaminations  as  well  as  carbon  clusters,  which  may  also  contribute 
to  variations  in  fracture  strength  data.  Materials  B  and  C  containing  Tokai  whiskers  showed 
Co-rich  particles  as  a  major  metallic  contamination.  They  are  described  in  the  manufacture's 
patent  as  a  possible  catalyst  during  processing.11  In  contrast,  combined  EDS  and  PEELS 
analysis  verified  similar  sized  and  shaped  WC-particles  in  materials  D  and  E,  incorporated 
during  powder  processing  from  the  milling  media.  Carbon  clusters  in  the  matrix  were 
observed  in  composites  reinforced  with  uncoated  and  carbon  coated  whiskers.  The 
observation  of  carbon-rich  clusters  using  uncoated  SiC-reinforcements  was  unexpected. 
Residual  carbon  clusters  in  Tokai  whisker  reinforced  composites  were  mainly  found  in  the 
vicinity  of  the  Co-rich  particles.  This  can  be  related  to  excess  carbon  used  during  whisker 
synthesis.  The  AMI  whisker,  although  labeled  as  uncoated,  revealed  a  rather  thin  (10-20 
nm)  discon  tinous  carbon  layer  at  the  surface.  This  coating  showed  a  tendency  to  peel  off  and 
form  clusters  in  the  matrix. 


Fig.  1  Uncoated  SiC  whiskers  in  S13N4  based  composites;  a)  Tokai  whisker  (beam 

direction  close  to  [111]),  b)  AMI  whisker  (incident  beam  parallel  to  [110]). 


Low  magnification  TEM  images  in  Fig.  1  depict  uncoated  Tokai  and  AMI  whiskers 
incorporated  into  the  silicon  nitride  matrix  material.  All  composites  contained  both  smooth 
and  contorted  or  irregular  shaped  whiskers  with  average  diameter  variations  between  50  and 
500  nm.  Some  of  the  Tokai  whiskers  appeared  to  be  hexagonal  and  a  minor  amount  triangular 
shaped  when  viewed  parallel  to  the  [111]  growth  direction.  It  is  interesting  to  note  that  the 
Tokai  whiskers  are  partly  embedded  in  a  Si-rich  Y-containing  secondary  glassy  phase  (Fig. 
la),  while  no  amorphous  grain  boundary  phase  was  observed  adjacent  to  AMI  whiskers.  The 
majority  of  the  AMI  reinforcements  exhibited  small  impurities  and/or  cavities  near  the  core 
regions  as  reported  elsewhere12-13  for  rice-hull  derived  SiC  whiskers  and  numerous  stacking 
faults  perpendicular  to  the  whisker  axis,  indicated  by  typical  contrast  bands  in  the  bright  field 
images  or  intensive  streaking  in  the  corresponding  diffraction  pattern.  No  discrete  SiC- 
polytype  could  be  identified.  Moreover,  it  is  shown  that  some  of  the  AMI  reinforcements  did 
not  preserve  morphological  integrity  during  powder  processing  (see  arrow?  in  Fig.  lb),  which 
indicates  that  less  severe  processing  techniques  like  slip  casting  are  required  to  reduce 
whisker  damage  during  composite  synthesis. 

In  general  the  carbon  coatings  in  composite  materials  C  and  E  are  homogeneous  with 
a  varying  thickness  of  100-200  nm  for  Tokai  whiskers  and  25-50  nm  for  AMI  reinforcements, 
respectively,  as  shown  in  Fig.  2.  However,  a  continuous  carbon  coating  is  not  present  on  all 
whiskers  and  peeled-off  coatings  forming  an  increased  number  of  carbon  clusters  in  the 
composites  were  observed.  These  results  indicate  again  the  problematic  nature  of 
processing  and  demonstrate  that  the  carbon  coatings  'survive'  the  processing  route.  Most 
coatings  reveal  a  layered  structure  and  can  be  compared  to  stress-graphitized  films  observed 
by  Yamamoto  et  alM  in  a  spinel  matrix  composite  when  carbon  coated  Tokai  SiC  whiskers 
were  used. 
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Fig.  2  Bright  field  images  of  carbon  coated  SiC  whiskers;  a)  Tokai,  b)  AMI 

whisker  in  SijNz  based  composites. 


-  IntcrfaciaLcharactcriMtion 

Mechanical  properties  of  ceramic  components  are  strongly  affected  by  grain  boundary 
and  interfacial  characteristics.  The  composite  toughness  is  expected  to  be  critically 
dependant  on  the  chemical  and  micros  true  tural  properties  of  the  whisker/matrix  interface. 
Residual  strain  due  to  different  thermal  expansion  coefficients  of  matrix  and  reinforcement 
are  detrimental  to  fracture  resistance.7  The  structure  of  the  interface  will  control  debonding, 
crack  branching  and  pull-out  mechanisms  for  toughness  enhancement. 

Fig.  3a  depicts  the  overall  feature  found  in  the  silicon  nitride  matrix  of  the 
composites.  A  thin  amorphous  grain  boundary  film  covers  the  silicon  nitride  particles 
intersecting  at  triple  point  junctions.  The  presence  of  a  silicon  oxynitride  amorphous  film 
along  grain  boundaries  is  well  established  for  large  angle  boundaries  in  Si^N*  materials.13-16 
No  crystalline  secondary  phases  were  observed  in  any  of  the  composites  investigated.  EDS 
analysis  at  triple  points  showed  a  Y -containing  Si-rich  secondary  phase,  while  additional 
PEELS  data  exhibited  a  high  amount  of  oxygen,  but  only  a  minor  quantity  of  nitrogen.  No 
carbon  was  detected  in  any  of  the  analyzed  secondary  glassy  phase  regions.  As  the 
interfacial  structure  and  chemical  composition  of  the  matrix  material  in  all  composites  show 
only  negligible  variations,  it  can  be  concluded  that  deviations  in  fracture  resistance  are 
closely  related  to  differences  in  the  SbNs/SiC  whisker  interface. 

Focussing  on  materials  containing  carbon  coated  reinforcements  (Fig.  3b),  it  can  be 
assumed  that  above  a  specific  carbon-film  thickness,  which  is  below  the  observed  thickness 
of  30-200  nm,  a  carbon  coating  has  certain  advantages  regarding  fracture  toughness.  The 
step-like  nature  of  the  whisker  surface  ((111)  growth  facets  on  close-packed  planes)  and 
the  generally  rough  morphology  of  the  reinforcement  is  reduced.  Moreover,  the  propagating 
ciack  front  will  run  along  the  whisker/matrix  interface,  because  the  graphitized  carbon 
coating  with  its  laminar  structure  parallel  to  the  whisker  axis  will  debond  easily  (weak 
interfacial  bonding).  Both  reduced  roughness  and  increased  debond  length  contribute  to  an 
increase  in  fracture  resistance  of  the  composite.  On  the  otheT  hand,  a  random  orientation  of 
the  reinforcements  will  reduce  this  effect,  because  the  quantity  of  whiskers  perpendicular  to 
the  crack  plane  is  greatly  reduced.  Recent  work  has  shown  that  maximum  toughness  occurs 
when  whiskers  are  perpendicular  to  the  crack  plane.17  Subsequent  results  demonstrated 
that  the  quantity  of  whiskers  perpendicular  to  the  crack  plane  is  very  sensitive  to  the  bulk 
whisker  orientation  produced  during  processing.1*-20  Therefore,  a  significant  increase  in 
fracture  toughness  between  composites  with  coated  and  uncoated  whiskers  was  not  to  be 
expected  (compare  Table  1).  Hence,  material  B  (uncoated  Tokai  whiskers)  with  a  continous 
glassy  phase  layer  along  the  whisker/matrix  interface  (see  Fig.  3c)  shows  only  a  minor 
deviation  in  fracture  resistance  compared  to  that  of  a  material  with  carbon  coated 
reinforcements. 


Fig.  3  HREM  images;  a)  amorphous  phase  along  SijN*  grains,  b)  SiC/C-coating  interface, 
and  Si3N4/SiC  whisker  interface  with  c)  uncoated  Tokai,  d)  uncoated  AMI  whisker. 


In  contrast  to  the  composites  discussed  above,  an  inhomogeneous  interface  structure 
is  present  in  material  D  (sec  Fig.  3d).  Areas  with  graphitized  carbon  layers  in  the  form  of  a 
thin  interfacial  film  adjacent  to  interface  regions  without  any  amorphous  glassy  phase  were 
observed.  Surface  composition  measurements  via  Auger  analysis  of  as-received  AMI 

whiskers  shown  in  Tab.  2  confirm  the  TEM 
Tab.  2  Auger  analysis  of  as  received  observations.  The  surface  composition  of  the 
AMI  whisker  surfaces  whiskers  varies  from  whisker  to  whisker.  On 

some  surfaces  additional  Ca-  and  Cl-impurities 
were  detected.  Moreover,  one  of  the  AMI 
whiskers  with  a  carbon-rich  surface  area  was 
sputtered  for  about  two  minutes  with  only 
minor  changes  in  composition.  This  indicates  that 
the  as  received  AMI  whiskers  exhibit  an 
inhomogeneous  surface  chemistry  and  local 
carbon  enrichments,  respectively.  Considering 
HREM  results  and  Auger  analysis  the  formation  of  a  non-uniform  interface  can  be 
understood,  but  the  question  remains,  why  no  amorphous  secondary  phase  is  present 
adjacent  to  the  whisker.  Both  the  formation  of  a  continuous  amorphous  glassy  phase  as 
well  as  no  amorphous  interface  film  present  along  the  whisker/matrix  interface  has  been 
reported. 7''Jd9  Assuming  a  silica-rich  liquid  film  is  formed  along  the  whisker/matrix 
interface  during  densification,  local  carbon  enrichments  may  promote  the  following  reactions: 

Si02  +  C ->  SiO  +  CO  (1)  and  SiC  +  2  SiC>2  ->  3  SiO  +  CO  (2) 

Thus,  removing  the  Si02  constituents  via  CO  or  SiO  vapor  phase  reactions  in  the  early 
stage  of  composite  densification  when  there  is  remaining  open  porosity.  Therefore,  the 
glassy  phase  formation  along  the  whisker/matrix  interface  can  be  reduced  and/or 
suppressed.  Varying  thickness  of  the  carbon  layer  on  the  as-received  whiskers  leads  to 
carbon  and  glassy  phase  free  areas  adjacent  to  residual  graphitized  layers  depicted  in  Fig. 
3d.  Furthermore,  with  resoect  to  fracture  resistance,  debondine  will  occur  alone  the 
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interface  where  the  whisker  surface  is  covend  with  residual  carbon.  When  the  crack 
propagates  and  intersects  the  area  where  SijN4  and  SiC  are  directly  bonded  together  the 
crack  will  kink  into  the  whisker.  Therefore,  the  rather  low  fracture  resistance  of  material  D, 
compared  to  the  composites  discussed  earlier,  can  be  related  to  the  formation  of  a  non- 
uniform  interfacial  structure  due  to  the  surface  chemistry  of  the  whisker  starting  material. 


SUMMARY 

This  investigation  characterized  SljNr  based  SiC  whisker  reinforced  composites.  A 
homogeneous  amorphous  interfac.  ri  film  was  typically  present  along  SijN<  grains  of  the 
matrix  for  aU  composites.  A  uniform  interface  film  was  observed  at  the  whisker/matrix 
interface  for  carbon  coated  and  uncoated  Tokai  SiC  whisker  reinforced  and  carbon  coated 
AMI  SiC  whisker  reinforced  composites.  No  significant  difference  in  fracture  toughness  was 
measured  for  these  composites.  This  is  consistent  with  the  low  quantity  of  reinforcement 
perpendicular  to  the  crack  plane  in  these  materials  due  to  their  random  whisker  orientation. 
An  inhomogeneous  interfacial  structure  formed  in  the  carbon  coated  AMI  whisker 
containing  composite  can  be  related  to  marked  variations  in  whisker  surface  chemistry 
limiting  fracture  resistance.  In  this  case  it  is  the  lowest  toughness  composite. 
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ABSTRACT 

The  reactions  between  coated  SiC  continuous  fibres  and  TiAl.  TtjAl,  or  TtjAi  + 
JJ  matrices.  have  been  investigated  using  optical  metallography,  scanning  electron  microscopy 
(SEM),  and  transmission  electron  microscopy  (TEM).  with  chemical  information  obtained  by 
energy  dispersive  x-ray  analysis  (EDX)  and  electron  energy  loss  spectroscopy  (EELS). 

Similar  sequences  of  phases  were  found  in  all  the  composites;  carbides  based  on 
TtC  and  TijAlC  (x*2,3)  and  titanium  sillddes  based  on  TljSij  forming  in  narrow  bands 
outside  of  the  complex  carbides.  The  occurrence  of  individual  phases  can  be  related  to 
published  phase  diagram  information,  However,  the  sequences  in  which  the  reaction  products 
occur  within  the  reaction  tones  cannot  be  fully  rationalised  from  the  present  results. 

INTRODUCTION 

Titanium  aluminide  metal  matrix  composites  are  being  evaluated  for  possible 
high  temperature  aerospace  applications.  As  part  of  this  process,  it  ts  necessary  to  understand 
the  reactions  between  the  reinforcements  (fibres,  whiskers,  or  particles)  and  the  matrices,  the 
reaction  products  are  believed  to  control  or  Influence  the  mechanical  properties  of  the 
composttcsl. 

This  paper  describes  the  results  of  investigations  into  the  nature  and  extent  of  the 
reaction  between  coated  SiC  fibres,  and  three  different  titanium  alutniakks  matrices  -TiAi  (y  * 
tN ),  TtjAi  ( O *  •  kt'S  ) ,  and  ♦  bee  solid  solution  (0  •  d2  V 

EXPERIMENTAL 

Sectioned  as-east  Ti  -  SOuftAI,  Ti  •  25at%Al.  and  Tr  *  24at*Al  -  ttartfcNb 
button  melts  supplied  by  IMt  Titanium  Led..  were  used  to  sandwich  single  layers  of  AVCO 
SCS-b  SiC  fibres  in  a  series  of  test  specimens  prepared  by  Rolls-Royce.  Impurity  levels  (QJs) 
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in  the  as-cast  material  were  <0.2  wt%.  The  composites  were  hot  isosratically  pressed  for  2h  at 
il00°C  and  103.4MPa.  Optical,  SEM,  and  TEM  specimens  were  prepared  from  the 
composites.  Qualitative  and  semi-quantitative  EDX  and  EEI.3  analyses  were  obtained  from 
thin  foils.  Selected  area  and  convergent  beam  electron  diffraction  (SAD  and  CD  ED)  were  used 
to  determine  crystal  structures  and  lattice  constants.  The  composites  were  identified  as  MT1 149 
(5QA1),  MTl  15f)(25Al),  and  MIT  151  (24Al-llNb). 

RESULTS 


Optical  and  SEM  results  revealed  some  evidence  of  cracking  between  closely 
spaced  fibres  but  generally  diffusion  bonding  was  considered  satisfactory  since  grain  growth 
was  seen  a,-j3*s  the  bond  line,  g  -  deplettd  regions,  adjacent  to  fibres,  were  present  in  the 
24-1 1  matrix  composite. 

Extensive  radial  cracking  in  the  fibre-matrix  reaction  rones  and  adjacent  matrix 
was  observed  in  all  the  composites.  Cracks  in  the  matrix  had  prorogated  only  to  the  outer  limit 
of  the  j)  -  depleted  regions  in  the  TV24AI- 1  INb  matrix  composite. 

A  TEM  secondary  electron  image  of  a  1V50A1  matrix  composite  reaction  rente 
<RZ)  is  shown  in  Fig.  I,  It  Is  possible  to  distinguish  between  three  separate  regions.  These 
regions  correspond  to  phases  which  were  identified  using  EDX/EELS  and  diffraction 
information.  The  innermost  phase  had  an  EDX  spectrum  which  showed  only  Ti  K  peaks. 
Ring  pauents  from  this  fine  grained  region,  however,  could  be  indexed  as  cubic  with  a  « 
Q,43iQ.0Jam.  This  is  dose  to  the  lattice  parameter  of  stoichiometric  TSC.  The  middle  ptesc 
was  Al-rich  and  had  an  EDX -based  composition  of  T1-33AI.  Tie  presence  of  C  was 
suggested  by  the  asymnsetry  in  the  Ti  L  UTW-KDX  peak  and  ftom  EELS.  SAD  information 
suggest  an  ordered  hexagonal  structure  consistent  with  lattice  parameters  a  -  0.3010.01  run 
and  c  »  1 .3t>lO.O  i  tint.  This  phase  was  identified  as  TivAIC. 

lire  outer  phase  was  Si-rkh  with  an  LDXbiced  ecmposUion  of  Ti-J9Si  (c  AIL 
SAD  analysis  revealed  an  ordered  hexagonal  structure  with  •  »  0.7510.01  tun  and  c  « 
05210.01  am.  On  this  bask  the  phase  was  identified  as  YrjSij  (MIX 

f  t  was  also  observed  that  A I  enrichment  of  the  matrix  adjacent  to  die  outer  srUekte 
phase  had  occurred.  The  enrichment  of  -10%  fell  to  near  the  nominal  matrix  value  over  a 
divisive  of  -3tgim  from  the  outer  sstkidc  layer  (FtglL 

The  Ti-25A1  matrix  composite  RZ  appeared  very  similar  to  that  of  the  Ti-  S0A1 
composite.  The  inner  and  outer  RZ  phase*  were  again  based  on  TtC|.t  and  TTjSij 
respectively,  but  the  middle  (and  most  extensive)  phase  had  an  ordered  cubic  structure  with  a  « 
0.4010.02am.  The  approximate  EDX  composition  was  Ti-2iAi-iai  tai  it  is  UiteSy  Out  i»c 


Fip.2  EDX  mult  lowing  Al  tftrkkment  of  the  ouirtx  «4|accot  to 
(tie  fihre-uuvd*  reaction  tow  in  Uw  TiAt  maths  i&upotlle 
(betwten  petals  'A'  *o4  *8*  to  Ftg.l). 


phase  corresponded  to  TijAlC  (see  phase  diagram  Fig.3)  with  dissolved  Si  although  the 
presence  of  C  could  not  be  confirmed  directly  due  to  the  reluctance  of  the  phase  to  thin 
sufficiently  during  ion  beam  milling.  No  significant  A1  enrichment  of  the  matrix  outside  the  RZ 
was  found. 

The  Ti-24A1-1  INb  matrix  composite  had  a  complex  RZ  with  five  distinguishable 
phases.  The  inner  two  phases  were  based  on  TiCj.x  and  (TiNb)Ci.x  and  the  outer  phase  was 
identified  as  (TiNb>5(AlSi)3  in  a  single  grain  thick  band.  The  most  extensive  phase  was  a 
(TiNbjjAIC  layer  between  the  (TiNb)Cj.x  and  the  outer  silicide.  There  was  also  a  narrow  (one 
grain  thick)  phase  with  EDX-based  composition  Ti-12Nb-12Si-llAl  between  the  (TiNb)Ci.x 
and  (TiNb>3AlC,  which  could  not  be  identified  from  the  limited  diffraction  information 
available.  Further  work  is  needed  to  identify  this  phase. 

In  ail  of  the  composites,  1  -  2pm  of  the  outer  C-rich  fibre  coating  remained 
unreacted  -  often  during  TEM  specimen  preparation  the  fibre  separated  from  the  matrix  by 
cracking  through  this  coating  rather  than  through  the  RZ  itself.  In  each  specimen  the  presence 
of  Ti  in  the  fibre  adjacent  to  the  RZ.  and  of  Si  in  the  matrix  beyond  the  RZ.  was  detected  by 
EDX. 

The  results  are  summarised  in  Fig  4. 

DISCUSSION 

The  most  obvious  features  o»  the  fiber  matrix  reactions  arc  that  at  1 100°C 
processing  the  RZ  widths  are  extensive  a,id  that  several  phases  form  as  reaction  products  in 
well-defined  bands  within  the  RZ  The  amount  of  retained  C-rich  fibre  coating  suggests  that  the 
RZ  grows  both  towards  a.td  away  from  the  fibre  (Le.  on  two  fronts). 

The  science*  of  RZ  phases  for  the  different  composites  were  similar.  In  ait 
cases  the  innermost  phase  was  based  on  TiCj.x  sometimes  with  Nb  subsaluting,  presumably, 
for  tire  Ti.  Punlter  out  the  complex  carbides  of  the  type  (TiNb)xAtC  (x«2,3)  dominate  the 
RZs.  The  sequence  of  phase  formation  Is  difficult  to  deduce  from  the  present  results  although 
the  presence  of Ti  in  the  fibres  and  the  presence  of  Si  in  the  matrix  outside  of  the  RZs  confirms 
the  inwards  diffusion  ofTi  and  the  outwards  diffusion  of  Si. 

In  the  24-11  matrix  composite,  it  is  possible  that  the  initial  reaction  between 
TijAl  and  C  *  rich  SiC  is  to  produce  TiCj.r  The  Si  which  does  not  participate  in  this  phase 
may  diffuse  through  the  TiCj.,  to  the  outer  RZ/matrix  boundary.  Conti. .oed  diffusion  ol  Ti 
from  the  matrix,  through  the  TiCj.,,  and  into  the  fibre,  could  allow  continued  growth  of 
TTCj^,.  The  formation  of  TSjAlC  could  remit  from  the  diffusion  of  excess  C  from  the  fibre  into 
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the  matrix  -  it  is  likely  that  the  diffusivity  of  C  in  TiCi_x  is  much  higher  than  that  of  Ti  3.  In 
this  case,  the  silicon  (or  silicide)  present  at  the  outer  RZ  would  form  a  moving  front  as  the 
Ti3AlC  continued  to  grow.  Eventually  precipitation  of  a  silicide  (with  dissolved  Al)  could 
occur  at  the  outer  RZ  edge.  The  presence  of  excess  Al  in  the  matrix  could  cause  the  formation 
of  a  P  -  depleted  zone  as  observed.  In  the  case  of  the  TiAl  matrix  composite,  the  presence  of 
Ti2AlC  in  the  RZ  requires  a  much  greater  rejection  of  Al  into  the  matrix  as  observed.  The 
present  results  for  the  T13AI  +  p  matrix  composite  arc  not  entirely  consistent  with  those  of 
Baumann  et  al.4  in  so  far  as  no  microporosity  was  observed  in  this  investigation  nor  could  the 
presence  of  an  inner  TisS^  phase  between  the  carbide  and  complex  carbide  be  confirmed. 

The  full  elucidation  of  the  reactions  in  these  systems  requires  continued 
investigation  via  thermal  processing  experiments. 
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ABSTRACT 

The  dislocation  structure  of  Pt-(001)NiO  interfaces  was  studied  using  electron  microscopy 
and  electron  diffraction  techniques.  Specimens  were  produced  by  hot  pressing  polycrystalline  Pt 
films  on  to  thin  NiO  single  crystals,  and  bulk  Pt  single  crystals  on  to  bulk  NiO  single  ciystals.  The 
polycrystalline  Pt  specimens  were  used  to  determine  the  favored  orientation  relationships  between 
the  NiO  and  Pt,  while  the  bulk  NiO-Pt  specimens  were  used  to  study  the  detailed  structure  of  the 
interface.  Three  categories  of  orientation  relationships  were  identified:  exact  epitaxy  with  (001)pt  II 
(OOl)Nio.  [I10]pi  II  [1  lOlNio:  small  rotations  away  from  exact  epitaxy  about  the  common  [001] 
direction;  high  index  planes  of  Pt  parallel  to  (001)  of  NiO.  Theoretical  calculations  of  the  expected 
dislocation  structures  of  interfaces  with  the  first  two  orientation  relationships  were  made  using  a 
Bollmann-type  analysis.  The  experimental  observations  and  theoretical  predictions  were  shown  to 
be  in  good  agreement.  The  energies  of  the  interfaces  having  the  first  two  orientation  relationships 
were  shown  to  be  similar  which  is  believed  to  be  the  reason  why  they  both  occur. 


INTRODUCTION 

The  importance  of  metal-ceramic  systems  comes  from  their  applications  in  technology,  for 
example,  in  electronic  packaging,  coatings  and  composites.  For  composite  materials,  the  interface 
is  a  necessary  link  between  the  matrix  and  the  reinforcement  to  accomplish  load  transfer  as  well  as 
a  site  of  dislocation  generation.  An  understanding  of  the 'Structure  of  metal-ceramic  interfaces,  and 
its  relationship  to  mechanical,  thermal  and  electrical  properties,  is,  therefore,  of  both  scientific  and 
technological  interest. 

Although  interactions  at  metal-ceramic  interfaces  can  be  quite  complicated,  in  general  the 
bonding  can  be  classified  into  two  categories:  “reactive"  where  compounds  are  formed,  and  "non¬ 
reactive"  where  compounds  are  not  formed.  The  latter  case  is  the  simplest  to  consider  since  it 
involves  only  physical  interactions  between  atoms  or  ions.  It  must  be  realized  that  some  systems 
may  fit  into  either  category  depending  upon  the  equilibrium  state  of  the  species,  which  is 
determined  by  whether  the  atmosphere  is  oxidizing  or  reducing,  or  the  presence  of  compounds  in 
the  phase  diagram. 

Three  questions  are  of  interest  with  respect  to  metal-ceramic  interfaces  where  compounds  are 
not  present. 

(1)  What  kinds  of  orientation  relationships  and  interface  planes  between  metals  and  ceramics 
are  favored,  i.e.  have  low  energy? 

(2)  What  are  the  structures  of  these  interfaces? 

(3)  Why  do  the  favored  structures  have  lower  energy? 

In  order  to  answer  these  questions,  experiments  were  performed  on  NiO-Pt  interfaces  which 
are  in  the  "non-reactive"  class  and  were  produced  by  hot  pressing  polycrystalline  Pt  thin  films  on 
to  thin  NiO  single  crystals,  and  bulk  Pt  single  crystals  on  to  bulk  NiO  single  crystals.  To  examine 
only  those  interfaces  with  relatively  high  bond  strength,  advantage  was  taken  of  the  experimental 
observation  that  the  chemical  etching  used  to  dissolve  the  MgO  from  the  specimen  and  the  ion 
thinning  used  to  produce  the  electron  microscope  specimens,  both  eliminate  weak  interfaces.  The 
structure  and  crystallographic  orientations  of  the  interfaces  that  survived  the  preparation  procedure 
were  studied  by  transmission  electron  microscopy  and  the  observations  were  compared  to 
predictions  from  an  analysis  based  on  Bollmann’s  O-lattice  theory  [1J.  In  addition,  the  energy  of 
interfaces  was  examined  and  correlated  to  the  bonding  strength. 


EXPERIMENTAL  PROCEDURE 

Thin  single  crystals  of  NiO  were  produced  by  the  thermal  decomposition  of  NiBr2,  following 
the  method  of  Cech  and  Alessandrini  [2].  The  reaction 


Mil.  Rta.  Soc.  Symp.  Proc.  Vot.  170.  *1(90  Malartala  Rasaarch  Soelaty 


T 


92 


NiBr2  +  H2O  — >  NiO  +  2HBr 


(1) 


is  catalyzed  on  a  MgO  surface  in  an  atmosphere  of  water  vapor.  The  Pt  with  a  thickness  of  -70  nm 
was  produced  in  the  form  of  thin  films  by  sputtering  on  to  freshly  cleaved  MgO.  Bulk  single 
crystals  of  Pt  obtained  by  growing  from  the  melt  were  mechanically  polished  to  flat  {001} 
surfaces.  The  bulk  NiO  single  crystals  were  grown  by  the  Vemeuil  process  in  an  arc  image 
furnace  at  Argonne  National  Laboratory. 

The  metal -ceramic  interface  was  formed  by  hot  pressing  together  in  air  the  NiO  and  Pt  films, 
still  mounted  on  their  substrates,  at  a  temperature  of  1200*C  for  between  2  and  8  hours.  The  MgO 
was  dissolved  in  a  15%  H2SO4-H2O  solution  at  a  temperature  of  70'C,  leaving  the  Pt  and  NiO 
bilayer  with  a  typical  thickness  of  20  |im.  The  dissolution  process  occasionally  resulted  in 
separation  of  the  Pt  film  from  the  NiO  crystal.  During  the  hot  pressing  procedure  Mg++  ions 
dissolve  in  the  NiO,  and  most  likely  a  NiO-MgO  solid  solution  is  present. 

The  thin  polyciystalline  Pt-single  crystal  NiO  specimens  were  used  to  determine  the 
orientation  relationships  of  those  interfaces  which  are  relatively  strong.  In  order  to  study  the 
dislocation  structure  of  interfaces  with  special  orientation  relationships,  bicrystals  were  produced 
by  hot  pressing  together  macroscopic  NiO  and  Pt  single  crystals  using  conditions  similar  to  those 
applied  to  the  thin  crystals.  Details  of  the  experimental  procedure  are  addressed  in  reference  [3]. 


EXPERIMENTAL  RESULTS 

After  ion  thinning  of  the  polycrystalline  Pt-NiO  sandwich,  typically  only  a  few  patches  of  Pt 
are  left  on  the  NiO  single  crystal.  Selected  area  diffraction  (SAD)  was  used  to  determine  the 
orientation  relationships  that  existed  between  the  two  crystals.  Table  1  lists  the  observed 
orientation  relationships  which  were  divided  into  three  categories.  Category  I  involves  exact 
matching  of  crystallographic  planes  and  directions  in  both  crystals,  and  is  termed  the  exact  epitaxial 
orientation.  Category  II  is  similar  to  I,  but  with  deviations  away  from  exact  matching  consisting  of 
small  rotations  about  the  common  [001]  axis,  and  is  termed  a  twist-misfit  orientation.  Category  III 
involves  the  matching  of  different  crystallographic  planes  in  the  Pt  to  the  (001)  plane  in  the  NiO. 


Table  1.  The  experimentally  observed  orientation  relationships. 


1  (ooi  )pi  11  (00i)Nio 

lllOJpill  [UOjNio 

n  (OOi)pt  11  (001)nk) 

Rotation  about  [001]  of  NiO  by  0.5°  -  3° 
away  from  category  I  orientation 

ra  (i23)pt  11  (00i>Nio 

[210] pi  12°  away  from  [i  10]nk) 

(114)pt  II  (001>MiO 

[110]p,  8°  away  from  [IOOJn-,0 

Fig.  1(a)  shows  a  SAD  pattern  for  Category  L  Near  the  exact  (001)  pole,  the  diffraction 
pattern  contains  very  strong  double  diffraction  effects  in  the  form  of  square  arrays  of  satellite 
reflections  around  matrix  reflections.  In  order  to  minimize  the  influence  of  the  double  diffraction 
reflections  on  the  image,  which  would  result  in  interference  fringes,  it  was  necessary  to  tilt  the 
specimen  slightly  away  from  the  orientation  in  Fig.  1(a)  until  the  satellites  disappeared.  Fig.  1(b) 
is  a  bright  field  (BF)  image  taken  under  these  conditions  and  shows  the  presence  of  a  square 
dislocation  network.  The  dislocations  have  line  directions  along  <1 10>  of  the  NiO  and  Pt,  with  a 
spacing  between  the  dislocations,  Sjj  =  52  ±  OJnm.  Moire  fringes  with  spacing  of  ScW 2  are 
also  observed  along  <10Q>  directions.  Based  on  the  f.c.c.  space  lattice  of  NiO  and  Pt,  the  Burgers 
vector,  b,  of  the  misfit  dislocations  is  expected  to  be  a/2<l  I0>.  The  expected  misfit  dislocation 
spacing  was  determined  to  be  4.6  nm,  using  either  the  well  known  relationship,  Sd  «*  Ibl/  a,  where 
a  is  the  magnitude  of  the  fractional  misfit  based  on  the  NiO  and  Pt  lattice  parameters,  or  the  O- 
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Fig.  1  Observations  on  a  NiO*Pt  interface,  (a)  Selected  area  diffraction  pattern  showing  the 
(OQl)p,  il  (OOI)niq;  ( 1  lOjpi  II  [U0]NiO  orientation  relationship,  (b)  Bright  field  image 
taken  with  a  small  hit  in  orientation  away  from  that  in  (a). 


lattice  theory  discussed  in  the  nest  section.  Since  both  the  experimental  dislocation  line  direction 
and  spacing  are  in  reasonable  agreement  with  prediction,  the  dislocations  in  Fig.  1(b)  are  believed 
to  be  misfit  type. 

The  structure  of  the  interfaces  showing  the  Category  11  orientation  relationship  was  studied  in 
detail  using  specimens  produced  by  hot  pressing  macroscopic  NiO  and  Pt  single  crystals. 
Examination  of  the  boundary  oriented  30*  away  edge-on  in  Fig.  2(a),  shows  periodic  diffraction 
contrast  with  a  spacing  of  3.0nm.  In  order  to  confirm  that  there  is  a  periodic  boundary  structure 
present,  diffraction  patterns  were  taken  front  the  boundary  in  Fig.  2(a),  using  a  well  defoeussed 

second  condenser  lens.  Fig.  2(b)  shows  enlarged  portions  of  the  200  and  400  regions,  and  the 
extra  reflections  indicated  by  the  arrows  demonstrate  that  a  periodic  structure  is  present  in  the 
boundary.  The  position  of  the  reflections  relative  to  the  matrix  reflection  is  consistent  with  the 
observed  periodic  dislocation  structure  in  the  interface. 


Fig.  2,  Observations  on  a  NtO  Pt  interface  which  deviates  from  the  exact  (001)  epitaxial  orientation 
relationship  by  a  rotation  of  3*  about  the  [00 1)  axis,  (a)  Dark  field  image  of  the  interface  in 
(a)  which  is  fitted  -30*  away  from  edge-on.  (b)  Selected  area  diffraction  pattern  front  the 

boundary  in  (b)  with  enlarged  portions  of  the  200  and  4d0  regions. 
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THEORETICAL  CALCULATIONS 

According  to  Bollmann  [1]  the  structure  of  a  crystal  interface  is  determined  by  two  sets  of 
parameters.  The  fust  set  is  related  to  the  crystal  structures  and  the  relative  orientation  of  the  two 
crystals,  and  following  Bollmann’s  analysis  these  determine  the  O-lattice  that  is  present.  The 
second  set  of  parameters  is  given  by  the  path  of  the  boundary,  i.e.  the  boundary  plane.  The 
intersections  of  the  boundary  plane  with  the  O-lattice  cell  walls,  i.e.  the  Wigner-Seitz  cell,  are 
dislocations,  with  the  translation  vector  attributed  to  the  respective  cell  wall  being  their  Burgers 
vector.  Any  transformation  which  relates  the  position  vectors  in  the  two  crystal  spaces  can  be 
represented  by  a  sequence  of  transformation  matrices. 

This  paper  is  mainly  concerned  with  the  structure  of  Pt  -NiO  (001)  interfaces.  Therefore,  the 
O-lattice  construction  which  is  used  to  predict  the  dislocation  structure  can  be  done  in  two 
dimensions,  instead  of  the  three  dimensional  construction  usually  needed  for  a  general  interface 
(see  reference  (3]  for  the  more  complete  analysis).  The  transformation  matrix  which  relates  the 
position  vectors  in  Pt  and  NiO  can  be  represented  by  the  product  of  two  matrices.  One  is  an 
expansion-contraction  matrix,  which  can  be  written  as: 


_  (  l+ct  0  'j 
~{  0  1+ct  J 


where  a  is  the  fractional  lattice  parameter  mismatch  between  Pt  and  NiO, 

c 

ONiO 

and  apj  *  lattice  constant  of  Pt;  8^10  ■  lattice  constant  of  NiO. 

The  other  matrix  describes  the  rotation  about  the  (001)  axis  through  an  angle  9,  and  has  the  form 


f1  eosO  -sinO  \ 
^  sin8  eos8  J 


The  resultant  transformation  matrix,  A.  is 


A»RE« 


(  cosO 

•rinfl  ) 

(  1*0 

0 

{  sinO 

cosO  J 

l  0 

1*°  j  l 

(1+aK'osO  -(l+a)sln9 
(Ua)eo*0 


tf  the  Burgers  vector  is  of  the  type  a/2  <1 10>  in  the  interface  plane,  and  is  represented  in  two 
dimensions  as 


iltc  O-Utice,  uldng  the  NiO  unit  cell  basis  vector*  as  reference,  then  becomes 


X(°)  -  (lA‘)'»b . 


1  ♦tt-cosQtslnO  •l-a*cot9*sinD 

2«»4«)*-2(l4tt)eos8+l)  2((l4«>L2(i4a)co»94'l) 

l+tt-ctHO-sinO  1  ♦a-coi.O+sinO 

2<(t*a)2-2(l4«>£Oi9+l)  2(( ( ♦ot)J.2{  1  +a)cos94 1 ) 
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which  is  a  square  "lattice".  The  two  primitive  vectors  of  the  O-lattice  are  orthogonal  independent 
of  rotation  angle  0.  The  dislocation  structure  can  now  be  obtained  by  drawing  the  two  dimensional 
Wigner-Seitz  cell  about  each  O-lattice  point,  which  gives  a  square  network.  The  dislocation 
spacing  is  equal  to  the  shortest  distance  between  O-lattice  points,  i.e.  the  length  of  the  column 
matrices  of  X(°\  and  is 


sz=-j====Mm====  (8> 

v  2{apt^+aNio^-2a(naNiocos8) 

Based  on  the  above  calculations,  the  plot  of  Sq  vs  6  in  Fig.  3(a)  is  obtained,  and  it  is  seen 
that  Sq  decreases  rapidly  with  increasing  0.  The  dislocation  character  can  be  obtained  by 
considering  the  angle  a  between  the  Burgers  vector  and  the  dislocation  line.  Taking  the  inner 
product,  o  is  found  to  be 


J  asiorinB  \ 
(aNioco$B-aj>J 


The  variation  of  a  with  0  is  given  iu  Fig,  3(b).  Starting  with  the  exact  epitaxial  orientation  (o  a 
90*),  the  change  of  o  with  0  is  iniliaUy  very  rapid,  and  then  e  slowly  approaches  the  value  of  %, 
where  Ob  depends  on  the  difference  in  lattice  parameters  and  the  choice  of  reference  axes.  In  other 

words,  the  dislocation  network  changes  from  pure  edge  towards  mo re  screw- type  as  0  increases. 

Jcsscr  anti  KuhlmannAVilsdorf  (41  treated  the  same  problem,  bur  from  a  different  approach, 
and  obtained  similar  expressions  for  So  and  0  except  for  a  different  choiee  of  reference  axes. 
Hwang.  Laushlin.  and  Bernstein  (51  first  demonstrated  the  validity  of  the  approach  of  Jcsscr  and 
Kuhlnmn-Wtisdort  m  their  study  of  the  dislocation  structure  of  natal-metal  phase  boundaries. 
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Kg.  3.Tbc  dependence  of  (a)  Sp,  the  dislocation  spacing,  and  (b)  o,  the  angle  between  the 
dislocation  tine  and  Burgas  vector,  on  6,  the  twist  angle  in  a  twiy-misfu  interface. 
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DISCUSSION 

For  an  interphase  interface,  misfit  dislocations  are  needed  to  accommodate  the  difference  in 
lattice  parameters.  By  substituting  the  lattice  parameter  of  Pt,  0.3924nm  and  NiO,  0.4177nm,  into 

eq.  (8)  for  the  exact  (001)  epitaxial  orientation,  i.e.  0  =  0°,  the  ideal  dislocation  spacing  So  was 
calculated  to  be  4.6nm,  which  is  the  period  in  the  <1 10>  direction  to  accommodate  the  lattice 
mismatch  between  Pt  and  NiO.  The  Burgers  vectors  and  dislocation  tines  are  along  orthogonal 
<1 10>  directions.  All  the  misfit  dislocations  are  expected  to  be  pure  edge-type,  i.e.  with  Burgers 
vector  perpendicular  to  the  dislocation  line.  The  measured  dislocation  spacing  from  Fig.  1(b)  for 
the  exact  (001)  epitaxial  orientation  is  5.2nm,  which  is  slightly  larger  than  the  theoretical  value. 
Mader  [6],  in  his  studies  of  Nb/Al203  interfaces  formed  by  internal  oxidation,  found  that  the 
observed  misfit  dislocation  spacing  was  16-20%  larger  than  predicted.  It  is  believed  that  the  elastic 
strain  in  the  thin  Pt  layer  may  play  an  important  role  in  determining  the  dislocation  spacing  in  the 
interface. 

Deviation  from  the  (001)  epitaxial  orientation  by  a  rotation  about  [001)  is  observed  to 
decrease  the  dislocation  spacing,  while  still  maintaining  the  square  network.  From  Figs.  3(a)  and 
(b),  it  is  seen  that  a  rotation  of  3°  is  expected  to  give  a  dislocation  spacing  of  3.5nm,  while  the 
angle  between  the  dislocation  line  and  <110>  direction  is  expected  to  be  39”.  That  is,  the 
dislocations  should  now  be  almost  parallel  to  the  <100>  direction  of  NiO.  Fig.  2(b)  shows  that  the 
visible  set  of  dislocations  for  such  a  boundary  is  approximately  parallel  to  the  [010]  direction,  and 
the  dislocation  spacing  is  3.0nm;  both  observations  are  in  reasonable  agreement  with  the  theoretical 
predictions. 

Funher  information  on  the  dislocation  structure  that  is  present  comes  from  the  diffraction 
pattern.  According  to  Balluffi,  Sass  and  Schober  [7),  a  periodic  structure  in  the  grain  boundary 
gives  extra  spots  in  the  diffraction  pattern.  The  square  network  in  a  twist-misfit  boundary  is 
expected,  therefore,  to  show  extra  spots  corresponding  to  the  periodic  structure.  Fig.  4  shows  a 
schematic  diffraction  pattern  for  the  case  when  the  electron  beam  is  perpendicular  to  the  interface 
plane.  Each  matrix  reflection  is  surrounded  by  an  array  of  extra  reflections  some  of  which  are 
related  to  the  periodic  dislocation  network.  Possible  sites  for  double  diffraction  are  indicated  by 
open  circles,  while  reflections  from  the  periodic  dislocation  network  are  indicated  by  small  solid 
circles.  Taking  specimen  tilt  into  account  the  agreement  between  the  prediction  in  Fig.  4  and  the 

appearance  of  the  400  region  in  Fig.  2(b)  is  good.  A  detailed  analysis  of  the  observations  in  Fig. 
2(b)  also  shows  that  the  dislocation  lines  are  not  exactly  along  the  [100]  direction,  which  agrees 
v/ith  the  prediction  that  they  should  be  rotated  -6°  away  from  this  direction.  As  the  dislocation 
spacing  gets  smaller,  the  electron  diffraction  pattern  becomes  a  useful  source  of  information  on  the 
periodic  structure  of  the  interface. 

The  experimental  results  of  this  study  indicate  that  interfaces  with  the  category  n  relationship 
can  co-exist  with  the  category  I  relationship  even  under  severe  testing  conditions,  suggesting  that 
they  have  similar  energy.  In  order  to  understand  this  result,  it  is  of  interest  to  examine  the  energy 
of  the  interface  for  the  two  cases. 

The  boundary  between  two  crystals  with  the  same  crystal  structure  but  different  lattice 
parameters  was  treated  in  one  dimension  by  Frank  and  van  der  Merwe  [8]  by  employing  the 
sinusoidal  potential  field  introduced  by  Peierls  [9]  and  Nabarro  [10].  Van  der  Merwe  [11]  then 
extended  this  model  to  three  dimensions,  and  calculated  the  stresses  and  energy  for  the  boundary 
between  crystals  with  the  same  structure  and  different  lattice  parameters.  Van  der  Merwe  [12]  also 
discussed  the  structure  and  energy  of  the  twist-misfit  boundary  in  terms  of  the  superposition  of 
pure  misfit  dislocations  and  screw  dislocations  which  are  needed  to  accommodate  the  twist 
component.  The  energy  of  the  interface  based  on  this  model  was  thought  to  increase  rapidly  as  the 
twist  component  increased. 

The  energy  of  a  twist-misfit  boundary  was  calculated  by  Jesser  and  Kuhlmann-Wilsdorf  [4] 
by  applying  the  dislocation  model  based  on  their  geometrical  analysis.  Instead  of  superimposing 
two  sets  of  dislocation  networks  with  pure  edge  and  pure  screw  character  as  Van  der  Merwe 
suggested,  the  dislocation  structure  of  the  twist-misfit  boundary  was  considered  as  a  square 
dislocation  netwetk  with  mixed-type  Burgers  vector.  The  interfacial  energy,  Ej,  is  the  sum  of  the 
dislocation  network  energy,  Ed,  and  a  constant  energy,  Eo,  which  depends  on  the  bonding  energy 
between  the  two  crystals  and  the  surface  energy  of  the  two  crystals,  and  is  independent  of  misfit  or 
misorientation.  The  energy,  Ed,  due  to  the  edge  and  screw  components  of  the  mixed-type  Burgers 
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Fig.  4.  A  schematic  diffraction  pattern  of  the  region  in  the  vicinity  of  the  400  reflections  for  the 
twist-misfit  boundary  with  rotation  of  3°,  viewed  at  normal  incidence.  Matrix  reflections 
represented  by  large  solid  circles,  are  surrounded  by  a  square  array  of  small  solid  circles 
corresponding  to  the  periodic  dislocation  network.  Possible  sites  for  double  diffraction 
reflections  are  indicated  by  open  circles. 

Fig.  5.  The  dependence  of  Ei,  the  interfacial  energy,  on  0  for  twist-misfit  interfaces. 


vector  was  taken  from  the  result  of  van  der  Merwe  f  12],  which  involved  a  very  complex  formula 
for  the  calculation  of  boundary  energy. 

An  even  simpler  and  more  straightforward  method  to  calculate  the  energy  of  the  interface,  i.e. 
the  energy  of  the  dislocation  network,  which  basically  follows  the  idea  of  Jesser  and  Kuhlmann- 
Wilsdorf  [4],  is  to  multiply  the  dislocation  density,  which  is  proportional  to  the  area  density  of  the 
O-lattice  and  can  be  obtained  from  eq.  (8),  with  the  strain  energy  [13]  associated  with  each 
dislocation.  This  calculation  gives  a  similar  result  to  that  obtained  by  Jesser  and  Kuhlmann- 
Wilsdorf  [4]  which  was  a  slowly  varying  minimum  in  energy  centered  around  the  exact  epitaxy 
orientation.  A  plot  of  Ei  vs  0  is  given  in  Fig.  5.  The  interface  energy  increases  very  slow  with  0 
at  first,  since  the  energy  increase  due  to  the  increase  in  the  dislocation  density  is  compensated  by 
the  reduction  in  energy  when  the  dislocations  alter  their  character  from  pure  edge  to  mixed  type. 
As  the  dislocations  become  more  screw-like,  the  interface  energy  rises  rapidly  because  of  the 
increase  in  the  dislocation  density.  This  variation  of  the  interface  energy  with  0  is  different  from 
that  of  a  small  angle  grain  boundary,  where  a  cusp  minimum  occurs  at  0  ■  0°.  Fig.  5  demonstrates 
that  the  interface  energy  is  approximately  the  same  for  both  pure-misfit  and  small  angle  twist-misfit 
boundaries,  which  explains  why  both  types  occur. 

Mulder  and  Klomp  [14]  used  the  hot  pressing  technique  to  study  the  G1/AI2O3  interface, 
where  AI2O3  was  a  single  crystal  with  its  surface  parallel  to  (0001).  They  found  that  (11  l)cu  II 
(0001)ai2C>3  is  a  preferred  orientation,  as  might  be  expected  because  both  planes  are  close-packed, 
however,  the  closed-packed  directions  were  misoriented  by  a  rotation  of  1 1°  about  [1 11]  of  Cu. 
The  existence  of  small  rotations  away  from  exact  epitaxy  was  also  reported  by  Hoel,  Habermeier, 
and  Ruhle  [15]  for  the  case  of  Au  islands  on  MgO,  and  Merkle  and  Shao  [16]  for  Pt  on  NiO.  It  is 
believed,  therefore,  that  the  variation  of  the  interface  energy  with  9  shown  in  Rg.  5  is  qualitatively 
correct, 

SUMMARY  AND  CONCLUSIONS 

For  the  NiO-Pt  interfaces  studied  here  with  a  fixed  (001)  NiO  interface  plane,  three  categories 
of  orientation  relationships  were  identified:  exact  epitaxy;  a  small  rotation  away  from  exact  epitaxy 
about  an  axis  normal  to  the  interface,  and  high  index  Pt  planes  parallel  to  the  (001)  plane.  The  co¬ 
existence  of  the  fmst  two  orientation  relationships  can  be  understood  based  on  a  calculation  of  the 
energy  of  the  dislocation  networks  making  up  the  interface. 

Misfit  dislocations,  which  accommodate  the  lattice  mismatch  between  Pt  and  NiO,  occur  in 
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the  exact  (00!)  epitaxial  interface,  where  the  orientation  relationship  involves  planes  and  directions 
being  parallel  in  both  crystals.  The  Burgers  vectors  are  the  type  a/2<l  10>,  with  dislocation  line 
direction  along  <110>,  as  predicted  by  a  Bollmann  O- lattice  type  analysis. 

For  a  small  deviation  from  the  exact  (001)  epitaxy,  the  dislocations  change  direction  and 
decrease  in  spacing  relative  to  the  epitaxial  case,  while  the  square  network  is  still  maintained.  In 
order  to  confirm  the  detailed  dislocation  structure  at  such  small  spacing,  information  from  both 
images  and  diffraction  patterns  are  needed.  The  experimental  observations  of  the  dislocation 
structure  are  consistent  with  predictions  based  on  the  O- lattice  analysis. 
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ABSTRACT 

Solid  state  bonding  of  Si,N4  and  Ni  is  considered  to  be  a 
simple  ceramic/metal  diffusion  bonding  as  the  case  of  AljOj/Nb. 
There  are  two  kinds  of  bonding  interfaces  observed  by 
transmission  electron  microscope (TEM) .  In  addition  to  the 
directly  bonded  interface,  an  amorphous-like  phase  was  found  in 
some  regions  of  the  Si3N4/Ni  interface.  It  is  responsible  for 
the  degradation  of  bonding  strength.  In  view  of  the  experimental 
results,  the  existence  of  the  amorphous-like  phase  in  bonding 
interface  results  from  the  formation  of  Slo,  and  accumulation  of 
Al20,  and  Y203,  which  were  used  as  sinterfng  binders  of  si3N4, 
via  intergranular  diffusion  during  the  bonding  process. 


INTRODUCTION 

Since  the  solid  state  bonding  of  Si3N4  and  Ni  may  possess 
great  applicability  in  the  future,  it  becomes  one  of  the  most 
attractive  topics  in  the  research  field  of  ceramic/metal  bonding. 
According  to  the  phase  diagram,  nickle  can  dissolve  a  fair  amount 
of  silicon  and  nitrogen  at  the  bonding  temperature  to  avoid 
forming  any  compound  in  the  interface.  Therefore,  the  si3N4/Ni 
bonding  interface  might  be  an  ideal  one  without  the  formation  of 
reaction  phases  like  the  case  of  Al203/Nb  bonding[l,2] . 

Although  there  are  lots  of  research  reports  on  the  diffusion 
bonding  of  Si3N4  and  Ni,  the  conclusions  regarding  the 
microstruoture  of  bonding  interface  are  different.  Nakahashi  et 
al[3]  found  the  formation  of  Ni5Si2  on  the  bonding  interface, 
whereas  others  declared  that  the  Si3N4/Ni  interface  should  be  a 
compound- free,  directly  bonded  interface^ ] .  Furthermore, 
according  to  the  microstructure  study  of  Si3N4/Ni  interface  in  a 
former  experiment [ 5] ,  the  present  authors  noticed  the  existence 
of  amorphous-like  phase. 

Under  an  environment  of  high  temperature  and  low  pressure, 
Si3N4  may  partly  decompose  into  Si  and  N  atoms,  which  then  can 
be  dissolved  into  Ni.  In  the  subsequent  cooling  process,  Si  and 
N  will  back-precipitate  in  the  interface  due  to  the  decreased 
solubility  of  Si  and  N  in  Ni  at  lower  temperature.  At  the  same 
time,  A1203  and  Y203  as  the  sintering  binders  of  Si3N4,  can 
diffuse  to  the  interface.  Consequently,  the  microstruoture  of 
interface  might  be  affected  by  the  sintering  binder  in  the 
cooling  step  of  diffusion  bonding  process. 

In  previous  works  concerning  the  study  of  oeramic/metal 
bonding,  the  characterization  of  microstructure  and  composition 
was  mostly  limited  in  the  utilization  of  ERMA  and  SEM-EDX, 
instead  of  TEH,  due  to  the  difficulty  of  preparing  thin  foils. 
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This  article,  however,  shows  that  TEH  is  a  powerful  tool  for  the 
understanding  of  the  ceramic/metal  bonding  mechanisms  and 
predicting  the  performance  of  the  bonding. 


MATERIALS  AND  EXPERIMENTAL 

The  Toshiba-made  pressureless  sintering  -Si3N4,  containing  a 
small  amount  of  Y,03  and  A1,03  as  the  sintering  binder,  and  a 
commercial  grade  Ni  with  purity  99.9%  were  used  in  this  study. 
The  surfaces  of  specimens  were  baff  polished  and  then  cleaned  by 
acetone.  Solid  state  bonding  was  achieved  by  applying  a 
compressive  load  of  12MPa  on  a  Si3N,-Ni(lmm  thick) -Si3N4  sandwich 
and  heating  at  1223K  for  one  hour  In  vacuum  of  10“6torr.  After 
bonding,  the  specimen  was  cooled  slowly  at  a  rate  of  20K/min  to 
room  temperature.  Thin  slices  of  thickness  200um  were  first  cut 
from  the  bonded  specimen  along  the  direction  perpendicular  to  the 
bonding  interface  by  a  diamond  cutter,  thinned  by  a  diamond 
grinder  down  to  lOOum  in  thickness,  and  then  dimpled  until  the 
thickness  in  the  central  part  of  disc  was  reduced  down  to  50- 
SOura.  The  final  thinning  process  was  performed  by  4KeV  argon  ion 
beams.  JEM-1250  high  voltage  electron  microscope (HVEM) ,  JEM- 
2000EX  high  resolution  electron  microscope (HREM) ,  and  JEM-4000FX 
analytical  electron  microscope (AEM)  were  used  for  the  observation 
ard  composition  analysis  of  bonding  interface. 


kESJLTS 

The  4-point  bonding  strength  of  si3N,/Ni  in  this  research 
is  about  200  MPa.  Considering  the  difficulty  of  bonding  a  non¬ 
oxide  ceramic  and  metal,  it  is  a  nice  weldment.  However  the 
strength  level  is  still  not  high  enough  for  practical 
applications.  Photo  1  is  a  low  magnification  TEM  image  of 
Si3N4/Ni  bonding  interface.  Because  of  ion  milling  rata  of  Ni  is 
higher  than  that  of  Si3N, ,  most  of  the  remains  are  si3N, ,  Some 
voids  can  be  easily  found  in  Ni  due  to  the  different 
diffusivities  of  Ni  and  Si,  which  is  the  so-called  Kirkendall 
effect.  However,  the  bonding  interface  is  not  compound-free  and 
directly  bonded  as  described  in  the  work  of  Hirotsu  et  al[4).  on 
the  other  hand,  the  bonding  interface  is  a  mixture  of  directly 
bonded  and  amorphous-like  regions,  and  thickness  of  the  latter 
varied  in  a  wide  range.  Photo  2  is  an  example  of  directly  bonded 
interface  of  Si3N4  and  Ni,  and  indicates  a  good  epitaxial 
relationship  between  Si3N4  and  Ni,  which  is  just  like  what 
Hirotsu  has  observed.  Photo  3  is  a  high  resolution  TEM  image  of 
this  kind  of  interface.  Photo  4  gives  an  example  of  amorphous- 
like  phase  interface  between  silicon  nitride  and  Ni.  In  order  to 
characterize  the  amorphous-like  phase,  techniques  of  selected 
area  diffraotion  and  micro-area  analysis  were  conducted.  Besides 
the  spot  patterns  of  crystalline  Si3N,  and  Ni,  diffused  halo 
rings  of  amorphous  phase  were  found  in  the  lower  left  of  Photo  4. 
The  X-ray  energy  apeotra  in  Figure  1  qualitatively  represent  the 
chemical  compositions  of  Si3N4,  amorphous  interface,  and  Ni, 
respectively.  As  can  be  seer,  in  Figure  1  the  amorphous  phase 
contains  elements  of  Si,  Ni,  Al,  0,  C,  but  no  N,  Especially, 
Oxygen  is  the  major  element.  It  oan  be  inferred  that  this  area 
is  a  solid  solution  of  glassy  phase  which  comprises  SiO,,  Al,o3, 
or  NiO«  and  so  on.  Carbon  is  usually  found  in  amorphous-like 
phase [6] . 


Photo  4  TEN  imago  and  electron  diffraction  pattern  of  si3N4/Ni 
interface  containing  amorphous  phase 


Figure  1  X-ray  energy  dispersive  spectra  of  si3N4, 
amorphous,  and  Ni 


DISCUSSION 

Both  the  directly  bonded  regions  without  any  reaction 
product  and  the  amorphous-like  regions  were  observed  in  the 
bonding  interface  of  si3N4  and  Ni.  At  the  bonding  temperature, 
Si,N4  will  decompose  into  Si,  and  N.  Part  of  Si  atone  reacted 
with  oxygen  pre-existing  in  sintering  binders,  to  form  sio,, 
whereas  the  others  diffused  into  Ni.  In  the  mean  time,  the 
sintering  binders  A1203  and  Y2o3  distributed  on  the  grain 
boundaries  of  8l3N4  will  move  to  tne  bonding  interface  via  the 
preferential  paths  for  diffusion,  i.e.,  grain  boundaries.  After 
long  exposure  at  high  temperature,  the  interface  finally  gathered 
a  large  amount  of  the  Al^Oj,  Y,03,  and  Si02  sufficient  to  form 
the  amorphous  layer  on  the  basis  of  glassy  structure  of  siO,. 
this  can  explain  the  formation  of  amorphous  intarfaca.  On  the 
other  hand,  when  the  initial  contact  ragion  of  Si3N4  and  Ni 
included  no  grain  boundaries  of  si,N4,  directly  bonded  interface 
appeared  on  account  of  no  einterfng  binders.  In  visw  of  the 
composition  analysis  result,  tha  asorphous  phase  comprises  mostly 
Si  and  0,  therefore  it  can  be  further  known  as  a  solid  solution 
of  oxidss-Sio2,  AI5O3,  and  V203  and  so  on. 

According  to  Hirotsu's  results,  only  compound-frea  directly 
banded  intefsce  is  present.  This  could  bs  due  to  the  less 
contsnt  of  sindsring  binders  in  Si3H4  or  dus  to  tha  preparation 
of  TttM  thin  foils,  in  which  ths  amorphous  phase  interface  is 
easier  to  be  milled  and  only  directly  bonded  interface  was  seen. 
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In  the  study  done  by  Nakahashi  et  al.,  the  surfaces  of  Si3N4  were 
first  metallized  by  a  layer  of  Ni  through  CVD  method  .  Since  the 
bonding  temperature  in  their  experiment  was  400K  higher  than  the 
present  work,  Si3N4  could  react  with  Ni  and  form  a  reaction  phase 
on  the  interface. 

The  amorphous  phase  usually  appears  around  the  ion-thinned 
hole  of  TEN  foil.  Hence,  the  formation  of  amorphous  phase  might 
be  considered  as  a  result  of  ion  striking.  However,  the  amorphous 
phase  primarily  consists  of  Si02  glass  from  the  results  of 
composition  analysis  and  thus  exists  before  ion  milled. 


SUMMARY 

From  the  above  results,  conclusions  can  be  made  as  the 
follows: 

(1)  Sintering  binders  of  Si3N4  tremendously  affect  the  nature  of 
si,N./Ni  bonding  interface. 

(2)  Two  typos  of  bonded  interfaces  were  found.  One  is  directly 
bonded  interface  without  reaction  phase  and  the  other  is 
amorphous  phase  interface.  Directly  bonded  interface  appears  in 
the  regions  without  sintering  binders,  whereas  the  amorphous 
phase  interface  exists  in  the  place  where  the  sintering  binder  is 
located. 

(3)  The  bonding  mechanism  of  Si3N4  and  Ni  is  proposed  in  the 
following: 

Si-jN^  and  Ni  are  placed  together  for  solid  state  bonding.  At 
the  bonding  temperature,  Si3N4  decomposes  into  si  and  N,  which 
diffused  toward  Ni  side,  in  the  mean  time,  the  sintering  binders 
YjOj,  Al2o3  and  oxygen  on  the  grain  boundaries  of  si3N4  also 
diffused  to  the  bonding  interface.  During  the  cooling  process, 
back-precipitation  of  Si  and  N  occurred  because  of  the  decreased 
solubility  of  si  and  N  in  Ni.  But  the  sintering  binder  remained 
in  the  interface  can't  back-precipitate  again.  Therefore,  the 
directly  bonded  interface  was  formed  in  the  regions  without 
sintering  binders.  And  the  amorphous  phase  was  formed  in  the 
regions  containing  sintering  binders. 
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ABSTRACT 

As  a  preliminary  step  to  detailed  study  of  the  interfaces  in  sic  particulate- 
reinforced  A1  alloys,  a  number  of  methods  of  sample  preparation  have  been 
explored  ;  the  resultant  artefacts  on  the  thinned  foils  observed  in  transmis¬ 
sion  electron  microscopes  are  discussed  and  improvements  to  the  preparation 
procedures  are  suggested.  Initial  observations  of  the  microstructure  of  two 
alloys  differing  significantly  in  thsir  matrix  silicon  content  are  presented. 

INTRODUCTION 

Metal-matrix  composite  materials  constitute  a  class  of  materials  which  are 
extremely  difficult  to  prepare  for  detailed  examination  of  their  micro- 
structure  and  microchemistry  since  techniques  which  work  well  for  ceramics  and 
metals  individually  are  difficult  to  apply  to  composite  materials,  particular¬ 
ly  when  tha  metal  matrix  is  aluminum  and  the  damage  existing  in  that  matrix  in 
the  bulk  needs  to  be  preserved  during  specimen  preparation  for  transmission 
electron  microscopy.  We  are  studying  the  mechanical  behaviour  of  particulate- 
reinforced  aluminum  alloys  and  the  importance  of  the  interface  regions  between 
particles  and  matrix  as  one  of  the  major  controlling  factors  in  failure  beha¬ 
viour.  In  this  paper,  we  present  work  done  on  the  important,  but  often  ne¬ 
glected,  area  of  aampla  preparation  and  some  preliminary  analyaia  of  tha 
interfaces  in  two  rather  different  alloys. 

EXPERIMENT 

Two  coererclal  Si-C  particulate-reinforced  aluminum  alloye,  provided  by  Alcan 
Reeearch  Laboratorlea,  Kingeton,  Ontario,  Canada,  have  bean  ueed  in  tha 
prteent  work.  Thaaa  arai  (1)  2014  alloy  with  20t  51C  particlaa  by  volume  and 
(2)  A3S6  alloy  with  104  SIC  particlaa  by  volume.  Thaaa  differ  most  signifi¬ 
cantly  in  their  content  of  Si  and  Cuj  tha  noeinal  compositions  of  the  alloya 
are,  by  weight i  tor  2014,  0.S%  Si,  4.4t  Cu,  O.St  Mg,  the  cast  being  Alt  for 
A3S6,  St  Si,  <0.20%  Cu,  0.3S4  Mg,  <0.20%  Fe,  <0,10%  En,  the  reet  being  Al. 
Machined  rode  of  each  material  3mm  in  dieaeter  were  heat-treated  to  obtain  tha 
T6  condition  for  tha  alloy  in  tha  same  manner  aa  the  specimens  used  in  mechan¬ 
ical  testing  by  Corbin  and  Wilkinson  (1). 

Dl>  ka  0.4  to  0.S  aw  thick  ware  than  cut  from  tha  rode  by  spark-cutting  with 
very  low  spark  energy  to  einimiee  damage.  Both  aides  of  tha  disks  were  wet 
ground  on  320,  400  and  600  grit  Sic  abrasive  paper  to  a  final  thickness  of  17$ 
to  200  microns.  Samples  which  were  to  be  ion-thinned  were  then  polished  fist 
on  one  elds  end  polished  to  produce  a  spherical  dimple  on  the  other  side  using 
e  eaten  Model  6S6  Dimple  Orinderi  6,  3  end  finally  1  micron  diamond  paste  was 
employed  for  all  polishing  steps,  with  kerosene  tor  dilution  of  the  pasta. 

Samples  were  than  either  ion-milled  or  eieetropollehed  to  perforation.  Initial 
attempts  to  prepare  samples  by  lon-mllling  at  room  t separators  resulted  in  the 
Introduction  of  substantial  ion  damage,  aa  observed  in  subsequently  in  the 
transmission  electron  microscope.  All  ion  milling  for  samples  discussed  later 
In  this  paper  wee  performed  only  with  sampiaa  cooled  to  near  liquid  nitrogen 
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temperatures  in  a  Gatan  model  600  Dual  Ion  Kill.  An  accelerating  voltage  of  4kV 
and  an  incident  angle  of  15  degrees  to  both  surfaces  was  used  for  milling  with 
argon  ions  before  perforation  of  each  sample;  after  perforation,  milling  was 
continued  for  a  further  10  minutes  but  with  the  accelerating  voltage  reduced 
to  1.5  or  2.0  kV  and  the  angle  of  Incidence  to  10  degrees.  The  vacuum  chamber 
window  was  cleaned  every  6  to  8  hours  in  order  to  allow  setting  of  the  laser 
optical  detection  system  of  the  Ion  Kill  for  best  sensitivity  to  the  smallest 
perforation  to  maximise  the  electron  transparent  region. 

For  samples  which  were  electropoiiahed,  two  different  solutions  and  sets  of 
polishing  conditions  were  usedt  (1)  250ml  nitric  acid  to  750ml  methanol  at 
about  -20  C  and  15  to  20  V  applied  voltage  in  a  jet  polishing  unit;  and  (2) 
the  solution  designated  BK2  (Kestel  (3])  at  about  -30  c  and  15  to  20  V.  Since 
BK2  seemed  to  yield  little,  if  any,  improvement  over  the  results  of  nitric/ 
methanol  electropolishing,  the  use  of  BK2  was  discontinued. 

Samples  were  examined  with  a  scanning  electron  microscope  (Philips  515  SEM),  a 
transmission  electron  microscope  (Philips  CH12  TEH/STEM)  and  a  dedicated 
scanning  transmission  electron  microscope  (VG  UBS  STEX)  as  well  as  with  light 
microscopes . 


RESULTS 

Specimen  preparation 

Diamond  polish  has  generally  been  used  for  the  final  mechanical  polishing  step 
in  preference  to  other  abrasives  because  of  its  hardness  compared  with  both 
matrix  and  particles  in  metal-matrix  composites;  its  use  helps  minimise  the 
protrusion  of  Sic  particles  from  the  sample  surface  which  otherwise  occurs.  It 
is  therefore  commonly  employed  before  ion-milling  eince  Ion  bombardment  tende 
to  lncreaae  surface  roughness,  particularly  If  the  angle  of  incidence  of  the 
lone  is  high  enough  to  yield  acceptable  thinning  rates.  From  one  sample  of  the 
2014  compoaite,  it  wae  observed  however  that,  even  after  sputtering  away  much 
cl  tha  thicknesa  of  the  ample  remaining  after  the  diamond  polishing  step  of 
specimen  preparation,  some  Sic  particlas  appeared  cracked  or  associated  with 
voids.  It  remains  to  ba  determined  whether  this  is  typical  of  the  bulk  arteri¬ 
al  In  the  state  before  electron  microscope  specimen  preparation  or  le  evidence 
of  mechanical  damage  Introduced  in  the  diamond  polishing  step. 

In  areas  thinned  partially  to  electron  transparency  by  Ion-milling,  it  wae 
usually  observed  that  SIC  particles  were  thinned  most  near  their  centres  and 
that  the  metal  matrix  wae  thinned  much  lees,  resulting  in  a  rapidly  varying 
thickness  near  the  metal  /  Sic  Intsrfaee.  It  was  however  frequently  observed 
that  sic  particles  found  In  ths  thickest  matrix  regions  visible  in  the  TEH 
were  less  electron  transparent  than  tha  surrounding  matrix  avon  under  large 
variations  of  the  angle  of  electron  beam  incidence  to  the  specimen. 

Specimens  which,  after  diaple  polishing,  were  only  ion-milled  at  close  to 
liquid  nitrogen  temperatures  Invariably  showed  high  dislocation  densities 
(figure  1),  In  contrast  to  electropoiiahed  samples  which  showed  little  evi¬ 
dence  of  dislocations  in  the  matrix  (aae  flgura  2).  However,  tha  ranga  of 
specimen  features  which  could  be  examined  In  ion  milled  aamples  «ms  considera¬ 
bly  greeter,  extending  from  precipitates  several  microns  away  from  a  SIC 
particle  through  the  Interface  region  to  near  tha  centre  of  tha  SIC  particle. 


Samples  of  2014  compoaite  which  had  been  electropoiiahed  in  nitric  /  methanol 
solution  to  perforation  were  examined  in  the  SEM.  The  images  obtained  showed 
that,  ae  expected,  there  wae  little,  if  any,  attack  of  the  precipitates  and 
EiC  particles  compared  with  the  matrix.  In  soma  cases,  connected  series  of 
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Figure  1.  ion-milled  2014-Slc  composite,  showing  e  high  denaity  o£ 
dia locations. 


4  Figure  2.  Katri*  region  of  elect ropoliahsd  3014-SiC  composite,  showing  absence 

1  of  dialocations. 


Figure  3.  SIM  lesgs  of  an  elect  repot lehed  201«-*ic  eaepie,  showing  SIC 
parti  else  protruding  free  the  eatru  thin  file. 
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precipitates  and  particles  were  found  to  be  left  protruding  from  the  sample 
surface,  but  minor  etching  resulting  from  slight  reduction  of  the  applied 
voltage  during  electropoliehing  was  sufficient  to  reduce  these  to  the  level 
seen  in  figure  3. 

Hicrostructure 

In  samples  prepared  from  2014  composite,  precipitates  were  observed  at  several 
places  on  each  matrix  /  SiC  particle  interface}  in  those  cases  in  which  sample 
thickness  was  lower  than  about  0.1  micron,  the  x-ray  spectra  obtained  from 
analysis  in  the  TZH  and  STZK  were  consistent  with  the  phases  CuAlj  and 
CUjXggSigAlj  observed  for  example  by  Dignard-Bailey  et  al  [2]  and  listed  as 
equilibrium  phases  in  (4] .  On  many  Sic  particles,  an  Al-rich  phase  (possibly 
J1I4C3),  which  ion  thinned  much  lees  readily  than  matrix  or  SiC,  was  observed 
to  form  a  partial  shall  but  no  evidence  for  any  serration  of  its  interface 
with  the  SiC  was  found.  A  region  of  greatly  reduced  precipitate  number  density 
(precipitate-free  cone)  was  observed  near  a  large  fraction  of  the  larger 
precipitates  and  Sic  particles  (figure  4)  in  the  2014  composite.  However,  no 
precipitate-free  zone  was  observed  adjacent  to  any  Al-rich  shell  on  the  Sic 
particles.  In  the  matrix,  (Hn.Fe) jStAl12  precipitate*  were  also  observed. 

In  samples  of  A356  composite,  several  differences  were  observed  from  the  2014 
material.  Firstly,  no  precipitate-free  sons  was  detected  near  the  SiC  parti¬ 
cles  (figure  5).  Secondly,  the  interfaces  between  the  Sic  particles  and  metal 
showed  virtually  no  evidence  of  reaction  resulting  in  interfacial  precipita¬ 
tion  (figure  S).  In  fact,  the  alloy  is  intentionally  high  in  si  contant  to 
inhibit  such  e  reaction  between  the  metal  and  the  Sic  particles.  Thirdly, 
apart  from  a  low  number  density  of  Kg-rich  precipitates,  only  eutectic  Si 
precipitetee  were  detected  in  the  metal  matrix. 

Discussion 

It  was  observed  that  the  usual  problem  in  any  examination  of  inhomogeneous 
materials  —  that  of  sampling  only  a  email  end  certainly  not  neueeeerily 
representative  pert  of  the  original  bulk  material  —  was  greatly  increased  in 
the  ceee  of  the  Sic  particulate-reinforced  aluminum  alloys  studied.  Our  re¬ 
sults  from  these  materials  ao  far  are  only  the  preliminary  onea»  however,  from 
our  work  on  development  of  the  necessary  transmission  electron  microscope 
sample  preparation  techniques  end  from  observations  of  composites  1  end  2,  the 
following  pointo  are  notable. 

As  the  final  preparation  technique,  electropoliehing  was  dearly  unsuitable 
for  transmission  electron  examination  of  SiC  particle  interiors  and,  except  in 
e  very  few  cease,  for  x-ray  mloroanalyele  of  the  region  near  the  interface. 
The  presence  of  electron  opaque  material  within  a  micron  of  a  hnln  region 
whose  elemental  composition  ie  to  analyaed  may  be  acceptable  for  electron 
energy  lose  spectroscopy  but  can  lead  to  major  alteration  of  x-ray  apactra 
through  x-ray  fluoraacenee,  x-ray  absorption  and  additional  x-ray  generation 
by  electrons  scattered  from  the  beam  by  the  region  of  interest ■ 

ileetropoUahlng  hea  the  two  great  advantages  over  any  thinning  proceea  in¬ 
volving  only  mechanical  polishing  and  than  ion-milling.  Firstly,  the  artefact* 
introduced  into  the  matrix  seem  to  be  aueh  fewer  and,  secondly,  the  speed  of 
thinning  la  »o  greet  that  there  la  no  advantage  in  thinning  the  sample  mechan¬ 
ical  ly  by  dimple  at  flat  polishing  to  lees  than  0.  lam  thick  before  electropol- 
lehing.  this  final  mechanical  polishing  may  be  the  major  causa  of  the  high 
density  of  matrix  dislocation*  observed  <n  ion-milled  samples,  be  are  current¬ 
ly  preperlng  exxples  by  loo-mllllng  disks  which  are  at  leeet  0.1mm  thick  to 
examine  thie  possibility. 

The  observation  of  high  dislocation  densities  in  material  loo-milled  at  low 
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tmnperaturv  may  also  ba  linked  to  tha  repeated  cycling  of  the  sample  tempera¬ 
ture  Vatwaan  room  temperature  and  naar  liquid  nitrogen  temperatures  whan  the 
material  ia  atill  sufficiently  thick  for  high  straaaas  to  develop  aa  a  result 
of  tha  large  differanca  in  thermal  expansion  coefficients  between  tha  alloy 
and  Sic.  (This  cycling  occurs  partially  as  a  result  of  needing  to  clean  sput¬ 
tered  deposits  from  tha  vacuum  window  to  assist  in  early  detection  of  sample 
perforation. )  We  have  already  found,  by  TIM  observation  of  thin  areas  of  the 
matrix,  that  there  is  no  significant  influence  of  temperature  cycling  on 
samples  thinned  to  perforation  by  electropolishing.  However,  in  this  case,  the 
stresses  which  could  develop  are  expected  to  be  much  lower  than  in  the  bulk 
material  because  of  relaxation  near  the  free  surfaces. 

Prom  consideration  of  the  points  discussed  above,  it  aeema  that  a  potentially 
satisfactory  transmission  cpecimen  preparation  procedure  may  involves  1)  spark 
slicing  of  disks,  2)  mechanicsl  grinding  and  polishing  to  0.1am  disk  thick¬ 
ness,  3)  electropolishing  cloas  to  perforation,  4}  final  thinning  by  ion- 
milling  at  low  temperaturs  with  very  low  angle  oi  incidence  to  minimise  thick¬ 
ness  variations  in  the  finished  sample. 

CONCLUSIONS 

SAttvlt.  BOttuatign 

Mechanical  polishing  of  samples  to  reduce  their  thickness  so  that  ion-milling 
it  shortened  to  a  reasonable  duration  may  be  unacceptable  when  the  damage 
state  at  the  matrix  ia  to  he  studied  but  ie  probably  quite  satisfactory  when 
only  precipitate  distributions  and  types  are  to  be  determined. 

Thermal  cycling  of  samples  to  near  liquid  nitrogen  temperature  may  be  a  sig¬ 
nificant  contributor  of  matrix  dislocations  if  the  sample  is  thick  enough  for 
th»  etreee  xtate  due  to  differential  thermal  expansion  of  the  matai  matrix 
with  respect  to  the  sic  particles  to  be  close  to  that  in  bulk  materiel  simi¬ 
larly  cycled. 

As  a  substitute  step  for  final  mechanical  thinning  before  ion-milling,  elec- 
tropoll thing  may  be  useful  in  avoiding  such  of  the  damage  observed  in  mechani¬ 
cally  polished,  ion-milled  samples. 

Work  is  in  progress  to  teat  theae  poaaibUltiae. 

tiicwitructuit 

In  composite  2014,  in  addition  to  the  Cu.hl  precipitate*  in  high  number  densi¬ 
ty  in  ths  matrix,  we  have  observed  precipitates  which  can  be  idsntified  as 
CUjHg#SltAls,  (Mn.reijtlAl jj  end  possible  Al^Cj.  The  precipitate- free  tone 
observed  near  tome  precipitate  and  particle  interfaces  is  expected  to  have  an 
influence  on  the  local  stress  state  and  therefore  on  the  mechanicsl  properties 
of  the  composite. 

The  die  Interface*  in  coeposlt*  MSf  show  little  evidence  of  react  ion  with  the 
estrlx,  in  agreement  with  expectations  based  on  the  high  61  content*  no  pro- 
tipi t*t*- fr*#  tones  have  been  observed. 
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Flgura  4.  Precipitate  ((«•  sons  (PF1)  adjacent  to  a  SIC  particle  in  ion-ell iad 
2M4-SiC  coapoelt*  in  th#  TO  condition.  Koto  what  ton*  precipitate#  at*  aiao 
(oread  at  the  interface. 

Figure  3.  SlC-watrle  tntarfae*  in  MS4-81C  coapoalte.  ehowlng  abaanca  of 
interfeclel  precipitates.  Kota  that  the  oatrU  contain*  only  mu  11  Mg-rlch 
precipitate#  and  the  abaenca  ot  rrs. 
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ABSTRACT 

The  interface  between  an  epoxy  adhesive  and  sheet  molding 
compound  (SMC)  was  studied  by  TEH.  The  interface  width  is  less 
than  20  nm  where  it  is  sharp,  end  on  the  order  of  40  nm  where  it 
is  more  diffuse.  The  interfsclal  area  in  the  TEN  sample  is 
located  first  by  the  difference  between  adhesive  and  SMC 
microstructures.  Where  there  are  no  mierostructural  features  we 
can  investigate  further  the  location  of  the  Interface  by  using 
the  Mg  Ka  peak  from  magnesia  thickener  in  the  polyester  matrix 
of  the  SHC.  Calcium  carbonate  crystals  in  the  SMC  extend  to 
within  less  than  15  nm  of  the  interface.  Measurements  of 
interface  extent  and  roughness  indicate  that  there  is  intimate 
contact  and  good  mechanical  bonding  between  the  adhesive  and 
SRC.  The  surface  and  interfacial  energetics  of  this  epoxy-SMC 
system  were  evaluated  using  sessile  drop  advancing  contact 
angles.  Good  mechanical  bonding  observed  by  TEN  is  consistent 
with  a  small  advancing  contact  angle  of  20*  for  the  epoxy 
adhesive  on  the  SMC  at  121  *C  which  shows  a  good  thermodynamic 
driving  force  for  the  intimate  contact  during  the  bonding 
process. 


INTRODUCTION 

Steel  parts  in  suto  frsmea  and  bodies  are  being  steadily 
replaced  by  glees  fiber  reinforced  composites,  specifically 
SNC.  Lower  tooling  costs  snd  leed  times  for  diversified  model 
linea  is  the  driving  force  behind  the  lncreaei  „  use  of  SHC. 
Automotl  e  SNC  it  typically  composed  of  e  filled  (glass  ♦  CaCO,) 
styrene-ctoaal inked  polyester  resin.  In  addition,  the  polyester 
resin  will  usually  contain  s  phase  separated  thermoplastic 
polymer  which  ebtor  *  cure  ehrinksge  etress<>»  end  creates  a 
amoothet  top  surface.  th*  SNC  u*«d  in  this  study  also  contained 
NgO/Ng(oa)2  which  was  present  to  thicken  the  SNC  reein  in  Us 
uncured  state  u*  physical  crosslinks  with  residual  csrboxylate 
groups  in  the  polyester.  A  sold  release  agent  (  in  stearate  ) 
was  also  part  of  the  formulation-  Adhesives  are  the  preferred 
mode  of  joining  SNC  psrts  because  they  distribute  stresses 
uniformly  over  the  bonded  surface  end  ate  capable  of  good 
surface  finishes.  An  epoxy  with  good  adhesive  propettiet  Cot 
bonding  SHC  to  SHC  was  selected  for  'hit  study.  Lap  shear  joint 
testing  results  in  cohesive  fracture  of  the  SHC.  The  adhesive 
contains  talc  (nagbaaius  silicate),  silica,  aluminum  and  titania 
fillers. 

the  strength  of  an  adheaUe-SKC  joint  depends  on  the 
microstructute  of  the  interphase  as  well  ae  on  tie  nature  of  the 
bonding  of  the  adhesive  to  the  polyeeter  matrix  of  the  SMC.  the 
formation  of  thia  lntevphate  region  will  be  driven 
thermodynamically  and  be  limited  by  the  chemorheology  of  the 
curing  adhesive,  the  thermodynamics  of  adheelon  can  be 
quantified  by  contact  angle  measurements  which  ere  used  Cor  the 
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tailoring  of  good  composite  mechanical  properties.  The 
sicrostructure  at  the  interphase  is  studied  here  by  transmission 
electron  aicroscopy  (TEH). 


EXPERIMENTAL 

Ultramicrotoay  and  ion  Billing  were  used  for  preparing  thin 
fils  samples  of  the  interface.  The  bulk  samples  were  cut  and 
thinned  by  mechanical  aeans  making  sure  that  the  interface 
remains  centered  in  the  specimen  at  all  times.  For  example,  for 
ion  milling,  a  2-aa  strip  with  the  interface  at  the  center  was 
cut  and  mechanically  thinned  to  20  pm  before  dimpling  and  ion 
milling.  A  section  of  the  strip  was  then  mounted  on  a  Be  grid 
for  analytical  electron  microscopy  (ACM).  In  order  to  eliminate 
differential  milling  at  the  edges,  the  thin  sections  were  placed 
so  as  to  cover  the  hole  in  the  Be  grid.  Argon  ion  milling  was 
carried  out  at  S  kV  18*  and  1  mA  total  current  until  perforation 
and  then  at  4  kv  12*  and  1  <*A  total  gun  current  for  1/3  hr  for 
surface  finish.  The  resulting  sample  has  two  thin  (electron 
transparent)  regions  of  interface  at  the  perforation  which  is 
centered  at  the  interface.  Although  thinning  was  carried  out  at 
low  angles  to  minimise  the  differential  milling  rates  of  the 
different  components,  the  SMC  matrix  and  the  adhesive  are 
thinner  than  the  glass  fibers  and  carbonate  particles. 
Otherwise,  the  microstructure  i*  well  preserved  ana  in 
particular,  the  interfacial  area  can  be  studied.  The  SMC 
matrix  microatructure  shows  the  formation  of  micrcgel  particles 
which  is  typical  of  styrene  -  unsaturated  polyester 
copolymer lxstion  (1|.  Ultranicrotony  was  not  successful  because 
when  sectioned,  the  SMC  fixaled  away  in  the  trough  containing 
the  water.  Sections  that  looked  good  optically  when  examined  in 
the  TEA  show  that  during  microtomy  the  knife  displaced  the  large 
gleet  and  calcium  carbonate  crystals  tearing  the  SRC  polymer 
matrix.  These  results  are  in  agreement  with  recent  studies  of 
C/C  composites  which  indicete  that  the  better  TER  templet  are 
produced  by  grinding,  dimpling  and  ion-milling  (2). 

An  atlas  of  microstructurst  of  inorganic  fillers  in  the 
adhesive  and  SMC  were  obtained  by  imaging,  diffraction  and  EOX 
microanalyais.  ?he  ultra-thin  window  itlTV)  in  cur 
energy-dispersive  x-/ay  (EDX)  detector  allows  the  detection  of 
light  elements  heaviet  than  Be.  However,  the  quantification  of 
light  element  concentrations  should  be  carried  out  with  special 
consideration  to  absorption  of  light  clement  x-rsye  and  peak 
shape.  A  computer  program  was  written  to  obtain  mass  absorption 
coefficients  tor  our  detector  geometry  and  the  different 
mlc'ostructureS  based  on  the  sate  absorption  coefficients  for 
light  eleaunts  of  Henke,  et.  al.,  (21.  The  calculations  show 
that  for  the  thicker  tl  »*)  carbonate  crystals  the  C  R  peak  is 
loet,  as  is  observed  experimentally,  in  order  to  account  for 
low-energy  tailing  of  the  light-element  peaks,  their  intensities 
were  quantified  by  fitting  to  standard  peaks  acquired  from 
os ides,  carbon  and  nitrides. 

The  surface  and  interfaclai  energetice  of  this  epoxy-SRC 
system  were  evaluated  using  sessile  drop  advancing  contact 
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angles.  Averaged  water  and  methylene  iodide  contact  angles  at  22 
+  2  ®C  were  used  to  compute  the  dispersion,  y,  and 

non-dispersion,  rnd»  (  acid-base  or  hydrogen  bonding  ) 
contributions  to  the  surface  energy  of  the  cured  epoxy  and  the 
SMC.  The  harmonic  mean  method  was  used  for  the  calculation 
assuming  Yd(CH2l2)  <*  44.1  dynes/cm,  rnd(CH2I2)  “  6.7  dynes/cm, 
y^( HjO )  »  22.1  dynes/cm  and  rn^(H20)  -  50.7  dynes/cm. 

RESULTS  AND  DISCUSSION 

Using  the  atlas  of  miciostructures  and  EDX  the  interfacial 
area  in  the  TEM  sample  is  located  first  by  the  difference 
between  adhesive  and  SMC  microstructures.  Where  there  are  no 
microstrucf u ■ al  features  we  can  investigate  further  the  location 
of  the  interface  by  using  the  Mg  Ko  peak  from  magnesia  thickener 
in  the  rolyeeter  matrix  of  the  SMC  (Fig.  1).  The  Mg  peak  is 
unique  .o  the  SMC  matrix  if  precautions  are  taken  not  to 
fluoresce  the  talc  particles  on  the  epoxy  side  which  are 
sor-  times  observed  in  the  vicinity  of  the  interface.  However,  we 
at  i  then  limited  on  the  precise  location  of  the  interface  by  the 
beam  diameter  used  (  250  nm  )  in  order  to  get  good  count  rates. 
Typical  electron  micrographs  of  interfacial  areas  are  shown  in 
Figs.  2  and  3.  The  area  of  interface  to  the  lower  left  in  Fig. 


IT=  319  SECS 

SPECTRA,  AOHESIVE  AND  POLYESTER  AT  INTERFACE 


ENERGY  keV 


FIG.  1. — EDX  spectra  of  adhesive  and  polyester  at  the  interface. 
The  Mg  peak  in  the  polyester  matrix  is  due  to  a  thickener.  Peaks 
other  than  C  and  0  are  due  to  other  fillers. 
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2a  is  shovii  at  higher  magnification  in  Fig.  2b,  in  some  regions 
of  Fig.  2b  the  interface  is  less  than  20  nm  in  extent  while  in 
other  regions  it  appears  more  diffuse  on  the  order  of  40  nm. 
Tilting  experiments  indicate  that  this  is  not  an  effect  due  to 
the  interface  being  inclined  at  an  angle  to  the  beam.  The  CaC03 
particles  extend  to  within  less  than  25  nm  of  the  interface; 
However,  in  the  thin  area  of  Fig.  3  and  in  the  region  that 
separates  the  titania  crystal  from  the  carbonate  particle  the 
interface  is  not  visible,  suggesting  that  an  extended  diffuse 
interface  has  formed.  After  examination  of  different  areas  it  is 
observed  that  the  interface  is  rough  at  two  different  scales. 
There  are  steps  and  penetrating  terraces  with  dimension  on  the 
order  of  1  pm  and  there  is  local  roughness  with  steps  and 
penetrating  terraces  with  dimension  on  the  order  of  50  nm.  The  1 
pm  range  topography  was  also  clearly  seen  in  profilometer  traces 
of  the  SMC  surface. 

The  results  of  the  contact  angle  measurements  are  shown  in 
Table  1.  The  advancing  contact  angle  of  the  liquid  epoxy 
adhesive  on  the  SMC  at  the  cure  temperature  of  121  °C  was  20°  (+ 
2°).  This  small  contact  angle  of  epoxy  on  SMC  indicated  a  good 
thermodynamic  driving  force  for  intimate  contact  during  the 
bonding  process.  Calculations  of  pore  penetration  using  a 
modified  Washburn  equation  for  a  curing  liquid  indicated 
complete  wetting  of  a  surface  with  the  surface  energy  and 
profilometry  discussed  above. 


Table  1.  Surface  Energy  of  Components 


Surface  Energy  (dynes/cm)*  at  22  +  2  “C 

SMC 

Epoxy 

yd 

27 

25 

ynd 

16 

14 

itotal 

43 

39 

*  standard  deviation  a  2  dynes/cm 


CONCLUSIONS 


The  measurements  of  interface  extent  and  roughness  indicate 
that  there  was  intimate  contact  and  good  mechanical  bonding 
between  the  adhesive  and  SMC.  This  was  consistent  with  the 
contact  angle  data. 

in  tailoring  the  adhesive  to  a  particulate-filled 
composite,  additional  consideration  should  be  given  to  wetting 
of  fillers  which  are  exposed  at  the  surface.  In  SMC  by  design 
the  glass  fibers  are  below  the  surface.  However,  we  have  seen 
that  the  calcium  carbonate  particles  are  in  close  proximity  to 
the  interface.  TEM  observations  show  that  there  is  wetting  of 
the  carbonate  particles  by  the  epoxy  when  the  filler  is  exposed. 
Otherwise,  poor  bonding  between  epoxy  and  carbonate  could  result 
in  favorable  sites  for  raicrocrack  initiation. 
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ABSTRACT 

Transcrystallization  of  semicrystalline  polymers,  such  as  PEEK,  PEKK 
and  PPS,  in  high  performance  composites  has  been  investigated.  It  is  found 
that  PPDT  aramid  fiber  and  pitch-based  carbon  fiber  induce  a  transcrystalline 
intarphase  in  all  three  polymers,  whereas  in  PAN-based  carbon  fiber  and  glass 
fiber  systems,  transcrystallization  occurs  only  under  specific  circumstances. 
Epitaxy  is  used  to  explain  the  surface-induced  transcryatalline  interphase  in 
the  first  case.  In  the  latter  case,  transcrystalli2ation  is  probably  not 
due  to  epitaxy,  but  may  be  attributed  to  the  thermal  conductivity  mismatch. 
Plasma  treatment  on  the  fiber  surface  showed  a  negligible  effect  on  inducing 
trnnscrystallization,  implying  that  surface-free  energy  was  not  important. 

A  taicrodebonding  test  was  adopted  to  evaluate  the  interfacial  strength  be¬ 
tween  the  fiber  and  matrix.  Our  preliminary  results  did  not  reveal  any  effect 
on  the  fiber/matrix  interfacial  strength  of  transcrystallinity. 


INTRODUCTION 

It  is  known  that,  in  a  composite,  the  fiber  surface  can  induce  nucleation 
of  a  crystalline  matrix.  This  induced  crystallization  depends  on  the  nucle¬ 
ating  activity  of  the  fiber  surfaces  and  thermal  conditions.  If  the  fiber 
surface  nucleates  a  large  number  of  nuclei,  impingement  between  the  neighbor¬ 
ing  nuclei  will  force  the  nucleation  growth  direction  normal  to  the  fiber 
surface.  Such  a  process  is  referred  to  as  transcrystallization  or  sometimes 
row  nucleation.  A  schematic  diagram  of  the  transcrystalline  interphase  is 
illustrated  in  Figure  l.  Though  the  direction  of  nucleation  growth  is  normal 
to  the  surface,  molecules  lie  parallel  to  the  fiber  axis  for  maximum  reduction 
of  free  energy  of  nucleation  [1]. 


Figure  1,  Schematic  Diagram  of  the  Transcrystnlllne  Interphase 
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It  has  been  reported  that  the  physical  properties  of  the  transcrystalline 
interphase  are  different  from  those  of  the  neat  resin  [2,3].  Such  behavior 
is  due  to  the  distinct  morphology  of  the  transcrystalline  structure.  In  the 
case  of  composites,  many  high  performance  thermoplastic  systems  exhibit  a 
transcrystalline  interphase,  such  as  PAN-based  carbon/PEEK  (polyetherether- 
ketone)  [4,5],  carbon/PEK  (polyetherketone) ,  carbon/PPS  (polyphenylene- 
sulfide)  [6],  and  aramid/PPS  [7],  yet  none  of  these  systems  have  clearly 
shown  an  effect  of  the  transcrystalline  interphase  on  the  mechanical  perfor¬ 
mance  of  composites.  Findings  in  this  area  have  often  been  contradictory, 
as  seen  for  example.  Porter  et  al.,  suggested  that  tran6crystallization  im¬ 
proved  the  transverse  properties  in  an  AS-4/PEEK  composite  [4];  Hardwich 
et  al.,  concluded  that  transcrystalline  interphase  increased  general  mechan¬ 
ical  properties  in  glass/polypropylene  systems  [8];  Hagenson  et  al.,  showed 
that  transcrystalline  interphase  did  not  change  mechanical  properties  in 
fiber/PPS  composites  [9];  and  Bessel  et  al.,  reported  that  transcrystalline 
morphology  led  to  a  poor  interfacial  bonding  [10].  Therefore,  in  this  work, 
we  attempt  to  study  the  attributes  of  transcrystalline  interphase  in  high 
performance  thermoplastic  composites  and  also  to  investigate  the  interfacial 
shear  strength  of  such  composites  via  a  microdebonding  method. 


EXPERIMENTAL 

Materials  and  Preparation 

The  chosen  fibers  included  four  types:  E-glass  (Bow  Corning),  PAN- 
based  AU-4  carbon  (Hercules) ,  PPDT  aramid  (Du  Pont  Company) ,  and  pitch-based 
carbon  (Du  Pont  Company).  Two  of  these  fibers,  AD-4  and  aramid,  were  addi¬ 
tionally  plasma  treated  in  an  oxygen  environment.  Resins  used  were: 
polyphenylene-sulfide  (PPS,  from  Phillips  Chemical),  polyetheretherketone 
(PEEK,  from  ICI)  and  polyetherketoneketone  (PEKK,  from  Du  Pont  Company).  All 
of  these  resins  were  vacuum  dried  at  120*C  for  24  hours  prior  to  use. 

Thin  films  of  polymer  resin  containing  the  chosen  fibers  were  produced 
by  heating  small  amounts  of  polymer  and  fiber  on  mieroscope  slides.  A  typ¬ 
ical  temperature  used  for  preparing  the  specimens  was  approximately  40*C 
above  the  melting  temperature  of  the  resin. 

For  the  microdebonding  test,  unidirectional  composites  were  prepared  by 
compression  molding  the  stacked  wound  fiber  layers  and  polymer  films  under 
heat  and  preasure.  The  thermal  procesalng  conditions,  similar  to  those  of 
thin  films,  yielded  60f  fiber  volume  content.  Several  types  of  composite 
were  prepared;  they  were  AS-4/PEEK  (APC-2,  from  ICI),  AU-4/PEKK,  and  aramid/ 
PEKK. 


Characterisation  Techniques 

Thermal  optical  analysis  (TOA) ,  consisting  of  a  Nikon  Optiphot-Pol 
polarising  microscope  equipped  with  a  Hettler  FP62  hot  stage,  was  used  to 
investigate  the  transcrystalline  interphase.  The  maximum  operating  tempera¬ 
ture  of  this  hot  stage  was  4Q0*C.  The  specimen  was  first  equilibrated  above 
the  melting  temperature  for  30  minutes  to  eliminate  the  previous  thermal  his¬ 
tory  and  eubsequently  dropped  to  a  lower  temperature  for  leothermal  crystal¬ 
lisation. 

The  microdebonding  test,  detalle  of  which  have  been  reported  elsewhere 
[11],  was  used  to  measure  the  ln-sltu  flber/matrlx  interfacial  shear  strength 
in  a  composite.  Typical  experimental  procedures  are  as  follows:  a  stepwise 
compressive  loading  is  applied  to  an  individual  fiber  end  until  debonding 
occurs  (identified  by  a  microscope)!  the  measured  normal  force  la  then  con¬ 
verted  into  an  lntcrfacisl  shear  atrangth  through  a  boundary  tlement  analy¬ 
sis  using  a  mlcromechanlcs  modal;  six  to  twelve  fiber  ends  era  tested  for 
each  specimen  to  obtain  acceptable  statistics. 
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RESULTS  AND  DISCUSSION 

Our  findings  on  transcrystallization  in  various  fiber/resin  systems  are 
summarized  in  Table  I.  In  the  case  of  pitch-based  carbon  fiber  and  aramid 
fiber,  a  transcrystalline  interphase  was  always  observed,  whereas  in  the  case 
of  PAN-based  AU-4  carbon  fiber  and  glass  fiber,  transcrystallization  occurred 
only  in  some  circumstances.  Optical  micrographs  of  the  transcrystalline  inter¬ 
phase  in  a  few  systems  are  illustrated  in  Figure  2. 

It  is  conceivable  that,  in  pitch-based  carbon  fiber  and  aramid  fiber 
systems,  a  surface  lattice  match  is  responsible  for  transcrystallization. 

This  argument  is  quite  obvious  in  the  PPDT  system,  where  similar  crystal  unit 
cell  dimensions  are  observed  between  the  fiber  substrate  and  resin.  Compari¬ 
son  of  unit  cell  dimensions  between  aramid  fiber  and  various  polymers  is  list¬ 
ed  in  Table  II.  The  crystal  structure  of  all  six  polymers  is  known  to  be 
orthorhombic  with  the  c-axis  along  the  chain  directions  [6].  In  aramid  fiber, 
the  c-axis  is  also  Che  fiber  axis,  and  the  fiber  surface  contains  both  the 
a-axis  and  the  b-axis.  As  seen  in  Figure  1,  resin  molecules  are  aligned 
parallel  to  the  fiber  axis  with  their  b-axis  in  the  direction  of  transcrys¬ 
tallization  growth.  This  suggests  that  the  close  match  of  unit  cell  dimen¬ 
sion  in  the  a-axis  and/or  c-axis  between  fiber  and  resin  may  be  responsible 
for  transcrystallization.  Generally,  it  is  believed  that  epitaxy  can  be 
observed  as  the  lattice  mismatch  is  less  than  approximately  20Z  between  the 
substrate  and  resin,  though  some  gross  anomalies  exist  [12]. 

In  the  case  of  pitch-based  carbon  fiber,  the  epitaxial  effect  is  again 
plausible.  While  previous  investigators  have  concluded  that  the  surface  of 
the  pitch-based  carbon  fiber  is  constituted  of  basal  planes,  there  is  recent 
evidence  of  presence  of  a  significant  number  of  edge  planes  [13],  where  a 
surface-topography  match  is  again  permissible  for  Inducing  nucleation  [14], 
However,  in  the  PAN-based  carbon  fibers,  transcrystallization  occurs  only 
under  certain  conditions,  which  are  not  fully  characterized.  This  behavior 
may  be  because  the  surface  of  a  PAN-based  carbon  fiber  contains  mostly  the 
defect-free  Basal  planes  [15],  where  resin  molecules  are  difficult  to  match 
to  such  topography. 


Table  I.  Transcrystallinc  Interphase  Observation 


Fiber/Resin 

PPS 

PEEK 

PBKK 

PAN-Based  AU-4  Carbon 

*/- 

*/- 

♦  /- 

Pitch-Based  Carbon 

* 

♦ 

* 

Glass 

*/. 

+/- 

*/- 

PPDT  Aramid 

♦ 

♦ 

* 

♦  Represents  positive 

finding. 

-  Represents  negative 

finding. 

Table  II.  Unit  Cell  Dimensions  (no)  of  Various  Polymers 
a  b  c 


PEEK 

6 

0.775 

0.586 

1.00 

PEK 

6 

0.763 

0.596 

1.00 

PPS 

6 

0.867 

0.561 

1.026 

PPO 

6 

0.807 

0.554 

0.972 

PEKK 

16 

0.769 

0.606 

1.016 

PPDT 

18 

0.78 

0.52 

1.29 

120 


v-  V  >  'o  * 


r  # 

ry 


■  )■ 


(a)  (b) 
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Figu.e  2.  Optical  Micrographs  of  Transcrystal  line  Interphase  in  (a)  Aramid/ 
PEEK  (h)  Pitch-Based  Carbon/PEEK  (c)  AU-4/PEEK  (without  trans- 
crystalline  interphase)  (d)  A0-4/PEEK  (with  transcrystalline 
ir.terphase) 

In  addition  to  the  surface  topography,  another  possible  source  of  in¬ 
ducing  transcrystallitation  ia  the  mismatch  of  thermal  conductivity.  If  a 
temperature  gradient-,  results  from  such  a  mismatch  near  the  Interface  of  a 
fiber  (with  large  thermal  conductivity),  the  fiber  surface  can  be  cooler  than 
the  resin  and  increase  the  cupercooling.  A  large  supercooling  on  the  fiber 
surface  Increases  the  nucleatlon  rate  and  results  in  transcrystalliration  [2], 
However,  this  phenomenon  would  depend  on  both  the  overall  degree  of  super¬ 
cooling  and  nucleating  ability  of  the  neat  resins.  If  the  overall  degree  of 
supercooling  la  large,  transcrystallisatlon  is  difficult  to  occur,  whereas 
small  degree  of  supercooling  usually  promotes  transcrystallinity.  Transcrys- 
talline  interphases  observed  in  the  PAN-baaed  fiber  and  the  amorphous  glass 
fiber  systems  awy  be  partially  due  to  this  phenomenon. 

Plasma  treatment  of  the  AIM  fiber  shoved  a  negligible  effect  on  induc¬ 
ing  transcrystalliaation.  The  surface  free  energy  of  the  plasma-treated 
carbon  fiber  is  almost  two  times  that  of  the  untreated  one  fib).  Therefore, 
this  finding  verifies  our  previous  belief  that  the  surface-free  energy  has 
little  Influence  on  the  surface-induced  nucleatlon  [16). 

Mlcrodebondlng  test  rseults  from  several  composites  do  not  reveal  any 
difference  in  Interfacial  bond  strength  between  the  systems  possibly  having 
tranacrystalllne  Intfrphase  ami  the  one  without  transcrystallinity.  One  pos¬ 
sible  explanation  is  that  trinserystsllinity  may  not  change  the  fiber/matrix 
Interfacial  adhesion.  Though  transcrystallinity  is  proven  to  enhance  the  resin 
properties,  high  fiber  content  In  the  composites  significantly  restricts  ths 
available  space  for  transcrystalllmlon  growth,  therefore,  the  effect  of 
tranecryetallinlty  on  composite  properties  may  not  be  profound. 
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THE  INFLUENCE  OF  WATER  ON  THE  EPOXY^ESIN-GLASS 
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ABSTRACT 

The  absorption  of  water  in  glass  fiber  reinforced  epoxy  resins  is  a  complex 
process.  With  dynamic-mechanical  measurements  it  is  possible  to  distinguish  locations 
of  water  in  the  resin-glass  interphase,  in  micro-cracks  of  the  resin,  and  diluted  in  the 
bulk  polymer.  The  dominant  mechanism  of  incorporation  depends  on  the  resin/hardener 
system,  the  surface  treatment  of  the  glass  fabrics,  and  the  sorption  temperature. 


INTRODUCTION 

The  knowledge  of  the  water  content  of  a  glass  fiber  reinforced  epoxy  resin  does 
not  allow  to  predict  its  influence  on  the  mechanical  properties  of  the  laminate.  For  such 
a  prediction  it  is  important  to  distinguish  different  states  of  water  in  the  sample,  namely 
water  in  the  polymer  matrix,  ad  water  in  the  interphasc. 

Water  sorption  of  the  glass  fibers  can  be  neglected.  Water  in  the  polymer-  glass 
interphase  Is  responsible  for  the  decrease  of  the  mechanical  properties  of  the  laminate. 
With  dynamic-mechanical  measurements  it  is  possible  to  discriminate  water  in  the 
resin-glass  interphase  from  water  in  the  bulk  polymer  and  in  micro-cracks  of  the  resin. 


EXPERIMENTAL 

As  laminating  resin,  an  epoxy  system  of  Bakelitc,  Duisburg,  FRG  (trade-name 
0166  5KM)  was  used.  Us  main  component  is  bisphenol-A-diglyddether  fDGEBA).  The 
curing  agents  were  bis  (4-amino-J-methyI-cydohexyl)methane  (PACM)  (trade-name 
SL),  triethylene-tetramine  (TETA)  (trade-  name  VE  2806),  and  diethylene-triaminc 
(DETA)  (trade-name  VE  2778),  respectively. 

Resin  and  hardener  were  added  in  stoichiometric  proportions.  The  surface 
treatments  of  the  glass  fabrics  (glass  fabric  style  92111  of  lmerglas,  Ulm,  FRG)  were 
Finish  I  550,  and  textile  sire,  respectively.  The  test  specimens  were  prepared  by  wet 
lamination  of  four  glass  fabric  styles.  The  resin  was  cured  24  hours  at  room  temperature 
and  subik  'uently  annealed  for  17  h  at  120  °C. 

The  conditioning  was  carried  out  in  distilled  water  of  21  «C  and  70  °C. 

The  dynamic-mechanical  measurements  were  performed  with  an  automatic  torsional 
pendulum  ATM3  of  Myrenne,  Roetgen,  FRG  at  a  frequency  of  constantly  1  Hz. 

The  water  concentrations  are  detected  by  the  weight  chart#  of  the  samples. 


RESULTS  AND  DISKUSSiON 

The  effect  of  water  as  plasticizing  agent  can  be  detected  by  the  depression  of  the 
ts-traosition  temperature  (Tg).  Water  dusters  trapped  in  micro-voids  show  no 
uence  on  Tg,  A  significant  increase  of  the  relative  damping  factor  (tantai)  is 
observed  instead.  It  is  defined  as  the  quotient  of  the  toss  tangent  of  each  sample  (tani) 
and  the  loss  tangent  of  the  dry  sample  (tan/1)  at  a  given  temperature: 
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Fig.  1  shows  the  dependence  of  these  relative  values  at  0  °C  on  the  amount  of 
incorporated  water.  The  water  conditioning  has  been  done  at  70  °C. 


All  resin  systems  show  an  increasing  relative  loss  tangent  due  to  incorporation  of 
a  first  small  amount  of  water.  Two  of  them  approach  a  constant  value.  Only  the  system 
DGEBA/TETA  shows  an  additional  increase  in  the  relative  loss  tangent  with  increasing 
water  absorption.  Using  a  method  of  Apicella  [1]  it  was  calculated,  that  this  system 
contain  significantly  higher  amounts  of  water  in  micro-voids  compared  to  the  other  resin 
systems.  These  water  filled  micro-voids  disturb  the  energy  transfer  within  sample  and 
toe  damping  increases. 

Fig.  2  shows  the  watersorption  of  the  unreinforced  in  comparison  with  the  rein¬ 
forced  system  (TOGEB A/TET A)  at  70  °C  The  water  concentrations  are  related  to  the 
resin  content.  The  square  root  of  time  is  related  to  the  thickness  of  the  samples  (d).  In 
this  figure,  the  water  sorption  of  the  composite  was  lower  than  the  sorption  of  the  unre- 
inforced  material  Later  the  ctrves  cross  over  and  the  water  content  of  the  laminate 
becomes  higher  than  that  of  the  pure  resin  system.  This  suggests  that  an  additional 
mechanism  of  water  sorption  is  active  in  the  composite  and  it  ts  probable  that  the  addi¬ 
tional  water  is  located  m  the  region  of  the  intexpbase.  This  water  sorption  causes  an 
additional  relaxation  in  the  damping  characteristics  of  the  composite  (Fig.  3),  which  was 
not  observed  in  the  unreinforced  material 
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Fig.  3.  lumping  characteristics  of  the  reinforced  system  DGCBA/TKTA  at 
different  water  amicus  (cooditfooiug  at  70  “t,  reinforcement:  Will 
Finish  1  m 
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The  intensity  of  the  new  relaxation  grows  with  increasing  concentration  of  water  and  is 
shifted  to  higher  temperatures.  The  relaxation  temperature  in  addition  depends  on  the 
surface  treatment  of  the  glass  fibers.  The  relaxation  was  also  observed  by  Williams  [2]  at 
glass  reinforced  epoxy  resins  by  conditioning  in  boiling  water.  It  may  be  explained  by  an 
interaction  of  glyceryl  units  in  the  vicinity  of  the  glass  surface  with  water.  These 
hydrated  units  may  cause  the  new  relaxation  observed  in  the  damping  curve  [2], 

If  water  sorption  is  performed  at  21  °C  the  additional  relaxation  only  can  be 
observed  if  a  glass  fibre  with  a  hydrophilic  surface  treatment  (e.g.  textile-size)  is  used  as 
reinforcing  material.  Other  surface  treatments  require  a  higher  sorption  temperature. 
After  drying,  the  additional  relaxation  has  vanished.  Its  appearance  may  indicate  the 
incorporation  of  water  in  the  polymer-glass  interphase. 

Fig.  1  has  shown,  that  water  in  micro-voids  increases  the  relative  loss  tangent. 
This  effect  must  be  enhanced  if  water  is  incorporated  in  the  interphase  or  at  the 
interface  because  the  energy  transfer  from  the  resin  to  the  fiber  would  be  disturbed 
Fig.  4  shows  the  relative  loss  tangent  of  the  composite  of  DGEBA/PACM  at  0  °C 
depending  on  the  water  concentration  at  different  temperatures  of  conditioning. 


Fig.  4:  Relative  loss  tangent  at  0  °C  in  dependence  of  the  water  content  of 

the  reinforced  resin-system  DGEBA/PACM  at  different  water  condi¬ 
tioning  temperatures 

The  appertaining  unreinforoed  system  shows  only  a  small  formation  of 
micro-voids.  Therefore  the  significant  increase  of  the  damping  at  later  stages  of  the 
water  sorption  at  70  °C  must  be  caused  by  the  disturbance  of  the  interphase.  This 
disturbance  can  also  be  prove  by  an  optical  method  [3].  The  water  concentrations, 
estimated  from  both  methods  for  the  occurence  of  interohase  disturbance  are  equal. 

The  absorption  of  water  at  room  temperature  (zl  °C)  causes  no  incorporation  of 
water  in  the  interphase.  The  damping  at  0  °C  has  the  same  origin  as  in  the  unreinforced 
material.  This  fact  is  also  supported  by  results  from  the  optical  method. 

Other  systems  already  show  a  disturbance  of  the  interphase  by  water  sorption  at 
room  temperature.  Fig.  5  represents  the  dependence  of  the  relative  loss  tangent  of  the 
reinforced  system  DGEBA/TETA  to  the  sorbed  moisture. 
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Fig.  5:  Relative  loss  tangent  at  0  °C  in  dependence  of  the  water  content  of 

the  reinforced  resin  system  DGEBA/TETA  at  different  water 
conditioning  temperatures 

It's  pointed  out  that  this  system  shows  significant  deviations  from  the  behaviour 
of  the  unreinforced  material,  even  at  water  conditioning  at  21  °C.  The  reinforced  system 
DGEBA/DETA  shows  a  qualitative  equivalent  nature.  This  means  that  in  these  systems 
the  incorporation  of  water  into  the  interphase  can  occur  at  even  moderate  conditions, 
whereas  for  the  PACM-crosslinked  system  more  drastical  conditions  are  neccesary. 

It  is  known  from  other  investigations  [4]  that  the  interphase  of  the  reinforced 
systems  DGEBA/TETA  and  DGEBA/DETA  have  interrupted  adhesion  features.  On 
the  contrary  the  system  DGEBA/PACM  shows  a  strong  interaction  between  polymer 
and  reinforcing  material,  with  a  high  immobilization  of  the  polymeric  chains  in  the 
interphase.  This  can  be  shown  by  the  shift  of  the  glass  transition  temperature  of  the 
reinforced  system  to  higher  temperatures  in  comparison  with  the  unreinforced  material 
[41  Therefore  further  influences  of  the  interphase  caused  by  water  are  more  easily  in  the 
reinforced  systems  DGEBA/TETA  and  DGEBA/DETA,  whereas  incorporation  of  water 
in  the  interphase  needs  stronger  conditions  in  the  DGEBA/PACM -system. 
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ABSTRACT 

Dyaanuc-mechanical  measurements  were  used  to  study  the  properties  of  the  interphase 
in  glass  fibre  reinforced  epoxy  resins.  The  immobilisation  of  toe  polymer  chains  in  the 
interphase  is  determined  by  the  curing  system,  the  annealing  process,  and  the  surface 
treatment  of  the  glass  fibres. 


INTRODUCTION 

Incorporation  of  filler  into  a  polymer  matrix  is  accompanied  by  changes  in  mecha¬ 
nical  and  thermal  properties.  These  are  mainly  due  to: 

-  a  partial  substitution  of  volume  by  the  filler,  which  in  general  consists  of  a  high- 
modulus  material  (volume  effect) 

-  an  increasing  inner  surface  and  thus  an  enhanced  interaction  on  the  microscopic 
scale  (surface  effect) 

interactions  between  polymer  and  filler  (adhesion  effect) 

The  dynamic-mechanical  experiment  is  an  excellent  tool  to  analyze  the  properties 
of  reinforced  polymers. 

Of  great  importance  is  the  structure  of  the  interphase  which  leads  from  the  surfa¬ 
ce  of  the  filler  to  the  polymer  with  bulk  properties. 

The  behaviour  of  this  interiayer  does  influence  the  elastic  properties  of  the  whole 
system  to  a  not  negligible  extent  [2], 


MATERIALS  AND  METHODS 

-  resin:  Riitapox  0166/520  (trade-name),  Bakelite  GmbH,  Duisburg,  FRG 

main  component:  bisphenol-A-diglycidether  (DGEBA) 

-  curing  agent: 

Riitapox  SL  (trade-name)  main  component: 
bis(p-amino-2-methyl-cyclohexyl)methane  (PACM) 

RQtapox  VE2896  (trade-nanv*>  main  component:  triethylene-tetra- 
mine  (TETA) 

-  i  enforcing  material: 

glass  fabri  s  (92111,  weave  type  linen  and  91945,  weave  type  atlas 
1/7)  from  Interalas,  Ulm,  FRG  with  different  surface  treatments 

a)  finished  with  1 550  (t  ade-name) 

b)  equipped  with  a  textile  size 

c)  textile  size  thermally  removed 

The  reinforced  specimen  were  prepared  at  room  temperature  from  four  layers  of 
glass  fabrics  by  hand-laminating.  The  unreinforced  samples  were  molded  in  a  silicone 
rubber  mould.  Sample  size:  57  mm  x  6  mm  x  1  mm.  After  12  h  curing  at  room  tempera¬ 
ture  the  samples  were  subsequently  kept  at  120  °C  for  17  h. 
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A  torsional  pendulum  working  at  1  Hz  constantly.  Fa.  Myrenne,  Roetgen,  FRG, 
was  used  to  measure  the  dynamic-mechanical  behaviour  in  the  temperature  range  from 
-ISO  °C  to  200  °C  with  an  angle  of  torsion  of  1°  and  heating  rates  of  lK/min  and 
3K/min,  respectively  [2], 

The  inflection  point  of  the  G'(T)  trace  was  chosen  as  a  measure  for  the  glass- 
transition  temperature  (Fig.  1). 

The  reproducibility  of  the  glass-transition  temperature  was  ±  IK  (heating  rate;  3K/min) 
rcsp.  -e  0,5  K  (beating  rate;  lK/min). 


RESULTS  AND  DISCUSSION 


Fig.  1  Dependence  of  G'  and  tantf  as  a  function  of  temperature  for  the  system 

DGEBA/PACM 


Upon  heating  the  region  of  the  /3-relaxation  indicates  the  beginning  motion  of 
hydroxyether  and  dfphenylpropane  segments  [1],  The  region  of  the  o-relaxntion  is  iden¬ 
tified  with  the  glass-transition  where  the  motion  of  longer  chain  segments  begins. 

Table  1  and  2  show  the  glass-transition  temperatures  of  the  resin  after  curing  with  the 
two  different  types  of  amines  with  and  without  reinforcing  glass  fabrics. 
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Table  i:  Glass-transition  temperature  of  the  system  DGEBA/PACM  with 
and  without  reinforcing  glass  fabrics 


reinforcement 

p6) 

unreinforced 

115.5 

92111+finish 

124 

921 11+textile  size 

124 

thermally  removed 
92111+textile  sue 

123 

91945 +fmish 

124 

91945+textile  size 

122 

Table  2:  Glass-transition  temperature  of  the  system  DGEBA/TETA  with  and 
without  reinforcing  glass  fabrics 


reinforement 

J&] 

unreinforetd 

98.5 

92111+finish 

98 

92111+textile  size 

95.5 

thermally  removed 
92111+textile  size 

92 

91945+finish 

96 

91945+textile  size 

93 

Comparing  the  reinforced  systems  with  the  unreinforced  ones,  the  particularity  of 
the  cycloaliphatic  curing  agent  PACM  becomes  obvious: 

The  glass-transition  temperatures  of  the  reinforced  samples  axe  higher  with 
PACM,  which  indicates  a  stronger  interaction  of  the  glass  surface  with  the  PACM  than 
with  the  TETA  cured  system. 

The  fact  that  physical  and/or  chemical  interactions,  which  decrease  chain  mobili¬ 
ties  in  the  vicinity  of  a  filler  lead  to  a  rise  of  the  glass-transition  temperature,  is  well 
known  [3,41.  An  inteiphase  connecting  glass-surface  and  bulk  polymer,  which  shows 
thermal  and  viscoelastic  properties  different  from  the  bulk  polymer  is  discussed. 

One  possible  way  to  investigate  such  a  complex  multiphase  structure  is  to  exami¬ 
ne  the  mechanical  relaxation  process  influenced  by  annealing,  Fig.  2  shows  the  tempera¬ 
ture  dependence  of  the  o-transition  (glass-transition)  of  the  pure  cured  resin  compared 
to  the  reinforced  material  with  PACM  as  curing  agent. 

In  order  to  avoid  further  annealing  during  the  measurement,  the  heating  rate  was 
enhanced  to  3K/min,  These  values  are  slightly  shifted  to  those  measured  at  lK/min. 

It  is  obvious,  that  annealing  increases  crosslinking  density.  This  can  be  deduced 
from  the  trace  of  the  unreinforcea  sample,  as  the  temperature  of  the  o-transition  is 
shifted  to  higher  values  with  increasing  annealing  time.  Compared  to  reinforced  material 
there  remains  a  clear  difference,  even  after  17  h  of  annealing.  These  differences  are  only 
found  after  such  a  subsequent  thermal  treatment  and  indicates  that  the  interaction 
between  the  polymer  and  the  glass  surface  is  strongly  influenced  by  the  thermal  history 
of  the  sample.  This  is  quite  in  oontrast  to  the  behaviour  of  the  glass  transition  tempera¬ 
ture  which  can  be  detected  in  the  TETA-cured  system  after  annealing  (fig.  3). 


- 

0  200 

400 

600 

800  ..  1000  ,  1200 
annealing  fime  (mini 

•» 


Fig.  2:  Dependence  of  the  glass-transition  temperature  as  a  function  of  the 

annealing  time  at  120  °C  of  the  system  DGEBA/PACM  with  and  with¬ 
out  glass  fabrics 

□  =  without  glass  fabric;  o  =  with  glass  fabric  (92111+finish) 


Fig.  3:  Dependence  of  the  glass-transition  temperature  as  a  function  of  the 

annealing  time  at  120  °C  of  the  system  DGEBA/TETA  with  and  without 
glass  fabrics 

D  =  without  glass  fabric;  o  =  with  glass  fabric  (92111+finish) 
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In  this  case,  on  the  contrary,  just  the  unreinforced  sample  shows  a  higher  charac¬ 
teristic  temperature  for  the  o-reiaxation  than  the  reinforced  material  shows  after  the 
subsequent  thermal  treatment. 

The  difference  in  behaviour  becomes  more  pronounced  if 

ATg  =  Tg(reinforced)  -Tg(unreinforced) 
is  plotted  versus  annealing  time,  as  shown  in  fig.  4. 


Fig.  4:  Dependence  of  ATg  as  a  function  of  annealing  time 

0=  DGEBA/PACM;  o  =»  DGEBA/TETA 


There  are  basically  different  effects  observable.  As  the  type  of  the  resin  and  the 
type  of  the  glass  fabrics  are  identical  the  effects  are  caused  by  different  structures  of  the 
curing  resin.  In  the  PACM  system  the  fixation  of  stresses  which  occur  during  cross- 
linking  and  annealing  are  able  to  relax  to  a  high  extent. 

As  this  is  not  the  case  in  the  TETA  cured  system,  these  stresses,  which  will  be 
mainly  concentrated  at  the  interphase,  lead  to  partial  delamination.  This  is  due  to  steric 
hinderance  caused  by  the  closer  vicinity  of  the  reacting  groups  compared  to  PACM.  This 
was  supported  by  sorption  measurements  with  water  [5]. 

Thermally  induced  subsequent  crosslinking  increase  crosslink  density,  and  this 

3 its  the  building  up  of  stress  areas.  The  delamination  is  further  enhanced  if  the 
e  Itself  shows  no  optimum  conditions  for  an  interaction  with  the  resin  as  this  is  the 
case  if  there  is  a  textile  size  of  the  fibre.  Fig.  5  shows  the  effects  for  differently 
pretreated  fibre  surfaces. 
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Fig.  5:  Dependence  of  the  glass-transition  temperature  as  a  function  of  annealing 

time  at  120  °C  of  the  system  DGEBA/TETA  with  and  without  glass 
fabric 

a  »  without  glass  fabric;  o  =  with  glass  fabric  (92111+textile  size  ther¬ 
mally  removed);  +  =  with  glass  fabric  (92111+textile  size) 

Insufficient  interaction  with  the  surface  is  reported  by  clearly  lower  Tg-values  of 
the  reinforced  material  compared  to  the  unreinforced.  In  the  case  of  a  texile  size  treated 
surface  there  is  even  a  furtner  decrease  of  Tg  after  5  h  observable  indicating  increasing 
defects  which  lead  to  more  flexible  chains. 


LITERATURE 

(1]  M.  Schrager,  J.  Carey 

Polymer  Engineering  and  Science  IQ  (1970)  568 

(2]  K.H.  Ulers,  H.  Breuer 

Roll.  Zeitschrift  126(1961)  110 

(3]  H.  Ishida,  J,L.  Koenig 

Polymer  Engineering  and  Science  IS  (1978)  128 

(4]  T.B.  Lewis,  L.E.  Nielsen 

Journal  of  Applied  Polymer  Science  (1970)  1449 

(5]  T.Marzi 

Dissertation  University  -GH-  Duisburg  in  press 


This  project  was  promoted  by  the  Arbeitsgemeinscliaft  Industrieiler  Forschungsvereini- 
gungen  (AIF). 


"Mrefefetaft'fc* tW**< 


135 


ACID/BASE  INTERACTIONS  WITH  SILICON  CARBIDE  FIBER 

SHELDON  P.  WESSON*  AND  RONALD  E.  ALLRED** 

•TRI/Princeton,  P.O.  Box  625,  Princeton,  NJ  08542 

**PDA  Engineering,  Materials  Development  Department,  3754  Hawkins  NE, 
Albuquerque,  NM  87109 


ABSTRACT 

Silicon  carbide  fiber  surfaces  were  analyzed  by  programmed  thermal  desorption  and 
inverse  gas  chromatography,  using  Lewis  acids  and  bases  as  probe  adsorbates  to  compare 
the  effect  of  RF  glow  discharge  plasma  and  thermal  treatment  on  surface  energetics. 
Changes  in  surface  add/base  character  were  correlated  with  wetting  data,  surface 
titrations,  and  surface  chemical  composition  deduced  from  x-ray  photoelectron 
spectroscopy.  Thermal  treatment  did  not  alter  fiber  sr-dace  energetics  significantly. 
Plasma  treatment  rendered  the  surface  more  addle  and  more  basic.  XPS  and  thermal 
desorption  analysis  indicate  that  the  plasma  removed'  strongly  adsorbed  organic 
contaminants,  exposing  and  activating  the  underlying  glassy  surface. 


BACKGROUND 

Silicon  carbide  fiber  is  manufactured  by  spinning,  curing  and  pyrolyadng  a 
polycarbosilane  precursor  flj.  These  surfaces  exhibit  poor  interfadal  bonding  with 
polymeric  matrices  (2j.  This  study  is  a  survey  of  surface  properties  of  silicon  carbide 
fiber,  and  describes  efforts  to  activate  the  surface  prior  to  chemical  modification.  Unsized 
Dow  Coming  NICALON‘“  filament  was  characterized  as  received,  after  applying  an 
oxidative  plasma  (designated  XA1,  PDA  Engineering),  and  after  thermal  treatment. 


MATERIALS  AND  METHODS 
XPS 

X-ray  photoelectron  spectra  were  obtained  by  Rocky  Mountain  Laboratories,  Inc., 
Golden,  CO,  using  a  Surface  Sciences  S8X-100  spectrometer  with  an  A1  Ka  source.  High 
resolution  Ct,  peaks  were  averaged  over  10  to  15  scans  using  a  spot  size  of  300  /on*  with 
the  flood  gun  at  1  eV.  Gaussla  .  curve  fitting  was  used  to  deconvolve  high  resolution 
photopeaks  into  components  bared  on  binding  energy  references  from  model  compounds. 


Titrations 

Fiber  specimens  were  dried  under  vacuum  (5  kPa)  tor  one  hour  at  50*  C  prior  to 
titration  in  to!  -ene  with  1,2-diphenylguanidine  for  ucid  groups,  and  diphenyl  phosphate 
for  basic  groups  [3],  Fibers  were  reacted  for  15  to  30  minutes  with  the  appropriate  acid  or 
base  solution  prior  to  back  titration.  The  indicator  range  of  bromophtbaldn  Magenta  E 
(pH  3,0  to  4  J)  was  corrected  with  blank  titrations. 


Willing 

Fiber  wettability  was  measured  by  the  Wiihelmy  technique  using  methylene  iodide 
(nonpolar  oil),  formamide  (Lewis  base),  and  ethylene  glycol  (Lewis  add).  Monofilaments 
were  glued  to  metal  books  and  suspended  vertically  from  the  working  arm  of  a  Cahn  2000 
microbalance,  while  a  precision  elevator  raised  ana  lowered  a  liquid  surface  along  15  mm 
of  fiber.  The  method  and  analysis  were  described  previously  [3]. 
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Prn^rftmmed  Thermal  Desorption 

Desorption  polytherms  were  obtained  by  loading  a  nickel  column  (55  cm  by  1/4" 
i.d.)  with  4g  to  5g  of  fiber,  a  quantity  that  provides  about  0.4  square  meters  of  surface  for 
investigation,  with  no  pressure  drop  across  the  column.  Nitrogen  carrier  gas  was 
maintained  at  a  flow  rate  of  24  cc/min  in  an  HP  5880  gas  chromatograph  fitted  with  a 
flame  ionization  detector  (FID).  Thermal  desorption  polytherms  were  obtained  by 
collecting  signals  from  the  FID  and  oven  thermometer  at  2  Hz  as  columns  were  subjected 
to  linear  temperature  ramping  from  30*  C  to  300'  C  at  5*  C  per  minute.  Detector  response 
was  monitored  at  zero  attenuation.  Thermal  desorption  polytherms  are  presented  as  FID 
response  normalized  for  total  surface  area  in  the  column  versus  column  temperature. 


Inverse  Gas  Chromatography 

Chromatograms  were  obtained  at  the  minimum  attenuation  required  to  maintain 
the  detector  signal  below  saturation  at  peak  maximum;  zero  attenuation  was 
implemented  after  the  signal  fell  below  0.02%  of  saturation,  permitting  measurement  of 
desorption  at  low  coverage  with  maximum  resolution.  Chromatograms  using 
t-butvlamine  and  f-butanol  were  collected  over  periods  of  3000  seconds.  The  method  for 
transforming  chromatograms  to  isotherms  was  described  previously  [3]. 


RESULTS 

XES 

Concentrations  of  surface  constituents  for  the  two  fiber  specimens  are  listed  in 
Table  I.  Components  of  the  high  resolution  Cu  envelope  are  presented  in  Table  II. 

Table  I.  Surface  Composition  of  Silicon  Carbide  Fiber 


Species 

Untreated,  at% 

XAl  plasma,  at% 

O 

44.i?6 

36.89 

Na 

0.61 

0.65 

N 

2.12 

2.14 

Ca 

0.52 

— 

C 

28.54 

34.80 

Cl 

1.53 

1.12 

Si 

22.62 

24.39 

Table  II.  Components  of  Cu  Photopeaks 


Binding 

Energy,  eV  Species  Untreated  XA1  plasma 

percent  of  Ci.  phot  gpeak 


233.4 

SiC 

28.6 

27.3 

284.8 

primary  carbon 

50.9 

59.9 

286.3 

hydroxyl,  ether,  ester 
single  bond 

carboxyl,  ester  double  bond 

14.8 

9.5 

288.6 

5.7 

3.3 
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Titrations 

Values  listed  in  Table  m  are  averages  from  titrations  performed  in  triplicate. 
Table  HI.  Surface  Site  Titrations 


Substrate 

AridSites/nmS  Basic  Sites/nm* 

Untreated 

1.6  ±0.6  - 

XA1  plasma 

3.8  ±1.3  - 

Wetting 

Advancing  work  of  adhesion  for  methylene  iodide,  formamide,  and  ethylene  glycol 
on  the  two  silicon  carbide  specimens  is  presented  in  Table  IV. 

Table  IV.  Silicon  Carbide  Fiber  Wettability,  mN/m 


CHjIj 

HCONHj 

HOCHjCHjOH 

Substrate 

V 

7? 

V 

ya/b 

V 

pa/h 

Untreated 

76.9 

29.5 

107.7 

39.4 

96.3 1 

37.5 

XA1  plasma 

79.4 

31.4 

111.6 

41.2 

93.1 

32.3 

t  probe  spread  on  fiber 


Programmed  Thermal  Desorntion 

Figure  1  shows  thermal  desorption  from  untreated  silicon  carbide  fiber.  The 
dotted  curve  shows  evolution  of  adsorbed  contaminants  when  no  probe  was  placed  on  the 
column.  The  solid  curve  shows  desorption  of  t-butylamine  and  contaminants  from  a  fresh 
charge  of  fiber.  The  chemisorptive  capacity  of  the  substrate  is  taken  as  twice  the  area 
under  the  solid  curve  from  30*  C  to  the  maximum  at  60*  C.  Figure  2  displays  thermal 
desorption  of  t-butylamine  and  contaminants  from  plasma  treated  fiber.  Table  V  lists 
chemisorptive  capacities  of  substrates  before  and  after  thermal  treatment. 

Table  V.  Chemisorptive  Properties  of  Silicon  Carbide  Fiber 


Moles  Desorbed,  voU*C/m> 
Substrate  As  Received  300*  C 


Hj.utyla.min8 

Untreated 

4.0i 

7.3 1 

XA1  plasma 

13.0 5 

12.7 » 

Hsutanol 

Untreated 

0.3 « 

0.8 4 

XAl  plasmt 

2.1 » 

1.45 

T.„  «  0)60*0,  (*)  70* C,  (*)  75* C,  (<)50*C,  (»)52*C 


Thermal  desorption  from  untreated  silicon  carbide  fiber.  Dotted  curve 
denotes  evolution  from  fiber  without  probe.  Solid  line  shows  evolution  after 
injection  of  t~butylamine. 
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Figure  3.  Physical  adsorption  isotherms  for  t-butyl  amine  on  silicon  carbide  fiber  at 
30*C.  Solid  line  denotes  adsorption  on  untreated  fiber.  Dashed  line  shows 
adsorption  on  plasma  treated  surface.  Dotted  curves  indicate  isotherms  for 
both  specimens  after  thermal  treatment  to  300*  C. 


Figure  4.  Physical  adsorption  isotherms  for  t-butanol  on  silicon  carbide  fiber  at 
30’ C.  Solid  lice  denotes  adsorption  on  untreated  0b**t.  Dashed  fine  shows 
adsorption  on  plasm.t  treated  surface.  Dotted  curves  indicate  isotherms  for 
both  specimens  after  thermal  treatment  to  303*  C. 


Diffuse  profiles  of  chromatograms  were  transformed  to  isotherms  [31.  Adsorption 
volumes  are  expressed  as  n/EgPo  (/anoles/mJ)  to  normalize  the  isotherms  for  all 
experimental  conditions  except  differences  in  adsorption  energetics.  Figure  3  shows 
physical  adsorption  isotherms  obtained  by  eluting  untreated  silicon  carbide  fiber 
with  2  (A  injections  of  t-butylamine,  a  Lewis  base.  The  solid  curve  shows  adsorption  on 
untreated  fiber,  as  received.  The  adjacent  dotted  curve  shows  adsorption  on  untreated 
fiber  after  thermal  treatment  to  300*  C.  Dashes  denote  the  isotherm  on  plasma  treated 
fiber;  the  adjacent  dotted  curve  is  the  isotherm  after  heat  treatment. 

Adsorption  isotherms  obtained  with  0.S  pi  injections  of  t-butanol,  a  Lewis  acid, 
are  presented  in  Figure  4.  The  solid  line  denotes  untreated  fiber;  plasma  treated  fiber  is 
shown  with  dashes;  dotted  curves  indicate  heat  treated  spedmens. 


DISCUSSION 

The  dotted  desorption  polytherms  in  Figures  1  and  2  show  that  plasma  treatment 
scours  organic  contaminants  from  the  fiber  surface.  The  chemiaorptive  capacity  for  both 
the  acidic  and  basic  probes  increases  significantly  upon  plasma  treatment  (see  Table  V). 
The  desorption  temperature  for  the  basic  probe  increased  from  60*  C  to  75*  C,  evincing 
stronger  solid/vapor  interaction  with  the  plasma  treated  surface.  Heating  to  300*  C 
activates  the  untreated  fiber  surface,  but  not  to  the  extent  achieved  by  tne  plasma. 
Heating  deactivates  plasma  treated  surfaces  slightly,  perhaps  because  of  readsorption  of 
contaminants  onto  the  highest  energy  sites. 

Physical  adsorption  isotherms  confirm  the  trends  shown  by  thermal  desorption. 
Atl  of  the  isotherms  in  Figure  3  show  substantial  adsorptive  capacity  below  HMkPa; 
adsorption  at  low  pressures  results  from  the  basic  probe  Interacting  with  strongly  acidic 
sites.  Plasma  treatment  increases  the  adsorptive  capacity  in  the  low  pressure  sector  of 
the  isotherm;  the  effect  of  thermal  treatment  is  minor.  Analtgous  trends  am  seen  when  a 
Lewis  add  is  used  as  the  probe  vapor  (Figure  4).  The  net  effect  of  plasma  treatment  is  to 
render  the  surface  more  addle,  ano  more  basic,  by  removing  surface  contaminants. 

Wet  chemical  titration*  (Table  III)  corroborate  the  increased  surface  acidity 
indicated  by  adsorption  experiments.  (Diphenyl  phosphate  interacts  anomalously  with 
silica  surfaces,  obviating  the  basic  site  determination). 

Wetting  measurements  in  Table  IV  are  iusenxltve  to  changes  in  surface  energetics 
shown  by  other  techniques.  All  of  the  values  for  formatnlde  and  ethylene  glycol  (the  cask 
and  acidic  probe,  respectively)  are  near  the  upper  limit  imposed  by  spreading.  This 
demonstrates  the  limitations  of  wetting  fur  characterising  high  energy  substrates. 

Plasma  treatment  increases  the  surface  silicon  concentration,  as  shown  by  the  XPS 
results  iu  Table  I.  It  is  likely  that  enhanced  acidity  results  from  a  large?  surface 
concentration  of  (Hanoi  groups,  since  the  hydroxyl  and  carboxyl  components  of  the  C* 
photopcak  diminish  with  plasma  treatment  (Table  11).  The  higher  hydrocarbon  content 
seen  on  plaama  treated  surfaces  (Table  II)  is  attributed  to  adventitiously  adsorbed 
contaminants  on  the  activated  substrate.  The  net  effect  of  pfrsma  treatment  is  to  remove 
oxidised  carbon  residues,  activating  the  surface  to  behave  as  a  getter  for  ambient 
aliphatic!.  The  origin  of  the  basicity  of  silicon  carbide  fiber  is  unclear,  but  may  arlv? 
from  tilone  or  geminal  hydroxyl  functionality.  The  amphoteric  nature  of  this  substraio 
may  be  explained  in  more  detail  with  high  resolution  analysis  of  the  Slip  photopeak. 
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ABSTRACT 

The  wetting  of  cylindrical  monofilaments  by  liquid  polymers  is  a 
problem  of  much  scientific  and  technological  importance.  In  particular, 
the  characterization  of  the  physicochemical  nature  of  interfaces  is  a  key 
problem  in  the  field  of  advanced  fibrous  composites.  The  macroscopic 
regime  contact  angle,  which  reflects  the  energetics  of  wetting  at  the 
solid-liquid  Interface,  is  difficult  to  measure  by  usual  methods  in  the 
case  of  very  thin  cylindrical  fibers. 

In  the  present  article  a  numerical  method  is  proposed  for  the 
calculation  of  macroscopic  regime  contact  angles  from  the  shape  of  a 
liquid  droplet  spread  onto  a  cylltdrical  monofilament.  This  method,  which 
builds  on  earlier  theoretical  treatments  by  Yamaki  and  Katayama  [1],  and 
Carroll  [2],  very  much  improve  the  accuracy  of  the  contact  angle  obtained. 
Experimental  results  with  high-strength  carbon,  para-araoid,  and  glass 
fibers,  are  presented  to  demonstrate  the  high  degree  of  accuracy  of  the 
method  proposed. 
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The  characterization  of  th*  physicochemical  nature  of  interfaces  is  a 
key  problem  in  the  field  of  advanced  fibrous  composites.  The  macroscopic 
regime  contact  angle,  which  reflects  the  energetics  of  wetting  at  the 
solid-liquid  interface,  is  difficult  to  measure  by  usual  methods  in  the 
else  of  very  thin  cylindrical  fibers.  Indirect  measurement  of  contact 
angles  by  means  of  «  wetting  microbalanee  apparatus  has  some 
disadvantages.  A  method  for  determining  the  contact  angle  of  liquid 
droplets  on  cylindrical  surfaces  was  developed  simultaneously  ami 
independently  by  Yamaki  and  Katayama  {!),  and  Carroll  [2].  Unfortunately, 
measurements  of  th*  contact  angle  bated  on  this  method  are,  so  far,  unable 
to  provide  an  accuracy  of  better  than  about  S  degree.  In  the  present 
article  a  simple  extension  of  the  method  of  Yamekl  and  Katayama,  and 
Carroll,  is  presented,  from  which  highly  accurate  values  of  the  contact 
ample  may  be  obtained.  This  is  demonstrated  experimentally  from  the 
spreading  of  glycerol  droplets  on  carbon  fibers,  and  epoxy  droplets  on 
aramld  and  glass  fibers. 


PROFILE  OF  A  LIQUID  DROPLET  ON  A  MONOFILAMENT 


Ha A&ftLftOMM&L and  Cgml  I 

Yamekl  and  Katayama  [1]  and  Carroll  [2]  have  derived  an  analytical 
expression  for  the  reduced  droMet  length  L  as  a  function  of  th*  reduced 
maximum  droplet  thickness  T  and  of  the  macroscopic  contact  angle  (7 
Figure  i),  as  follows: 


•bit  Item  *mm  !*«*.  ftmc  vet  1*1  eiMO  featttw*  sweaty 
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L  =  2[a  K4>.  k)  +  T  E(*.  k)] 


(1) 


where  L=(droplet  length/cy  Under  radius),  T=(droplet  half¬ 
thickness/cylinder  radius),  and  a  is  given  by 


Tcosfl  -  1 
T-cos0 


(2) 


F  and  E  are  Legendre's  standard  incomplete  elliptic  integrals  of  the  first 
and  second  kind,  respectively,  which  are  tabulated.  The  arguments  <jS  and  k 
are  calculated  by  using  the  expressions: 


sin  4> 


(ft"*)) 


and 


(3) 


•2  -  >-$ 


to 


(In  the  above  analysis,  the  effect  of  gravity  is  neglected  and  the  droplet 
1$  assumed  to  be  in  thermodynamic  equilibrium;.  Since  the  dependence  on 
the  contact  angle  in  Equation  1  is  complex  this  expression  cannot  be 
inverted  and  the  contact  angle  must  be  obtained  by  reading  from  a  plot  of 
l  against  T  where  lines  corresponding  to  various  values  of  0  are  drawn. 
This  involves  a  great  deal  of  reading  error,  at  observed  in  our  laboratory 
as  well  as  by  other  researchers  [J,  4).  this  will  b#  illustrated  in  an 
example  later. 

Ve  have  developed  a  simple  numerical  algorithm  by  which  the  contact 
angle  may  be  determined  with  very  high  accuracy  [5).  This  algorithm,  now 
described,  helps  exploit  to  its  full  extent  the  method  proposed  by  Yamati 
and  Kalayama,  and  Carroll. 


Figure  1:  Liquid  droplet  on  a  cylindrical  momoff lament. 
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Accurate  Contact  Ancle  Determination 

First  Equation  1  is  modified  as  follows,  father  than  Legendre's  form, 
the  symmetrised  variants  [6]  of  the  incomplete  elliptic  integrals  of  the 
first  and  second  kind  are  preferred  for  computational  purposes: 


RF(X’y,Z)  2  {>/«+*)  ({+y)«+0 


V({+x)({+y)(£+z)3 


(5a) 


(5b) 


Then  it  can  be  shown  that  Legendre's  standard  integrals  can  be  expressed 
in  terms  of  Rp  and  Rg  as  follows: 


F(<£,k)  =  (sin$)  Rp(cos2<£,  l-k2sin2<£,  1)  (6a) 

E^.k)  =  (sin<£)  Rp(cos^0,  1— k^si 1) 

-  -yk2s1n3<£  Rg(cos *<j>,  l-k2sin 2</>,  1)  (6b) 

In  view  of  equation  3,  useful  simplifications  arise  as  follows:  (i)  The 
first  argument  (i.e.  cos ^<f>)  of  Rp  and  Rp  in  equations  6a  and  6b  is 
calculated  in  a  straightforward  manner;  (ii)  The  second  argument  (i.e. 
1  — k^si n2<^>)  of  Rp  and  Rg  in  equation'.  6a  and  6b  may  be  immediately 
replaced  by  1/T2. 

Equation  1  Is  now  rewritten  in  terms  of  Rp  and  Rg  by  means  of 
equations  6a  and  6b: 

L  =  2[s1ntf>  (a+T)  Rp  -  i-Tk2sin Rg]  (7) 

Based-  on  equation  7  the  following  scheme  was  adopted  for  accurate 

determination  of  6  (the  values  L  and  T*  are  measured  experimental 
readings): 

(1)  A  first  guess  0j  of  the  contact  angle  is  chosen  (using  Carroll's 
plot),  and  a  value  Tj  Is  calculated  using  Equations  1  to  4,  and  T*. 

(2)  A  second  guess  0,  is  made  (close  to  the  first  one),  and  a  second 
value  Lg  is  calculated  as  in  (1); 

(3)  A  value  0j  is  obtained  by  the  interpolation  (with  i=3) 
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(8) 


(4)  The  value  of  the  contact  angle  obtained  Is  then  compared  to  the 
previous  one  and  if  the  difference  between  these  is  larger  than  a 
predetermined  threshold  value  the  process  is  continued  (with  1=4, 
5,...)  until  a  satisfactorily  accurate  value  is  obtained. 

A  Fortran  77  program  was  prepared  based  on  the  scheme  proposed  above, 
which  proved  to  be  simple,  accurate  and  reliable.  In  [5]  we  plotted  the 
contact  angle  (in  the  range  0°^#^90°)  as  calculated  from  the  above 
method,  against  the  reduced  droplet  length  for  reduced  droplet  thicknesses 
ranging  between  1.5  and  5.  The  accuracy  of  the  contact  angle  obtained 
from  this  plot  was  found  to  be  better  than  that  obtained  from  Figure  2  in 
Carroll's  paper  [2].  However  the  use  of  the  Fortran  program  in  an 
interactive  mode  yields  much  more  accurate  values  of  0  than  those  read 
from  the  plot  in  [5],  and  this  is  the  preferred  method. 


Experimental  Example 

To  illustrate  the  method,  we  use  some  results  recently  obtained  in  our 
laboratory  (at  room  temperature)  with  (1)  droplets  of  glycerol  spread  on 
ex-polyacrylonitrile  extra  high  strength  carbon  fibers  (ACIF-XHT,  diameter 
of  6.8  im,  from  Afikim  Carbon  Fibers,  Israel),  (11)  droplets  of  epoxy 
resin  (CY  223  from  Ciba  Geigy,  no  hardener  used)  spread  on  single  para- 
aramid  filaments  (Kevlar  49,  diameter  of  11.9  fm,  from  du  Pont  de  Nemours, 
Inc.),  and  (ill)  droplets  of  epoxy  resin  (DER  331  from  Dow  Chemical,  no 
hardener  used)  spread  on  glass  fibers  (E-glass  5139,  diameter  of  18  ^m, 
from  Vetrotex  International).  For  the  carbon/glycerol  system  the  average 
contact  angle  from  9  droplets  is  55.8®  with  a  coefficient  of  variation  of 
14.7  pc.  This  result  is  very  close  to  the  one  obtained  by  Chang  at  al. 
[7]  for  the  same  system  by  using  the  Wilhelmy  (electrobalance)  technique, 
namely  58.9®.  For  the  aramid/epoxy  system  the  average  contact  angle  from 
14  droplets  1$  15.8°  with  a  coefficient  of  variation  of  19.3  pc.  For  the 
glass/epoxy  system  the  average  contact  angle  from  27  droplets  is  19.7° 
with  a  coefficient  of  variation  of  8.5  pc. 

The  scheme  presented  here  for  the  measurement  of  the  contact  angle  of 
each  droplet  gives  much  more  accurate  results  for  the  contact  angle  than 
the  evaluations  from  Carroll's  plot  (Figure  2  in  Reference  2).  For 
example,  a  range  of  45-uO°  is  found  from  Carroll's  plot  for  a  glycerol 
droplet  on  carbon  fiber,  with  reduced  droplet  length  equal  to  10  and 
reduced  thickness  equal  to  4,  whereas  an  accurate  value  of  48.42®  is  found 
with  our  method. 

Note  that  with  vary  thin  fibers  (such  as  carbon)  tha  droplet-to- 
droplet  variability  in  contact  angle  is  relatively  large,  whatever  the 
method,  and  that  the  improvement  in  accuracy  on  the  contact  angle  Is  very 
clear  on  a  per  droplet  basis  only.  The  fibers  tested  here  had  an  epoxy- 
based  surface  siting,  and  it  is  probable  that  inhomogeneities  on  the  fiber 
surface  due  to  the  application  of  the  siring  are  partly  responsible  for 
this  variability.  Contact  angli  results  currently  obtained  in  our 
laboratory  with  unsired  carbon  fibers  show  a  much  lower  droplet-to-droplet 
variability  (coefficients  of  variation  of  about  8  percent  with  15  fibers 
tested).  Possible  inaccuracies  in  the  experimental  measurements  (mainly 
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of  droplet  length)  may  constitute  another  source  of  variability  in  the 
contact  angle  results,  but  this  is  substantially  reduced  by  using  the 
largest  droplets  only.  With  thicker  fibers,  such  as  E-glass,  the  method 
is  very  efficient  as  the  drop let-to-drop let  variability  in  contact  angle 
is  much  reduced,  as  seen  In  our  results. 


CONCLUSION 

A  simple  method  is  proposed,  based  on  ideas  advanced  earliar  by  Yamaki 
and  Katayama  [1],  and  Carroll  [2],  to  determine  with  high  accuracy  the 
apparent  contact  angle  of  a  liquid  droplet  formed  on  a  thin  cylindrical 
monofilament.  Based  on  this  method  a  plot  may  be  constructed  [5]  which 
gives  the  apparent  contact  angle  against  the  reduced  droplet  length  for  a 
variety  of  values  of  the  reduced  thickness  of  the  droplet.  However,  the 
highest  accuracy  results  are  obtained  by  means  of  an  interactive  Fortran 
program  based  on  the  iteration  scheme  proposed.  Because  of  its  simplicity 
and  high  accuracy,  the  method  proposed  can  be  used  with  great  advantage  in 
studies  of  wettability  of  reinforcing  filaments  by  liquid  resins  in 
advanced  composites,  which  provide  a  necessary  criterion  for  optimization 
of  mechanical  properties. 
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ABSTRACT 

Recent  Interest  in  the  development  ot  advanced  metal  matrix  composites  has  prompted  research  on 
Metfadal  reactions  ot  Nb  and  Ta  with  candidate  reinforcements  such  as  sBoon  carbide  and  alumina. 
Formation  ot  reaction  layers  as  smal  as  0.1  pm  can  be  detrimental  to  composite  strength  and  ductility 
and  in  some  instances  to  the  corrosion  behavior,  which  suggests  the  Importance  of  understanding  the 
early  stages  of  imertacial  reactions.  Thin  films  of  Nb  and  Ta  were  sputter  deposited  on  single  crystal 
and  polycrystalline  silicon  carbide  and  on  sapphire  substrates,  and  the  nature  and  extent  of  reaction 
evaluated  using  Auger  depth  praising  and  electron  microscopy.  In  the  Nb/SiC  system.  NbCxls  the  first 
reaction  product  to  form,  but  the  overall  extent  of  the  reaction  is  dominated  by  the  formation  of  the 
more  stable  NbC^Sl„  ternary  phase.  Little  or  no  kneriacial  reaction  was  observed  in  the  Nb/Al^Oj 
system  for  up  to  4  hours  at  1 100*C,  which  also  suggests  that  AI4O3  may  be  a  potential  diffusion 
barrier  to  minimize  reactions  in  the  NtySIC  system.  Slmfiar  Interesting  observations  were  made  in  the 
Ta/SiC  and  Ta/Al203  systems. 


INTRODUCTION 

Low  density  materials  with  substantially  Improved  high  temperature  mechanical  properties  and 
oxidation  resistance  are  required  for  advanced  aerospace  systems.  Metal  matrices  with  ceramic 
reinforcements  offer  such  potential.  From  a  structural  viewpoint,  the  metaVceramic  interface  controls 
the  transfer  of  load  between  a  metafile  matrix  and  Us  ceramic  reinforcement  and  thereby  Influences  the 
mechanical  properties  of  a  composite,  ideally,  such  an  interlace  should  be  a  mechanical  continuum, 
but  a  chemical  discontinuum,  implying  no  rtenSriusion  between  the  matrix  and  the  reinforcement.  In 
most  practical  situations,  compound  formation  occurs  at  the  interface  and  results  in  some  loss  in 
mechanical  strength  [t  ].  Improved  design  of  me  ta  i/ceramic  materials  is  limited  by  the  lack  of 
understanding  of  fundamental  interaction  mechanisms  between  metal  matrices  and  ceramic 
reinforcements.  Such  an  understanding  is  highly  desired  to  eslabteh  a  scientific  basis  for  the  fulure 
selection  of  metal/ceramic  systems. 

Although  matrix/reinforcement  systems  may  be  separated  Mo  several  dkferent  classes  [2],  the  vast 
majority  of  metaVceramic  systems  of  Merest  for  aerospace  structural  applications  are  those  in  which 
the  reinforcement  and  matrix  chemically  react  to  form  compounds  at  the  interface.  In  general,  the 
various  metal  species  which  possess  low  density  and  high  ductility  (eg.,  Al  and  Ti),  have  a 
thermodynamic  tendency  towards  compound  formation  with  the  most  desirable  reMorcement  species. 
As  a  result,  carbides,  borides,  or  siiicides  are  usually  encountered  In  the  interfacial  reaction  zone. 
Often,  the  formation  of  such  layers  degrades  mechanical  behavior. 

To  date,  most  investigations  on  metafile  matrices  and  ceramic  reinforcements  have  been  empirical  and 
have  emphasized  bulc  engineering  materials.  Furthermore,  they  hav.'  concentrated  on  reaction  layer 
thicknesses  which  are  convenient  for  study,  l.e..  In  excess  of  3-5  pm,  but  that  are  not  necessarily 
appropriate  for  understanding  fundamental  metaVceramic  interactions.  Reaction  layer  thicknesses  on 
the  order  of  only  0.3-0 .5  pm  can  lead  to  significant  degradation  in  both  strength  and  ductility.  For 
example,  thin  (0.4  pm)  titanium  dtooride  (TlBj)  reaction  layers  in  commercial  purity  titanium  (TI-40A), 
reinforced  with  25  vol%  B  filaments)  lead  to  significant  degradation  In  room  temperature  strain  to 
fracture  of  the  ffiament  P]  and  a  TB2  layer  thickness  of  only  0.7  pm  can  be  tolerated  before  significant 
degradation  in  the  ultimate  tensile  strength.  Thus,  an  understanding  and  control  of  Interfadai 
reactions  is  essential  to  obtaining  good  mechanical  properties  in  metaPeeramie  systems. 

The  present  paper  emphasizes  the  use  of  sophisticated  surface  analytical  techniques,  which  make  I 
possWe  to  characterize  reaction  layers  of  less  than  0.1  pm  thickness,  thereby  providtog  a  fundamental 
understanding  of  the  early  stages  of  the  reaction  kinetics  between  metal  matrices  (Nb  and  Ta)  and 
certain  candidate  ceramic  reinforcement  materials  (SIC,  Al,0-J  at  high  homologous  temperatures 
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(>0.5  TJ.  An  ultimate  goal  of  this  research  [4]  Is  to  understand  these  processes  sufficiently  well  that 
diffusion  barriers  can  be  selected  to  control  such  interactions. 


EXPERIMENTAL 

Both  single  crystal  and  polycrystalline  substrates  of  SIC  were  obtained  from  Carborundum  Company. 
The  single  crystal  orientation  was  determined  to  be  (0001)  using  Laue  back  reflection.  The 
polycrystalline  substrates  were  Hexoloy  SA  SiC  Tiles  in  which  the  SiC  content  is  typically  99.2  wt%. 
Sapphire  crystals  were  obtained  from  Crystal  Systems,  Inc.  Crystal  orientations  of  the  substrates  were 
(0001)  and  (1010)  and  the  starting  material  had  a  nominal  purity  of  99.996  weight  percent.  Nb  and  Ta 
metal  films  with  a  nominal  thickness  of  1pm  were  sputter  deposited  from  99.9  wt%  pure  metal  targets. 
After  deposition,  the  substrates  were  annealed  In  vacuum  with  a  base  pressure  of  5  X  10~*torr  at 
temperatures  ranging  from  800  to  1200*  C  for  2  to  8  hours. 

Thin  film  metal/ceramlc  diffusion  couples  were  characterized  using  Auger  electron  spectroscopy 
(AES),  transmission  electron  microscopy  (TEM),  optical  metallography,  and  scanning  electron 
microscopy  (SEM).  Specimens  for  optical  metallography  and  SEM  were  prepared  by  low  angle  cross- 
sections,  which  provided  enlarged  (4:1)  Images  of  the  thin  (Hm/substrate  interface  region.  Ail  the  AES 
studies  reported  herein  were  conducted  using  a  Perkin  Elmer  Corporation  model  PHI  560  ESCA/SAM 
system.  The  surface  analysis  results  were  obtained  from  a  relatively  large  area  (~  250pm  x  250pm) 
and  thus  represent  an  average  in  most  instances.  All  the  sputter  profiling  was  conducted  using  5  keV 
Ar  ion  bombardment  and  the  sputter  rates  were  expressed  in  TajOj  equivalents.  TEM  specimens 
were  ion-milled  prior  to  examination  in  a  JEQL-2000FX  (200kV)  microscope. 
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RESULTS  AND  DISCUSSION 

Interfacial  reactions  occurring  In  NtVSIC,  Nb/AI Ta/SIC,  and  Ta/Al^03  were  investigated  but  results 
from  the  NtvSIC  system  are  emphasized.  Nb  andTTa  (Urns  In  the  a i -deposited  condition  were  noted  to 
be  relatively  clean  (l.e.  below  the  AES  detectability  levels  lor  O,  C,  and  N,  which  are  typically  0.1  at.%) 
as  exemplified  by  the  AES  depth  profile  shown  In  Fig.  la  lor  a  niobium  film  on  a  SIC  substrate. 
Niobium  thin  films  were  deposited  simultaneously  on  polycrystalline  SIC,  single  crystal  SIC  (0001),  and 
Al203  substrates.  The  thickness  ol  the  as-deposited  niobium  film  was  about  1 .3  pm.  These 
metal/ceramic  specimens  were  vacuum  treated  for  selected  times  at  various  temperatures  and 
subsequently  characterized  by  AES. 

Nh/SIC  System:  The  effect  of  annealing  temperature  on  the  Interfacial  reactions  in  the  Nb/SIC  system 
was  studied  by  examining  specimens  annealed  for  4  h  at  various  temperatures.  A  specimen  annealed 
at  600 °C  for  4  h  showed  little  interdiffusion  In  comparison  with  the  as-deposited  specimen.  The  AES 
profile  (shown  in  Fig.  1b)  obtained  upon  heating  to  800*C  tor  4  h,  however.  Indicates  some 
interdiffusion  of  Nb  and  C  near  the  filnVsubetrate  Interface.  Also,  during  this  anneal,  the  oxygen  and 
carbon  levels  within  the  niobium  film  Increased  to  the  2-3  at.%  range.  An  examination  of  the  nature  of 
the  profiles  In  various  Nb/SIC  thermally  treated  specimens,  and  consideration  of  all  possible 
contamination  sources,  suggests  that  the  elements  C  and  O  originate  from  the  vacuum  annealing 
system.  After  exposure  at  900°C  for  4  h,  significant  diffusion  and  reactions  took  place  near  the  thin 
film  interface,  as  shown  In  Fig.  1c.  Formation  of  a  distinct  layer  of  carbon-rich  niobium  (possibly  a 
NbCx  phase)  was  observed  after  about  90  minutes  of  sputter  time  (0.96  pm  depth)  and  a  C-  and  Si- 
rich  region  (possibly  NbC^SIy  phase)  after  about  110  minutes  sputter  time  (1.14pm  depth).  The 
oxygen  contamination  in  the  reacted  region  Is  very  low  indicating  the  possfcle  rejection  of  oxygen  from 
niobium  during  Its  reaction  with  C  and  Si.  The  reactions  occurring  after  annealing  at  lOOOX  for  4  h 
are  shown  in  Fig.  Id.  It  is  apparent  that  the  NbC_  region  has  moved  further  toward  the  surface  of  the 
film  and  the  thickness  of  the  NbCxSty  region  has  Increased. 

The  specimen  annealed  at  f  000*C  for  4  h  was  characterized  In  detail  [5]  by  TEM,  in  order  to 
understand  the  nature  of  reaction  products.  Two  phases  were  observed  In  the  first  reaction  layer 
adjoining  SIC.  Cubic  NbC  was  present  In  some  areas  and  hexagonal  ternary  phase  Nb^SiiC  in  the 
other  regions.  The  ternary  phase  was  seen  in  all  the  specimens  as  the  first  or  second  layer, lolowed 
by  tetragonal  a-NbgS^  and  the  ordered  hexagonal  a-Nb^C.  NbjSI^C  formation  is  also  consistent  wRh 
the  AES  depth  profiles  from  this  specimen  and  various  other  annealed  Nb/SIC  (poly)  and  Nb/SIC 
(0001)  specimens  showed  regions  of  compositional  uniformity  that  contain  Nb,  Si,  and  C.  The 
composition  has  an  average  value  of  approximately  64Nb-20C-16SI  (In  at.%).  Based  on  the  1300*  C 
section  of  the  ternary  phase  diagram  [6],  the  only  ternary  phase  at  this  temperature  Is  the  T 
(hexagonal  08=)  phase  with  the  stoichiometric  formula  NbjSI^C.  The  carbon  concentration  In  the 
NbCySI  region  In  most  of  the  AES  profiles  is  substantial  higher  than  the  1 1%  corresponding  to  the  T 
phase.  One  possfcWty  is  that  at  lower  temperatures  (such  as  1 000  to  1200X),  the  composition  of  this 
phase  changes  substantially  or  a  new  ternary  phase  becomes  more  stable.  Also  the  AES  sensitivity 
factors  employed  In  atomic  concentration  calculations  may  not  be  accurate  for  application  to  these 
layered  compounds.  To  avoid  any  misrepresentation,  the  designation  NbC^5iy  will  be  used  In  the 
following  discussions. 

The  extent  of  reaction  of  Nb  with  pdycrystaBlne  SIC  at  1100X  is  shown  by  the  AES  profile  in  Fig.  2a. 
This  film  consists  of  a  layered  structure  that  may  be  represented  by  NbC/Nb^NbC^SUNbC/SIC. 
The  surface  compound  Is  Ikety  to  be  the  result  of  the  pick  up  of  carbon  from  the  vacuum  environment 
The  silicon  content  at  the  Interface  Is  low  compared  to  the  1000’C  annealed  specimen;  this  Is 
probably  because  of  the  growth  of  the  NbC^SIy  phase  and  the  associated  depletion  of  SI  from  the 
interfacial  region.  At  temperatures  of  annealing  higher  than  1100'C,  the  reaction  is  completed  In 
relatively  short  times.  An  AES  spectrum  from  the  surface  of  a  specimen  annealed  at  1200*C  lor  2  h 
(Fig.  2b)  reveals  that  the  elements  Nb,  O,  SI,  and  C  (in  Its  hydrocarbon  form)  are  at  the  surface. 
Silicon  migrated  to  the  surface  by  diffusing  through  the  entire  film,  an  observation  that  is  alto 
demonstrated  by  the  AES  depth  profile  of  the  tame  specimen  in  Fig.  2c.  The  carbon  Auger  peak 
shapes  and  positions  (not  shown)  Indicate  that  the  surface  carbon  (sputtering  tlme>0)  is  hydrocarbon, 
the  carbon  In  the  film  Is  similar  to  that  of  a  metal  carbide  (eg.,  NbCJ,  and  is  different  from  that  of  the 
SIC  (corresponding  to  sputter  time  of  170  min).  The  si  Icon  peak  shapec  indteate  that  surface  sMoon  is 
present  In  the  form  of  Rs  oxide,  silicon  within  ths  film  Is  present  in  the  form  of  a  stUddo  or  elemental 
silicon,  and  Is  different  from  that  of  the  substrate  SIC.  The  AES  profile  of  this  2  h,  1200*C  annealed 
specimen  Is  consistent  with  a  layered  structure  represented  by  NbC/Nb2C/NbCxSyNbC/SIC. 


ATOMIC  CONCENTRATION  (•/.)  ATOMIC  CONCENTRATION  (%) 
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The  reaction  me  as  a  function  of  time  was  studied  for  selected  temperatures  and  times  using  AES 
depth  profiles  from  Nb/SiC  specimens.  For  example,  at  900*0  the  overall  reaction  zone  thickness  of 
NbCx+  NbC^SL  increased  from  0.47  pm  (corresponding  to  4  h  annealing)  to  0.65  pm  after  8  h 
annealing.  In  particular,  the  thickness  of  the  NbC^Siy  layer  Increased,  whereas  the  NbCx  layer 
thickness  remained  unchanged  during  this  period. 

Thin  film  specimens  deposited  on  single  crystal  (SIC)  substrates  exhibited  depth  resolution  (seen  in 
the  AES  profiles)  that  was  superior  to  the  films  deposited  on  polycrystalline  SIC  substrates.  The 
improvement  is  readily  seen  in  the  as-deposited  condition  but  Is  dominant  in  the  annealed  specimens. 
This  is  exemplified  by  the  AES  profile  shown  in  Fig.  2d  for  the  single  crystal  substrate  and  may  be 
compared  with  Fig.  2a  of  the  identically  treated  polycrystalline  SIC  substrate.  In  this  case,  the  NbC* 
layer  forming  within  4  h  atl  1 00°C  does  not  increase  significantly  in  thickness  upon  further  annealing, 
indicating  the  reaction  is  nearly  complete.  The  surface  has  a  layer  of  NbOx  mixed  with  NbCxtoliowed 
by  layers  of  NbCx,  NbCxSiy,  and  NbCx  ai  on  top  of  the  SIC  (0001)  substrate. 

Standard  free  energies  of  formation  of  various  known  binary  compounds  of  Nb,  C,  and  Si  suggests 
that  NbcSUisthe  most  stable  reaction  product  over  the  entire  temperature  range  of  interest.  The  AES 
and  TEM  characterization  results  show  that  a  ternary  NbC„Sly  Is  forming  at  the  expense  of  several  of 
the  other  products.  In  the  Ta/SiC  system,  a  similar  compound  of  TaCJSIy  forms  readily  at  low 
temperatures  and  becomes  the  most  dominant  phase  In  specimens  annealed  art  200°C  for  4  h. 


Flg.1  AES  data  from  NW8IC,  (a)  annealed  4  h  at  1100'C,  (b)  annealed  2  h  at  1200*0 
(c)  annealed  2  h  at  1200*C  and  (d)  NbfSlC  (0001)  annealed  4  h  at  1 100*C. 
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The  AES  and  TEM  characterization  described  above  hat  led  to  an  improved  understanding  of  the 
reaction  sequence  between  Nb  and  SIC.  TEM  studies  Indicated  the  presence  ot  NbC  in  regions 
adjacent  to  SIC.  The  NbC _SI  formation  Identified  in  the  AES  profiles  Is  preceded  by  Nb^C  formation 
in  most  instances.  Once  Inis  phase  forme  and  grows  to  a  certain  thickness,  It  becomes  self  Smiting, 
possibly  because  of  the  build-up  of  SI  at  the  Nb^/SIC  interface  and  associated  formation  of  the 
NbC ySly  phase.  The  AES  profiles  also  Indicate  that  primarily  the  thickness  of  NbC^SL  region 
Increases  with  continuing  reaction  (time  or  temperature).  Thus  the  reaction  appears  to  take  a  path  Nb- 
NbjC-NbCjSL-NbC-SiC.  The  portion  of  the  path  Nb^C-NbC^SIy which  is  not  obvious  in  the  ternary 
phase  diagram  section  at  1300*C  may  be  understood  If  there  is  a  thin  region  of  NbC  or  NbjSlj 
between  Nb^  and  NbC^SI,,  The  reaction  path.  In  such  an  event,  would  be  Nb-Nb^C-NbC  (or 
NbjSy-NbCj^l -NbC-SiC.  In  some  specimens,  the  AES  profiles  Indicated  NbC-Nb^C-Ntfc*Sly-NbC- 
SC,  which  suggests  surface  carburization  during  annealing. 

The  thickness  of  reactions  zones,  as  measured  in  the  AES  profiles,  may  also  be  utilized  In  determining 
the  rates  of  reactions  and  the  activation  energy  for  the  reaction  may  be  determined  through  an 
Arrhenius  plot.  Such  a  determination  indicates  that  the  activation  energy  lor  NbC^SIy formation  is  20.0 
kcalrmole.  Similar  measurements  obtained  for  NbC,  growth  In  Nb/SIC  Indicate  an  salvation  energy  of 
1 1 .6  kcal/mole.  Even  though  the  limiting  step  In  these  reactions  could  not  be  Identified,  these 
relatively  small  activation  energies  Indicate  the  ease  of  formation  of  NbCx  and  NbCxSiy. 

Nb/AI^O 3  System:  Interfacial  reactions  occurring  at  the  Interfaces  of  Nb  films  deposited  on  Al^ 
substrates  were  evaluated  by  thermal  annealing  followed  by  AES  depth  profiling.  There  was  little  or 
no  evidence  ol  reactions  In  specimens  annealed  for  up  to  4  h  and  1100°C.  AU03  is 
thermodynamically  more  stable  than  NbO,  which  Is  the  most  stable  form  ol  the  various  oxides  of 
niobium.  Thus  no  reaction  would  be  expected  between  Nb  and  A1203. 

The  absence  of  a  reaction  between  Nb  and  Al^03  suggests  that  Al^O,  may  be  a  promising  diffusion 
barrier  between  Nb  and  SIC.  A  three  layer  system  such  as  Nb/AljOySIC,  however,  would  also  require 
that  there  be  little  or  no  reaction  between  AU03  and  SIC.  Calculated  free  energies  of  possible 
reactions  between  these  compounds  suggest  that  compounds  such  as  SIC>2  or  3AI^0^2Si0^ 
are  unlikely  to  form,  since  the  free  energies  of  these  reactions  are  a*  positive  and  large  in  vaiue. 

Ta/SlC  System:  The  reactions  between  Ta  and  SIC  are,  as  anticipated,  found  to  be  similar  to  those 
between  Nb  and  SIC.  For  example.  AES  data  obtained  from  a  Ta/SIC  (0001)  specimen  annealed  at 
1100-C  for  4  h  Indicated  formation  of  TaCx  TaC  J5ly  and  a  depleted  Si  region  above  the  substrate.  In 
a  manner  similar  to  Nb/SIC.  When  the  Ta/SIC  (0001)  specimen  was  annealed  at  1200°C  lor  2  h,  a 
Ta-C-SI  region  enriched  In  carbon  formed  at  about  0.4  pm  depth,  wlh  a  composition  different  from  the 
TaC^SL  identified  at  about  0.6  pm  depth.  This  occurrence  of  a  Ta-C-SI  region  is  either  a  result  of 
Inhomogeneity  of  phase  distributions  In-plane,  or  a  result  of  the  formation  ol  a  separate  layer  ol 
another  ternary  TaC„^ln  phase.  Further  work  utilizing  TEM  characterization  Is  needed  to  elucidate 
fully  these  reactions.  As  with  Nb/SIC  specimens,  the  chemical  state  of  carbon  In  the  reacted  him  is 
Indicated  to  be  similar  to  a  carbide.  Upon  longer  time  (4  h)  annealing  at  1200*C,  the  entire  tantalum 
film  reacted,  loading  to  a  relatively  uniform  TaCxSly  phase. 

Ta/Al  j)3 System:  Tantalum  did  not  react  with  AljOjIn  anneals  up  to  4  h  at  temperatures  as  high  ae 
1200°cT  as  indicated  by  AES  profiles  showing  little  or  no  oxygen  within  the  tantalum  I  Sms  toiowtng  the 
reaction.  Absence  ol  reaction  In  this  system  suggests  that  an  Interfaclal  layer  ot  AI2Oj  applied 
between  Ta  and  SIC,  would  be  a  promising  diffusion  barrier. 


SUMMARY 

Interdlffuslon  and  reactions  occurring  In  candidate  metal  matrix  (Nb  and  Ta)  and  ceramic 
reinforcement  materials  (SIC  and  AljO^  were  evaluated  using  diffusion  couple  specimens,  emptoytog 
sputter  deposited  melal  films.  The  reaction  between  Nb  or  Ta  and  SIC  are  complex  and  result  In 
multilayered  Interfaclal  structures.  The  nature  of  these  structures  were  evaluated  using  AES  and  TEM. 
Diffusion  and  reactions  occurring  at  the  Interfaces  of  Nb  and  Ta  turns  deposited  on  AljOj,  however, 
revealed  little  or  no  evidence  of  any  significant  reaction  up  to  the  highest  temperature  evaluated, 
1100*C  (4  h)  for  the  Nb/AljOj  System  and  1200*0  (4  h)  for  the  Ta/AljOj  System,  These  results 
suggest  that  Al203  may  be  a  promising  diffusion  barrier  between  Nb  and  Ta  metal  matrices  and  StC 
reinforcement. 
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ABSTRACT 

Silicon  coatings  on  niobium  substrates  were  subjected  to 
thermal,  ior.  beam  and  laser  mixing,  and  the  effectiveness  of  the 
different  methods  for  the  synthesis  of  graded  interfaces  was 
compared.  The  resulting  metal/silicon  interfaces  were 
characterized  by  X-ray  photoelectron  spectroscopy  (XPS) ,  Auger 
electron  spectroscopy  (AES)  and  Rutherford  backscattering  (RBS) . 

INTRODUCTION 

Niobium  alloys  have  become  important  in  applications  which 
.squire  structural  strength  and  high  temperatures.1  These  alloys 
are  not  oxidation  resistant,  and  require  protection,  especially 
in  harsh  environments.  Silicon  containing  overlay  coatings  on 
alloys  of  nickel  and  iron  have  been  shown  to  dramatically 
increase  their  resistance  to  oxidation  and  corrosion  at  high 
temperature.*  Unfortunately  these  types  of  aoatings  tend  to  fail 
due  to  the  formation  of  cracks  induced  by  thermal  stress  at  the 
substrate-coating  interface.  These  cracks  then  serve  as  pat! .ways 
for  oxidation  below  the  coating  leading  to  catastrophic  failure 
of  the  protective  ooating. 

We  have  been  concerned  with  the  formation  of  oxidation  and 
thermal-oxidation  resistant  coatings  on  niobium  metal,  as  a  model 
for  more  complex  niobium  based  alloy  systems.3  As  part  of  this 
study  we  have  investigated  the  preparation  of  graded  interfacial 
layers  between  a  niobium  substrate  and  a  silicon  ooating.  A 
graded  interface  shows  a  smooth  variation  in  the  niobium  and 
silicon  concentrations,  with  the  possibility  of  a  constant 
composition  region.  It  is  expected  that  these  graded  interfaces 
will  have  greater  thermal  and  mechanical  stability  than  the 
atomically  sharp  interfaces. 


Mu.  Ha  tee,  tywp.  <woc.  Vet  1T0.  «t>>0  tUUrtWi  SmirtH  tockty 
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EXPERIMENTAL  PROCEDURE 

Elemental  silicon  (99.999%  purity)  was  deposited  by  electron 
beam  evaporation  (background  pressure  <  10‘5  Torr)  onto  2  nan 
thick  polished  niobium  substrates.  The  substrates  were  sputtered 
with  argon  ions  prior  to  and  during  the  early  stages  of 
deposition  to  prevent  the  formation  of  native  niobium  oxide  at 
the  interface.  The  thickness  of  the  coating  (1800-2000  A)  was 
determined  by  RBS.  One  sample.  A,  was  retained  untreated  while 
the  remainder,  B-H,  were  subjected  to  the  following  treatment. 

Two  samples,  B  and  C,  were  heated  under  dynamic  vacuum  (<  3  x 
10'5  Torr),  in  a  quartz  tube  furnace.*  Sample  B  was  heated  for  18 
hours  at  550 *c,  while  sample  c  was  treated  to  a  two  step  anneal 
at  550 *C  and  850 ‘C,  18  hours  for  each  step.  Two  samples,  D  and  B, 
were  subjected  to  ion  beam  mixing  with  400  KeV  krypton  ions  at 
pressures  below  2  x  10'7  Torr.  Samplo  D  was  ion  beam  mixed  at 
room  temperature,  and  sample  B  was  mounted  on  a  hot  stage  and 
mixed  at  300 *C.  Both  samples  were  given  a  total  dose  of  3  x  10,ft 
ions  cm'2  which  took  a  total  of  20  minutes  each  sample. 

samples  E-H  were  laser  mixed  in  air  with  an  excimer  laser  of 
248  nm.*  A  fixed  spot  size  was  used  but  different  pulse  energies 
produced  fluences  of  0.5  (r),  1.7  (0),  and  2.5  (H)  J  cm'2 
respectively. 

The  coatings  were  characterized  by  RBS,  AES,  XPS  and  lov 
angle  X-ray  diffraction.  RBS  was  carried  out  using  2.0  Hov  He’ 
ions  at  the  Los  Alamos  ion  Beam  Material  Laboratory.  AES  were 
carried  out  on  a  Perk in-Elmer  SAM-660.  XPS  spectra  were  acquired 
with  a  Surface  Science  Laboratories  Model  5SX-100  spectrometer 
with  a  monochroaatizsd  Al-K,  X-ray  sourcs  (10'*  -  10‘*  Torr).  A 
Guinier  thin  film  diffractometer  was  usad  for  low  angle  X-ray 
diffraction  studios. 

RESULTS  AND  DISCUSSION 

The  thermally  annealed  samples,  B  and  C,  ware  coloured  blue 
(B)  and  purple  (C) .  The  Surface  Scanning  Electron  Micrograph 
showed  no  significant  difference  between  the  thermally  annealed 
samples  and  tha  untrestsd  sempls. 

Tha  AES  sputter  depth  profiles  of  samples:  n-a  and  G  are 
shown  in  Figure  X.  Tha  slightly  broadened  interfacial  region  in 
the  low  teapersture  (SSO’C)  annealed  sample,  B  (Figure  lb)  as 
compared  to  the  untreated  sample,  A  (Figure  la)  is  consistent 
with  the  slow  diffusion  of  Mb  and  Si  at  temperatures  below  800’C. 
Sample  0  not  only  shows  o  more  pronounced  diffusion  region. 


Sputfen-  tilt*  Kin  Sputter  time  min 


figure  A.  AES  depth  profile  of  *11 Icon  leyer*  on  niotoiutt 
aulwtrete*:  mo  text  for  temple  description. 
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The  AES  data  shows  that  the  room  temperature  ion  mixed 
sample  (Figure  Id)  has  a  wider  interface  layer  than  that  obtained 
from  the  one  and  the  two  step  anneals  but  with  similar 
composition  profiles.  Samples  B,  C  and  D  do  not  show  interface 
layers  with  well  defined  composition  regions.  The  sample  given 
the  ion  beam  mixing  at  300 *c  <E)  has  a  nearly  uniform  interfacial 
layer  composition  (Figure  le) .  No  NbSiz  could  be  detected  by  X- 
ray  diffraction. 

RBS  spectra  of  samples  D  and  E,  subjected  to  ion  beam  mixing 
at  room  temperature  and  300*C  respectively,  are  shown  in  Figure 
2.  The  spectra  clearly  show  that  more  mixing  takes  place  in  the 
sample  nixed  at  300*c  as  compared  to  room  temperature. 

Figure  g.  RBS  spectra  of  the  ion  beam  mixed  samples,  D  and  E,  as 
compared  to  the  as  deposited  sample,  A. 


Energy  (MeV) 


The  RBS  spictra  of  the  later  mixed  samples  r-R  are  shown  in 
figure  3  along  with  that  of  the  as  deposited  sample  (A) .  Saeplo  P 
mixed  with  a  flushes  of  0.5  J  cm'*  dees  hot  show  an  obvious 
constant  phase  region,  but  shows  mixing  on  a  seals  comparable  to 
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the  300 *C  ion  mixed  sample.  By  contrast  the  samples  mixed  at 
1.7  Jem'2  and  2.5  Jem'2  show  substantial  mixing  as  well  as  regions 
of  nearly  constant  composition.  AES  depth  profile  analysis  of 
sample  G  (Figure  If)  is  consistent  with  the  RBS  data,  while  the 
XPS  spectrum  (Figure  4)  and  X-ray  diffraction  $=5*)6  of  H 
confirm  that  the  mixed  zone  to  consist  of  polycrystalline  NbSiz. 

Figure  2.  RBS  spectra  of  the  laser  mixed  samples,  F,  a  and  H. 

Energy  (MeV) 

1.0  1.2  1.4  1.6  1.8 


Figure  ±.  In  3d,  curve  fitted  XPS  spectral  components  for  sample 
H.  Peak  positions  and  assignments  are  included  (eV) . 
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CONCLUSION 

It  is  clear  that  ion  beam  and  laser  mixing  are  more 
effective  than  thermal  annealing,  §  850*C,  for  the  preparation  of 
wide  graded  interfacial  layers  between  niobium  metal  substrate 
and  silicon  coatings.  In  addition  to  a  broad  interfacial  region, 
an  essentially  constant  composition  mixed  zone  is  produced  by 
high  energy  laser  mixing. 
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ABSTRACT 

The  reaction  of  sputtered  deposited  Ti  films  of  100  nm  thick  with  low  pressure 
chemical  vapor  deposited  Si3N4  films  (300  nm  thick)  was  studied  in  N2  or  Ar,  in  a  rapid 
thermal  annealer.  Reactions  are  followed  using  x-ray  diffraction,  Auger  electron 
spectroscopy,  and  transmission  electron  microscopy.  In  argon,  the  ShN*  and  Ti  reaction  at 
low  temperatures  led  to  the  product  formation  of  two  layer  structure  (TiN/TisSis),  with 
some  contaminant  oxygen  and  nitrogen  released  from  the  reaction  uniformly  dissolved 
throughout  the  remaining  unreacted  Ti.  At  higher  temperatures,  a  three  layer  structure, 
TiN/TixSiy/TiN,  on  unreacted  was  developed.  With  increasing  temperature  the 
value  of  x  and  y  decreased  from  5  to  0  and  3  to  1,  respectively.  Reactions  in  N2  ambient, 
irrespective  of  temperature,  always  produced  the  three  layer  structure,  but  the  thickness  of 
TixSiy  layer  was  much  smaller  than  that  produced  in  argon  ambient  for  the  corresponding 
temperatures.  The  reaction  mechanism  can  be  explained  in  terms  of  relative  diffusion 
coefficients  and  the  stability  of  the  interfaces. 


INTRODUCTION 

Advanced  ceramic-metal  braze  joints,  for  critical  applications  such  as  heat  engines, 
require  optimized  coatings  on  ceramics  in  order  to  obtain  good  wetting  and  adhesion 
between  the  chemically  dissimilar  components.  Since  SiaN4  is  one  of  the  ceramic  materials 
being  considered  for  the  development  of  advanced  heat  engines,  there  is  a  considerable 
interest  in  reactive  coatings  such  as  Ti,  Zr,  Hf,  and  Ta  [1-2].  For  the  optimization  of 
ceramic— metal  braze  joints  the  understanding  of  interactions  between  the  coating  (e.g.  Ti) 
and  the  ceramic  (e.g.  Si3N4)  is  essential.  Understanding  of  the  interactions  between  Ti  and 
SiaN4  is  also  important  for  the  development  of  advanced  metallization  technologies,  such  as 
self— aligned  silicide  contacts  and  interconnects  and  self— aligned  diffusion  barriers,  for  very 
large  scale  integrated  (VLSI)  circuits. 

Borisov  et  al.  [3]  in  1978,  investigated  the  solid-phase  reactions  in  Ti  and  Si3N4 
powder  mixtures  by  high  temperature  differential  thermal  analysis.  Based  on  the  data  of 
powder  mixtures  [3J  and  from  the  available  free  energy  data,  Beyers  et  al.  [4]  calculated  a 
ternary  phase  diagram  for  the  Ti-Si-N  phase.  Thin  film  reactions  between  Ti  and  SijN4 
were  also  studied  15—7].  Since,  these  studies  [5-6]  concentrated  on  much  thinner  layers  of 
SisN4  (e.g.  50  to  75  nm)  interpretation  became  complicated  because  of  interactions  with 
the  underlying  substrate  (e.g  Si  and  Si(?2).  Consequently,  in  the  present  study  we  haw 
investigated  thermal  reactions  of  relatively  thick  Si3N4  (e.g.  300  nm)  with  sputter 
deposited  Ti  films  under  rapid  thermal  annealing  conditions  at  temperatures  between  600 
to  1100°C. 


EXPERIMENTAL 

The  thick  Si3N4  films  were  prepared  by  depositing  the  following  structure: 

Ti(100  nm)/SisN4(300  nm)/SiO2(70  nm)/Si<100>(substrate).  The  Ti  was  sputter 
deposited  at  300°C  in  Ar  using  a  Varian  model  3180  sputtering  system.  The  SijN4  layer 
was  deposited  by  low  pressure  chemical  vapor  deposition  at  800°C  using  ammonia  and 
dichlorosllane  as  precursors.  The  index  of  refraction  of  the  films  was  typically  2,01  at  632.8 
nm,  and  the  N/Si  ratio  was  within  experimental  error  of  1.33  as  measured  by  electron 
microprobe  (EMP).  Typically  0,2  wt%  Cl  was  detected  by  EMP  In  the  SijN4  films.  The 
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Si02  layer  was  thermallv  grown  on  the  Si<100>  wafers  before  the  8^4  was  deposited. 
Rapid  thermal  annealer  (AG  Associates)  was  used  for  all  the  annealing  in  nitrogen  or  argon 
ambient  over  a  temperature  range  of  600-1 100°C  for  20  to  120  sec. 

Concentration  versus  depth  profiles  of  the  annealed  films  were  obtained  using  Auger 
electron  spectroscopy  (AES)  in  conjunction  with  Ar  ion  milling.  Some  of  the  films  were 
analyzed  with  Rutherford  backscattering  (RBS)  and  electron  microprobe  in  order  to 
calibrate  the  Auger  peak  heights.  The  instrumental  parameters  and  Auger  sensitivity 
factors  used  in  this  study  were  same  as  those  listed  in  Reference J8],  Because  the  N  KVV 
line  interferes  with  the  Ti  LMM  line  and  because  the  Ti  LMM/Ti  LMV  ratio  changes  for 
different  Ti  compounds,  both  Ti  lines  were  followed  in  the  Auger  profiles  along  with  the  Si 
LW  and  0  KVV.  A  depth  profile  using  x-ray  photoelectron  spectroscopy  (XPS),  for 
which  no  interference  for  nitrogen  exist,  also  was  obtained  for  reaction  in  Ar  at  70O°C.  For 
our  case,  XPS  profiles  are  much  slower  because  of  the  large  sample  area  that  is  imaged; 
thus  most  of  the  profiles  were  obtained  usmg  AES.  The  crystal  phases  present  in  the  film 
were  determined  by  x-ray  diffraction  using  a  Philip's  model  XRG-5000  powder 
diffractometer  with  a  Cu  Ka  radiation.  A  cross  section  of  the  SI3N4  film  annealed  at 
1000°C  was  obtaiued  using  Philip's  model  400T  transmission  electron  microscope  (TEM). 


RESULTS 

Auger  analysis  of  as-deposited  Ti  films  showed  a  thin  passivating  TiO>  layer  on  the 
outer  surface,  very  little  oxvgen  in  the  bulk  of  the  film,  and  a  small  increase  at  the 
Ti/SiaN*  interface.  The  oxide  on  the  outer  surface  of  the  Si3N4  layer  was  removed  using 
buffered  HF  prior  to  the  Ti  deposition.  However,  some  oxygen  contamination  (although 
slight)  was  expected  at  the  interface  as  indicated  by  Auger  depth  profile.  Xltu 
investigation  indicated  a  preferred  orientation  of  the  Ti  <001  >  with  the  basal  plane 
parallel  to  the  Si<  100>  substrate.  A  lattice  parameter  for  Co  of  0,468  nm  was  calculated. 
These  data  were  typical  for  all  the  as-deposited  Ti  films. 

Table  1.  lists  the  various  phases  formed  after  rapid  thermal  annealing  In  argon  at 
various  temperatures.  The  annealing  of  the  films  in  argon  from  600-800*0  resulted  in  the 
formation  of  a  two  layer  structure,  very  thin  TiN/TisSij,  on  unreacled  8^4,  while  some 
oxygen  and  nitrogen  wore  found  uniformly  dissolved  throughout  the  rest  of  the  unloaded 
o-Ti  layer.  Tills  structure  is  demonstrated  by  the  Auger  profile  (see  Table  1).  For  the 
outer  unreacted  Ti  layer,  the  ratio  Ti  LMM/TI  LMV  lines,  taken  from  the  Auger  depth 
profile,  agreed  with  those  for  metallic  titanium.  O/Tl  atomic  ratios  wore  found  to  be  0.04 
to  0.08.  The  amount  of  oxygen  in  the  Ti  layer  remained  more  or  less  constant  over  this 
temperature  range.  This  oxygen  originated  most  likely  from  oxygen  contamination  at  the 
Tl/SijN*  Interface,  dissolution  of  the  TIOj  passivating  layer,  or  oxygon  contamination  in 
the  Ar  ambient. 

Table  1.  Tl/SijN*  reaction  products  at  various  RTA  temperatures  in  Ar. 


Rapid  Thermal  Anuoaiiug  Temperature 

660-800  °C 

900*C 

UHM)°C 

IIGCFO 

TTreTTrr 

TTN7T5TT, 

TTTO”, 

TTTOTI 

•htstt 

TTirrr 

Tnrn 

ST”"""” 

“TTN - 

tttj 

“TIN - 

TTN 

TTIfTT 

“STINT” 

"STINT- 

“STINT" 

The  N/Ti  ratio,  especially  for  small  amounts  of  nitrogc  was  difficult  to  measure 
precisely  with  AES  because  of  the  N  KVV  and  Ti  LMM  interference.  However,  tiie  Ti 
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LMM/Ti  LMV  ratio  was  found  to  increase  after  annealing,  and  an  XPS  depth  profile  of  the 
film  annealed  at  700°C  showed  uniform  distribution  of  nitrogen  throughout  the  Ti  film 
with  a  N/Ti  ratio  of  about  0.13.  Strong  lines  were  still  observed  for  the  002  and  004 
reflections  of  a-Ti,  but  a  significant  increase  in  the  d-spacings  was  observed  after 
annealing.  This  increase  has  been  correlated  with  the  amount  of  oxygen  and  nitrogen 
randomly  dissolved  in  a-Ti  [9].  For  the  films  annealed  in  Ar  up  to  8Q0°C,  we  found  no 
evidence  from  XRD  for  T^N  or  TiN  phases.  However,  the  Auger  depth  profiles  indicated 
the  possibility  of  a  TiN  layer  at  the  TisSis/Sis^  interface.  The  layer  would  be  too  thin  to 
be  observed  by  XRD. 

The  films  annealed  at  temperatures  grater  than  800°C  in  argon  exhibited  a  distinct 
three-layered  structure:  TiN2(outer  surface)/TixSiy/TiN  on  unreacted  S13N4.  This  three 
layer  structure  is  clearly  shown  in  the  Auger  profiles  (Figure  1  &  2).  The  composition  of 
the  sandwiched  layer  (TixSiy)  varied  with  the  heat  treatment  temperature:  Ti5Si3,  TiSh 
(C54),  and  Si  for  900, 1000,  and  1100°C,  respectively.  The  N/Ti  ratio  for  the  TiN  layer  at 
the  Si3N4  interface  was  close  to  1.0  irrespective  of  temperature  in  the  range  900-1000°C. 
However,  for  the  outer  titanium  nitride  layer  the  N/Ti  ratios  were  0.51,  0.88,  and  0.91  for 
900,  1000,  and  1100°C  anneals  respectively.  The  outer  titanium  nitride  layer  contained 
some  oxygen  (O/Ti  ratio  ti  0.09).  The  XRD  data  indicated  a  preferred  orientation  of 
TiN<lll>. 


A  drawing  taken  from  a  TEM  cross  section  for  the  film  annealed  at  1000°C  is 
illustrated  in  Figure  3.  Again,  three-layered  structure  could  be  clearly  seen.  The  relative 
thickness  of  layers  agreed  well  with  the  Auger  depth  profile.  According  to  the  reaction 
llTi  +  Si3N4  =  3TiSi2  +  8TiN,  for  complete  reaction  of  100  nm  of  titanium  one  would 
expect  66  nm  of  TiSi2  and  81  nm  of  TiN.  Thus,  it  can  be  clearly  seen  that  the  calculated 
thicknesses  agree  well  with  the  total  thickness  of  titanium  nitride  layers  and  thickness  of 
TiSi2  layer  as  determined  from  TEM  (Figure  2).  The  grain  size  of  the  outer  TiN  layer  was 
much  finer  than  the  layer  at  the  S13N4  interface.  Microelectronic  diffraction  patterns 
showed  spots  with  no  evidence  of  an  amorphous  ring.  The  few  d-spacings  obtained  from 
electron  diffraction  spots  agreed  with  the  XRD  data. 

Table  2.  lists  the  Ti/SisN4  reaction  products  in  nitrogen  ambient  for  various  rapid 
thermal  annealing  temperatures.  For  all  the  investigated  temperatures,  a  TixSiy  layer  and 
two  TiN  layers  (one  outer  layer  and  one  at  interface)  were  formed.  For  low 
temperature  (e.g.  600°C),  a  thin  outer  layer  of  TiN  was  formed;  but  mostly  unreacted  Ti 
remained;  and  TisSU  and  TiN  were  formed  at  the  Si3N4  interface.  The  Auger  profile 
Indicated  that  the  TiN  layer  (at  the  S13N4  interface)  was  more  prominent  for  N2  annealing 
compared  to  argon  annealing  at  the  same  temperature. 

Table  2.  Ti/Si3N4  reaction  products  at  various  RTA  temperatures  in  N2. 

Rapid  Thermal  Annealing  Temperature 


600-800°C 


1000°C 


1100°C 
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SPUTTER  TIME  (MINUTES) 

(b)  Ar,  1000°C,  120  SECONDS 


Af,  1100°C,  120  SECONDS 


Figure  3  Drawing  Taken 
i'rom  TEM  Cross  Section  or 
the  Film  Annealed  at  1000°t* 
for  120  seconds  in  Argon. 
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interface.  In  contrast  with  the  reactions  in  argon,  lower  amount  of  TixSiy  was  formed  for 
reactions  in  nitrogen  ambient. 

The  XRD  data  indicated  that  unreacted  Ti  remained  in  the  films  annealed  up  to 
800°C.  The  expansion  of  the  lattice  parameter  Co  (up  to  0.4785  nm)  was  significantly 

treater  than  for  the  Ar  annealing,  indicating  the  presence  of  the  maximum  amount  of 
issolved  nitrogen.  Weak  peaks  for  the  TiN(lll)  and  (222)  reflections  were  seen  after  the 
600°C  anneal;  these  lines  became  quite  strong  for  subsequent  annealing  at  higher 
temperatures.  The  weak  lines  for  the  TisSU  were  not  observed  for  annealing  below  900°C 
as  they  were  for  Ar,  but  the  Auger  line  shapes  for  Si  LW  for  the  silicide  layer  were  similar 
to  those  in  the  Ar  annealing.  Thus,  we  assumed  that  the  silicide  formed  at  the  interface 
was  TisSis. 


DISCUSSION 

Based  on  the  nature  of  the  products,  the  reactions  between  Ti  and  SiaN4  can  be  broadly 
classified  into  three  groups  (Table  3):  I)  reactions  involving  the  formation  of  titanium 
silicides  with  the  evolution  of  nitrogen,  II)  reaction  involving  the  formation  of  titanium 
nitrides  with  free  silicon,  and  III)  reactions  resulting  in  the  formation  of  both  titanium 
silicides  and  titanium  nitrides.  These  reactions  (1-7)  are  represented  in  Table  3  along  with 
the  mole  ratios  (thickness  ratios)  of  the  starting  materials  and  heats  of  reaction  per  mole  of 
titanium  at  room  temperature.  As  can  be  seen  from  Table  3,  that  the  group  I  reactions  are 
thermodynamically  unfavorable  (neglecting  the  entropy  contribution,  which  is  reasonable 
for  solid  state  reactions).  In  accordance  with  expectation,  group  I  reactions  were  not 
observed.  Thus,  only  reactions  4  to  7  need  to  be  considered  for  further  discussion. 

Table  3.  Possible  Reactions  in  the  Ti-SiaN*  System 


#  Reaction 

Group  I 

1)  l.STl+SijN*  =  1.5TiSI3+2Nj 

2  3.0Ti+Si,N<  =  3.0TiSi+2Nj 

3)  5.0Ti4-Sl3N4  =  TisSi3+2N3 
Group  II 

4)  4.0Ti+Si3N4  =  4TiN+3Si 
Group  III 

5)  5.5Tl+Si3N4  =  1.5Ti$ii+4TlN 

6)  7.0Ti+Si3N«  o  3T1SI+4T1N 

7)  9.0Tl+SI3N4  =  Ti3Si3+4TiN 


Mole 

t  l/SI3i'«4 

Thickness 

AHasis/Ti  mole 

Ratio 

Ratio 

KJ/mole 

1.5 

0.392 

350 

3.0 

0.783 

116 

5.0 

1.305 

31 

4.0 

1.044 

-150 

5,5 

1.430 

-146 

7.0 

1.827 

-142 

9.0 

2.349 

-132 

Of  all  the  possible  reactions,  Reaction  4  which  results  in  the  formation  of  TIN  amt  81 
is  thermodynamically  the  most  favorable  one.  The  final  phase  formation  Is  determined  tun 
only  by  heat  of  reaction,  but  also  on  parameters  such  as  starling  composition,  substrate 
material,  ambient  atmospliere,  and  kinetic  phenomena.  For  the  case  of  unreactive 
substrate  and  ambient  atmospheres,  the  preferred  reaction  would  vary  smoothly  from 
reaction  7  to  4  (Table  3)  as  the  Ti/SljN*  ratio  In  the  starting  material  decreases.  Inis  can 
also  be  followed  by  rapid  thermal  annealing  by  imposing  kinetic  conditions  on  the  reaction 
of  a  fixed  Ti/SiaN*  ratio,  In  other  words  only  allowing  limited  reaction.  We  have  started 
with  300  nm  of  SijN*  overlayetl  with  100  nm  of  Ti.  This  structure  was  heat  treated  for  a 
fixed  time  (less  than  120  see.)  at  progressively  increasing  temperatures,  thus  allowing  the 
percent  completion  of  reaction  to  increase. 

Although  for  our  specimens  the  starting  Ti/Si3N*  ratio  is  less  than  I,  the  effective 
ratio  will  be  a  function  of  temperature  because  of  the  kinetic  limitations  imposed  by  the 
rapid  thermal  annealing  conditions  used  in  this  study.  At  lower  reaction  temperatures  (c.g. 
60O-90O°C)  the  effective  ratio  will  be  very  high  since  only  a  snail  amount  of  SljNi  takes 
part  in  the  reaction,  and  thus  one  expects  the  formation  TijSi3  and  TIN  (Reaction  7  in 
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Table  3).  As  the  temperature  increases  the  effective  ratio  approaches  towards  the  starling 
ratio,  and  a  smooth  transition  from  reaction  7  to  4  is  expected.  The  results  presented  in 
Table  1  are  in  very  good  agreement  with  the  above  expectation.  One  deviation  that  was 
observed  is  that  the  TiSi  phase  was  not  identified  experimentally  which  may  be  attributed 
to  the  inability  to  detect  it  or  to  the  finite  number  of  annealing  temperatures  that  were 
investigated. 

For  the  case  of  Ti-S^N.*  interactions  in  reactive  ambient  (e.g.  N2),  one  has  to 
consider  the  relative  reaction  rates  of  Ti-nS^N*  and  Ti-N2  reactions.  Because  of  the  N2 
interaction  with  Ti,  the  formation  of  the  TiN  outer  layer  was  observed  even  for  the  low 
reaction  temperatures.  Because  of  the  consumption  of  Ti  by  N2,  the  effective  TiySi3N4 
ratio  was  smaller  for  nitrogen  reactions,  at  similar  temperatures,  when  compared  with  the 
reactions  in  argon.  This  resulted  in  the  formation  of  Si  at  1000°C  for  nitrogen  ambient  in 
contrast  with  1100°C  for  argon  ambient  (compare  Tables  1  and  2). 

The  intriguing  aspect  of  the  reaction  between  thin  films  of  Ti  and  Si3N4  is  the 
formation  of  three  layered  structure  for  annealing  in  argon  ambient.  It  is  worthwhile  to 
present  a  model  for  the  formation  of  this  structure  in  terms  of  thermodynamics  and 
kinetics  of  the  reactions.  As  can  be  seen  from  the  Ti— Si— N  phase  diagram  [4],  TiN  is  stable 
with  al  of  the  titanium  silicides  or  Si  and  S^N*,  but  SisN4  is  not  stable  with  any  of  the 
titanium  silicides.  This  explains  the  absence  of  Si3N4-titanium  silicide  interface  in  the 
products  and  the  presence  of  TiN  always  sandwiched  between  SisN4  and  titanium  silicide. 
At  the  beginning  of  the  reaction  between  SI3N4  and  Ti,  we  assume  that  SisN4  decomposes. 
Reaction  of  Si  and  nitrogen  with  Ti  results  in  the  formation  of  silicide  and  nitride  layers. 
Since  the  silicide  layer  is  not  stable  in  contact  with  SUN4,  the  layer  structure  at  Si3N4 
interface  will  be  SialwTiN/TixSiy.  As  the  reaction  continues  the  unreacted  titanium  layer 
will  become  saturated  with  dissolved  nitrogen,  finally  resulting  in  the  formation  of  the 
outer  TiN  layer,  becauso  the  nitrogen  diffuses  much  faster  through  the  titanium  products 
than  Si.  The  concentration  of  Si  increases  in  the  silicide  layer  and  results  in  the 
compositional  transition  from  TijSij  to  Si  (y/x  value  from  3/5  to  1). 


SUMMARY 

The  reaction  of  TI  with  SijN4  is  Influenced  not  only  by  temperature  but  also  by  the 
composition  of  ambient  atmosphere.  Under  rapid  thermal  annealing  conditions,  the 
composition  of  final  phases  Is  determined  by  the  effective  Ti/SijN*  ratio  rather  than  the 
starling  ratio.  The  effective  ratio  decreases  with  increasing  temperature  and  reactive  gas 
concentration  in  the  ambient.  Products  represented  by  reactions  4  to  7  of  Table  3  were 
only  observed  under  the  experimental  conditions  used.  The  formation  of  the  three  layered 
structure  was  explained  by  assuming  Initial  decomposition  of  SijN4  and  faster  diffusion  of 
nitrogen  through  the  product  layer.  The  effectiveness  of  rapid  thermal  annealing  for 
Imposing  kinetic  limitations  on  thin  film  reactions  was  dearly  demonstrated. 
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ABSTRACT 

X-ray  Photoelectron  Spectroscopy  (XPS)  was  used  to  investigate  the  influence  of 
02  and  H2O  on  the  formation  of  aluminum  carbide  at  aluminum-carbon  and  aluminum- 
silicon  carbide  interfaces.  It  was  determined  that  dosing  the  interfaces  with  HgO 
catalyzed  the  formation  of  aluminum  carbide  In  both  the  aluminum-carbon  and 
aluminum-silicon  carbide  systems.  This  result  Is  consistent  with  the  oxidation  model  of 
carbide  formation  (1],  previously  developed  to  understand  the  kinetics  of  aluminum 
carbide  formation  at  graphite-aluminum  interfaces.  These  results  Imply  that  the 
formation  of  aluminum  carbide  In  graphite  and  silicon  carbide  reinforced  metal  matrix 
composites,  which  severely  degrades  the  composite  mechanical  properties  by 
degrading  the  fiber  and  interlace  strength  (2],  Is  catalysed. 

INTRODUCTION 

Both  aluminum-carbon  and  aluminum-silicon  carbide  couples  react  to  form 
aluminum  carbide  upon  heat  treatment.  The  formation  of  aluminum  carbide  is  a 
severe  problem  in  aiumlnum-carbon  and  aluminum  silicon  carbide  metal-matrix 
composites.  In  these  composites,  the  carbide  degrades  the  mechanical  properties  of 
the  composite  by  weakening  the  Interface  and  by  producing  stress  concentrations  in 
the  fiber.  Our  oxidation  model  of  carbide  formation  (1]  predicted  the  reaction  between 
aluminum  and  carbon  was  catalyzed  by  oxygen  in  a  chemically  active  state. 
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The  oxidation  model  of  carbide  formation  predicted  active  oxygen  present  at  the 
aluminum-carbon  interface  would  catalyze  carbon-carbon  bond  breakage  and 
subsequent  carbide  formation.  Briefly  stated,  the  oxidation  model  of  carbide  formation 
states  that  the  process  of  dissociation  of  carbon  atoms  from  bulk  carbon  is  analogous 
to  the  dissociation  of  carbon  atoms  during  the  oxidation  of  carbon  in  oxygen- 
containing  gases.  XPS  of  composite  Interfaces  was  chosen  as  the  best  technique  to 
study  carbide  formation,  and  thereby  test  the  model. 

EXPERIMENTAL 

Glassy-carbon  and  CVD  S-SIC  sample  surfaces  were  prepared  by  polishing  with 
0.05p  alumina  powder.  Samples  were  out-gassed  prior  to  Al  deposition.  The  silicon 
carbide  samples  were  sputtered  with  2.5keV  argon  ions  at  800°C. 

Aluminum  deposition  and  H2O-  and  02-doslng  were  performed  in-situ  concurrent 
with  photoemission  spectra  acquisition.  The  gas  dosing  procedures  are  described  in 
more  detail  in  reference  [4].  Approximately  2  nm  of  aluminum  were  deposited  as 
estimated  by  relative  peak  intensities.  Gas  exposure  was  500  Langmuirs  of  HgO  or 
02,  IxIO'OTorr  for  500  seconds.  Heat  treatments  were  performed  either  In  front  of  the 
analyzer  or  in  an  antechamber.  Heat  treatments  were  performed  at  410”,  600  or 
800°C  for  10  minutes.  Binding  energies  were  determined  by  peak  fitting,  and  were  In 
agreement  with  those  found  In  the  literature  (3). 

RESULTS 

H20..Cfltfllyals.alAi4Ca  flamfllton  In  Al-Qlassy  Carbon 

Aluminum  carbide  formation  was  measured  by  analysts  of  C(1s)  photelectron 
spectra  taken  from  heat  treated  samples.  Samples  were  heat  treated  for  410*C,  10 
minutes,  and  dosed  with  500  Langmuirs  H2O  or  02.  or  left  un-dosed  prior  to  heat 
treatment.  In  Figure  (1],  the  HaO-doeed  sample  dearly  exhibits  enhanced  carbide 
formation  as  compared  to  the  02-  and  un-dosed  samples,  inferring  H2O  closing 
catalyzes  aluminum  carbide  formation. 


AUC3  281. SaV.  AM>C  £82.5aV 


Figur*  (3).  Vafuaa  for  C<1S)  photoetodron  birring  aoor^aa  sue  «*  tokowa:  A4C3. 
28t.5«V,  aluminum  oxycarbkto.  2825# v  Tbasa  *r#  g.ti  and  1  GeV  batow  glassy 
carbon  C-C  peak  al  2fl4.taV.  Paak  al  255.4  «  <kt«  to  pnojo^ctons  from  oxtduad 
carbon  atom*. 


One  sample  was  completely  reacted  (600°C,  10  min)  so  that  the  peak  positions  of 
the  reaction  products  could  bo  clearly  determined.  Figure  [2]  shows  a  C(1s)  spectrum 
from  HcO/AI/C,  heat  treated  at  600°C  for  20  minutes,  until  fully  reacted.  This  spectrum 
clearly  shows  peaks  corresponding  to  the  binding  energy  of  C(1s)  photoelectrons  from 
AI4C3,  281 .5eV  and  aluminum  oxycarbide,  282.5eV,  which  are  2.6  and  1.6eV, 
respectively,  below  the  glassy  carbon  C-C  peak  at  284.  leV. 


The  success  of  the  Al-carbon  experiments  ted  us  to  test  the  effect  of  HgO  on  the 
formation  of  aluminum  carbide  in  the  aluminum-SiC  system.  The  motivation  tor  this 
experiment  was  the  presumption  that  strong  bonding  of  oxygen  to  SIC  surfaces  also 
weakens  Si-C  bonds,  allowing  catalytic  dissociation  of  carbon  and  silicon,  and 
subsequent  formation  of  aluminum  carbide  and  tree  silicon. 

Aluminum  carbide  formation  In  aluminum-SIC  couples  was  measured  by  analysis 
of  At(2p)  photetectron  spectra  taken  trom  imat  trended  samples  H2Odo$ed  and  un¬ 
dosed  samples  ol  2  run  Ai  on  SIC,  HT  600VC  10  minutes  were  analyzed  Figure  (3) 
shows  AI4C3  formation  is  much  larger  in  the  HjO-dosed  sample  than  in  the  un-dosed 
sample.  Those  data  indicate  HjO  catalyzes  aluminum  carbide  formation  at  aluminum* 
silicon  carbide  interlaces. 


The  S*<2p)  spectra  in  Figure  (4)  are  from  the  same  Al-SIC  samples  as  *1  Figure  (3|. 
The  HjO-dosed  sample  shows  enhanced  tree  silicon  formation  as  compared  k*  the 
m  . -dosed  sample.  This  is  expected  as  a  product  of  the  reaction: 

4AI+3SIC  *->  AI4C3  ♦  aSi 


That  Is.  mass  balance  requires  enhanced  tree  silicon  formation  in  the  FfcO-dosed 
sample  occur  in  proportion  to  its  enhanced  aluminum  carbide  formation . 
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Carbide 


Figure  t3).  AUC3  Al{2p)  pMoeleetron  binding  energy:  73.7«V 
Aluminum  Oxide;  75.4«V.  Aluminum  Metol;  TtLSoV 


Hp-dosod 

AJ/SiC 


Figure  {4|.  Free  silicon  Si|Zp)  phoioeiectron  binding  energy:  &MeV 
SiC  Si(2p)  binding  energy:  !G0.7eV 
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DISCUSSION 

Currently,  aluminum  carbide  formation  in  Al-Carbon  and  Al-SiC  metal-matrix 
composites  is  avoided  by  coating  the  carbon  or  SiC  reinforcement  with  a  diffusion 
barrier.  The  current  work  suggests  other  means  of  controlling  carbide  formation,  i.e. 
removing  or  deactivation  the  source  of  the  catalyzing  substance,  H2O.  The  results 
also  confirm  the  usefulness  of  the  oxidation  model  in  describing  the  atomic  structure  of 
carbon  reinforced  metal-matrix  composite  systems,  as  weit  as  the  utility  of  the  irt-situ 
interface  reaction/XPS  technique  developed  by  Ohuehi  and  Zhong  [4] 

This  tine  of  investigation,  using  in -situ  XPS  technique  ami  the  oxidation  model,  is 
being  extended  to  other  systems.  We  are  currently  considering  Al-diamond,  Tl- 
Carbon,  Ti-SiC  and  Fe-Carbon  as  candidates  for  further  investigation. 
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ABSTRACT 

The  Ti-Al-O  and  Ti-Al-B  phase  diagrams  at  1100*  C  were  estimated  using 
thermodynamic  data  available  in  the  literature  assuming  no  ternary  phases  in  either  of  tne 
systems.  Diffusion  experiments  consisting  of  a  matrix  of  titanium  aluminide  with  2  at%  Ta 
in  contact  with  both  AI2O3  and  TiB2  were  carried  out  at  1 100*  C  for  up  to  192  hours. 


INTRODUCTION 

Composite  materials  used  as  structural  components  at  high  temperatures  are 
becoming  an  important  class  of  emerging  engineered  materials.  The  ultimate 
performance  of  these  materials  depends  a  great  deal  on  the  stabilities  at  the  composite 
interfaces.  In  the  present  study,  we  wish  to  study  the  interfacial  stabilities  between 
titanium  aluminide  and  the  two  potential  fibers  AI2O3  and  TiB2.  These  and  other 
ceramic  fibers  may  be  needed  to  improve  the  creep  behavior  of  titanium  aluminide  at  high 
temperatures. 

The  study  was  carried  out  using  a  combined  computational/experimental  approach. 
In  addition  to  having  compatible  coefficients  of  thermal  expansion  between  titanium 
aluminide  and  the  ceramic  fibers,  there  must  also  be  thermodynamic  stability  at  the 
interfaces.  Kinetic  barriers  are  unlikely  to  exist  since  these  materials  ore  to  be  used  at 
high  temperatures.  Our  approach  is  to  first  compute  the  phase  equilibria  of  Ti-Al-O  and 
Ti'A,-B  using  known  and  estimated  thermodynamic  data  for  all  the  binary  phases. 
Assuming  no  ternary  phases  are  present,  the  calculations  were  carried  out  using  the 
program  SOLGASMIX  [1],  Based  upon  them  calculations  diffusion  experiments 
involving  titanium  aluminide  and  the  ceramic  p&  tides  were  performed. 


APPROACH 

Thermodynamic  Calculation 

TM  phase  diagrams  of  Ti-Al-O  and  Ti-Al-B  at  1100*  C  were  calculated  using  the 
data  av  .liable  In  the  literature  [2, 3, 4, 5, 6]  and  the  program  SOLGASMIX  (1).  In  this 
prograi  .1,  a  Gibbs  energy  minimization  technique  is  used 

Sample  Preparation  and  Evaluation 

Samples  were  prepared  by  hot  pressing  powder  mixtures  at  1288*  C  and  15  ksi  for  2 
hours.  Two  samples  with  a  matrix  composition  of  Ti-35.4  wt.%A1-9.J4  wt.%Ta  (Ti-52.1 
at%  Al-2.0  at%  Ta)  each  containing  5  wt.%  AI2O3  and  TiBo  respectively,  were  heat 
treated  at  1100*  C  for  192  hours,  Samples  were  coated  with  Y2O3  and  vacuum  sealed  in 
quartz  capsules.  Heat  treatment  was  performed  in  n  resistance  furnace.  At  the  end  of  the 
heat  treatment  the  samples  were  removed  from  the  iumace  and  quenched  In  water.  Each 
sample,  together  with  a  not  pressed  (as  received)  sample  for  comparison  purposes,  was 
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Ti-Al-0  Phase  Equilibria  @  1100  °C 


1/202  Ca) 


Fig,  1  Estimated  phase  equilibria  for  ternary  system  Ti-Al-0  at  1100*  C 

then  mounted,  ground  and  polished.  Comparisons  between  samples  in  the  as  received  and 
heat  treated  conditions  were  made  for  each  composite,  both  qualitatively  by  optical 
microscopy  and  quantitatively  by  electron  probe  microanalysis  fEPMA).  Microprobe 
analysis  was  done  by  traversing  the  matiwparticle  interface  in  2  micron  increments 
perpendicular  to  the  interface.  Pure  standards  of  Ti,  Al,  and  Ta  were  used  for  calibration. 
Concentrations  of  0  and  B  were  determined  by  difference. 


RESULTS  AND  DISCUSSION 
XhcTi-Al-Q  System 

The  estimateu  phase  diagram  at  llQG'C  is  shown  in  Fig,  1.  According  to  this 
diagram  TiAIN.Llolis  in  equilibrium  with  AUO3  and  110,  and  TijAKo^DOia)  is  in 
equilibrium  with  TiO.  Tresder,  Moore  and  Crane  (71  carried  out  a  phase  equilibrium 
study  at  8?1*C.  On  the  basis  of  their  investigation,  two  possible  phase  diagrams  of 
Ti-Al-0  at  871  *C  were  proposed.  In  both  of  the  proposed  diagrams,  TlAI  is  in 
equilibrium  with  AI7O3  and  T12O3.  However,  in  one  of  these  proposed  diagrams  TiAl  is 
in  equilibrium  with  TiO  but  in  the  second  it  is  not  Since  not  all  or  Uieir  samples  reached 
equilibrium,  it  is  difficult  to  interpret  their  experimental  results,  until  further 
experiments  are  performed,  the  1 100*  C  isotherm  given  in  Fig.  1  must  be  considered 
tentative.  It  is  noteworthy  to  point  out  that  Tressler  et  al.  also  carried  out  diffusion  couple 
experiments  consisting  of  Ti  and  AbOs  at  981*  C  for  940  hr*.  They  found  the  formation 
of  TbAlfag)  end  TtO  between  It  and  AI2O3.  These  data  are  consistent  with  the 
calculated  phase  equilibria  in  Fig,  1. 

In  addition  to  the  isothermal  section  given  in  Fig,  I,  a  stability  diagram,  (i.c.  log  ivy, 
versus  xaj/fx^i+xrj)),  is  also  given  in  Fig,  2,  This  diagram  gives  the  stabilities  of  the 
various  phases  as  a  (unction  of  oxygen  presaure,  while  the  isothermal  section  gives 
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there  is  no  evidence  of  any  reaction  at  the  7/TiBo  interfaces,  for  either  the  hot-pressed 
sample  or  the  sample  heat  treated  at  1100*  C  for  192  hours.  The  EPMA  results  given  in 
Figs.  7A,B  were  in  agreement  with  these  observations.  The  concentrations  of  Ti 
determined  by  EPMA  were  33  at%  for  the  the  hot-pressed  and  annealed  samples.  The 
concentrations  of  B  are  obtained  by  difference.  It  is  interesting  to  note  that  the  Ta 
concentration  increases  slightiy  at  the  t/TiB^  interfaces.  This  is  quite  reasonable  since  Ti 

Tl-AI'B  Ph*M  Equilibria  <9  1100% 


BC> 


Fig.  5  Calculated  phase  equilibria  for  ternary  system  Ti-Al-B  at  1 100*  C. 


is  in  the  same  family  as  Zr,  and  that  ZtBy  and  TaB2  form  solid  solutions  [101. 

The  discrepancy  between  the  calcinated  phase  diagram  and  the  experimental  results 
may  be  due  to  two  reasons.  The  first  is  that  thermodynamic  data  available  for  the  system 
Ti-B  is  inaccurate.  The  second  is  that  there  is  a  kinetic  barrier  between  i  and  TiB2. 
Further  experiments  are  being  conducted  in  order  to  resolve  this  discrepancy. 
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A)  T1*S2.1%  AJ-2.0%  Ta/TIB^  A*  R#ctlv*d 
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B)  TI-52.1%  AJ-2.0%  TWTIB^  ®  Day*  @  1100°C 


DJitux*  (micron*) 


DHkna  (micron*) 


Fig.  7  EPMA  results  showing  composition  change  across  matrix/Til^  interface:  A)  as 
received,  B)  heat  treated  at  1100*  C  for  192  hours. 
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ABSTRACT 

The  changes  in  chemistry  and  morphology  within  the  interphase  region  of  an 
SCS6/Ti-6Al-4V  metal  matrix  composite  upon  exposure  to  vatying  heat  treatments  have 
been  studied.  It  is  thought  that  changes  such  ns  the  formation  of  small  TiC  particles  at  one 
interface,  and  the  narrowing  of  a  protective  pyrocarbon  layer  at  another,  induce  fracmre  to 
occur  at  different  places  within  the  interphase  upon  heating.  Evidence  for  a  phase  change 
on  heat  treatment  of  a  TixSiy(C>  layer  to  the  more  thermodynamically  stable  silicide 
phase, TijSij>  is  also  presented 

INTRODUCTION 

In  the  past  decade  there  has  been  a  great  interest  in  developing  composite 
materials  based  on  embedding  silicon  carbide  fibres  in  titanium  alloy  matrices.  In  such 
instances  the  silicon  carbide  fibres  are  usually  costed  with  a  protective  layer  to  prevent 
abrasion  and  improve  handling  properties  as  well  as  inhibit  interfacial  reactions  between 
fibre  and  matrix  which  may  be  detrimental  to  the  mechanical  properties  of  the  fibres 
themselves.  Many  such  protective  coatings  have  been  studied  [1,2,3]  each  resulting  in  a 
variety  of  chemical  reactions  with  the  titanium  matrix.  However,  none  of  these  coatings 
proved  successful  in  protecting  the  SiC  filaments  from  main*  interaction.  In  1982  Dcbolt 
ct  al  at  AVCO  [4]  developed  an  SCS  coating  which  has  been  modified  in  recent  years  to 
overcome  such  problems.  The  latest  form  Is  an  SCS6  coating  which  consists  of  a  thin  layer 
of  pure  pyrocarbon  surrounding  the  niamcnt  followed  by  an  SiC/C  mixture  in  which  the 
Si:C  ratio  increases  towards  the  surface.  In  our  previous  study  [$),  a  thorough 
investigation  of  the  interface  between  SCS6  and  Ti-6A1*4V  in  an  “as  received  sample" 
was  carried  out.  A  schematic  diagram  of  the  complex  Inteiphase  region  observed  is  shown 
in  Pig.l(a)  together  with  an  SEM  image  of  an  angle  lapped  sample  (shown  in  Fig.l(b)).  It 
can  be  seen  that  the  interphase  region  consists  of  numerous  layers  most  of  which 
originate  from  the  SCS6  coating  itself.  However,  reaction  has  taken  place  between  the 
outermost  layers  of  the  coating  and  the  matrix  to  form  a  region  of  titanium  carbide  and  a 
continuous  layer  of  a  carbon  containing  titanium  silicide  phase  TixSiy(C). 

In  this  paper,  we  report  a  systematic  study  of  the  effect  of  prolonged  exposure  to 
elevated  temperature  on  the  interfacial  chemistry  and  morphology  of  this  composite.  Tits 
microstrocturtl  and  chemical  changes  occurring  are  thought  to  play  dominant  role  in  the 
fracture  surfaces  obtained  from  these  samples. 

EXPERIMENTAL  PROCEDURE 

A  set  of  SCS6/Ti-6AMV  metal  matrix  composite  samples  prepared  from  the  same 
initial  "as  received”  sample,  were  subjected  to  KXPC,  200°C,  300°C  and  600°C  anneals 
in  air  for  8  hours.  Cross  section  samples  for  Auger  and  SEM  analysis  were  mechanically 
cut  10°  from  the  fibre  axis.  The  machined  surfaces  were  then  mechanically  polished 
progress)  tig  from  600  grade  SiC  paper  to  6  pm  and  then  I  pm  diamond  paste  until  highly 
polished  surfaces  were  achieved. 

TEM  samples  were  prepared  by  cutting  (L5mm  thick  perpendicular  sections ,  then 
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Figure  1  Schematic  diagram  and  SEM  micrograph  of  SCSC/Ti-6Al-4V  Interphase. 

mechanically  polishing  down  from  both  sides  to  a  total  thickness  of  80  pm.  These  sections 
were  then  ion  milled  to  perforation  with  6kV  A t*  ions  at  an  incidence  angle  of  25°.  TEM 
was  carried  out  in  a  Phillips  EM430  operating  between  ISO  and  3<X)kV. 

Augor  analysis  was  performed  on  PHI  660  and  PHI  595  scanning  Auger 
spectrometers,  the  latter  being  equipped  with  an  Insltu  fracture  stage  enabling  the 
chemistry  of  the  Fracture  surface  to  be  studied  at  pressures  <1  O'9  Tore.  These  fracture 
surfaces  were  then  further  examined  in  a  JEOL  35C  scanning  electron  microscope.  Line 
profiles  and  other  Auger  data  were  taken  after  each  sample  had  been  sputtered  will)  3kV 
Xe+  ions  for  30  minutes  (or  until  all  the  surface  oxygen  was  removed). 

RESULTS  AND  DISCUSSION 

The  Silicide  Laver 

In  our  previous  study [5],  it  was  noted  that  the  continuous  silicide  layer  (shown  in 
Fig.  1(a))  did  not  have  a  crystal  structure  corresponding  to  any  of  the  previously  reported 
titanium  silicide  phases.  From  Auger  analysis  it  was  shown  that  this  layer  contained 
appreciable  but  varying  amounts  of  carbon.  Fig,2(a)  shows  the  convergent  beam  pattern 
from  a  prominent  zone  axis  of  one  of  these  silicide  grains.  Similar  convergent  beam 


Figure  2  (a)  CBP  of  one  major  zone  axis  in  a  Ti,Siy(C)  grain,  (b)  TBM  micrograph  of 

siticidc  layer  in  a  sample  heated  to  300°C;  (c)  (0110)  (d)  ()2l3)  (e)  (l3l0)zooc 
axes  from  the  TijSij  layer. 

patterns  from  a  targe  number  of  such  crystals  have  been  analysed  and  it  has  been  found 
that  g|t  spacings  vary  from  grain  to  grain  in  the  range  0.177  to  0.182A’1,  with  gp*=  gq 
-0.177A'1  .  Hence  some  of  die  patterns  are  perfectly  hexagonal  and  others  show  a 
slightly  distorted  hexagonal  implying  (hat  die  composition  and  structure  from  grain  to 
grain  is  slightly  variable  in  this  silicide  layer.  However,  the  inferred  plane  spacings  of 
dj»=dQ=*5.64A  and  5,$3>dg>5.S5A  are  not  consistent  with  the  expected  TijSij  (lOTO) 
spacings  of  6.45A. 

However,  in  ail  the  heat  treated  samples  examined,  this  layer  has  transformed  to 
the  more  thermodynamically  stable  TijSij  phase  as  indicated  by  the  (0110),  ( l2 1 3).  and 
(l2l0)  CBPs  (shown  in  Figs  2c, d  and  e).  The  overall  thickness  of  this  layer  (shown  in 
Fig2b)  remained  unchanged. 


The  SiC/Carbon  Coaling 


A  series  of  Si  line  profiles  through  the  first  carbon  layer  (C)  taken  from  the  “as 
receivcd'and  heat  treated  samples  is  presented  in  Fig.3.  The  Si  signal,  in  alt  cases,  was 
normalised  to  that  of  the  SiC  itself.  It  can  be  seen  that  Si  has  diffused  to  some  extent  in 
all  these  heat  treated  samples.  The  amount  of  Si  diffusion  is  seen  to  increase  with 
increasing  temperature  to  which  the  samples  had  been  exposed.  TBM  examination  of  this 
layer  reveals  that  the  elongated  SiC  crystals  within  this  layer  increase  in  size  and  number 
density  with  increasing  temperature,  from  an  avenge  of  50  x  150A  in  the  as  received 
ample  to  130  x  400A  in  the  sample  heat  treated  at  600°C. 

As  noted  previously,  the  SCS  coating  is  designed  to  protect  the  SiC  filament 
against  damaging  imerfaclal  reactions  with  the  matrix  and  also  acts  to  relieve  strew 
concentration  at  the  surface  of  the  SiC  filament  itself.  The  layer  most  responsible  for  this 
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Figure  3  Si  Auger  line  profiles  through  the  amorphous  carbon  layer  (B) 

latter  characteristic  is  the  pyrocwbon  layer  (see  Fig.4a  and  b)  which  is  directly  adjacent 
to  the  SiC  filament  [6].  It  was  found  that  the  thickness  of  tHs  layer  decreased 
significantly  with  increasing  temperature  to  which  the  sample  had  been  exposed  (from 
0.1S  pm  in  the  as  received  sample  to  0,038  pm  in  the  sample  heated  to  600°C). 

Ihs  SCSftmatrix  Reaction,  Zbbb 

Titanium  is  also  known  to  diffuse  into  the  SCS  coating.  On  processing  the 
composite,  the  Ti  first  reacts  with  the  outer  shell  of  SIC  surrounding  the  fibre  to  form  a 
thin  but  continuous  layer  of  silicide  (as  described  above).  It  then  further  diffuses  through 
this  layer  (probably  via  the  grain  boundaries)  into  the  carbon  layers  of  the  SCS6  coating 
to  form  TiC.  At  first  the  TiC  crystals  formed  are  small ,  but  during  processing  they  anneal 
and  rccrystaliise  to  form  much  larger  grains  (approximately  0.3-Q.5  um  in  size).  Upon  heat 
treating  these  samples  two  processes  occur.  Firstly.  Ti  diffuses  further  Into  the  SCS 
coating  to  react  with  the  carbon  layer  forming  TiC  mierocrystals  hence  advancing  the  TiC 
layer  deeper  Into  the  amorphous  carbon  layer.  Secondly,  some  grain  growth  of  buried  TiC 
crystals  occur.  Fig.3  shows  the  TiC  interphase  layer  for  the  sample  heat  treated  to  200°C. 
A  distinct  gradation  in  grain  size  from  one  side  of  the  tayer  to  the  other  is  seen.  Adjacent 
to  the  silicide  layer,  the  TiC  pains  are  “tooth"  shaped  with  typical  diameters  of  0.6  pm. 
litis  is  followed  by  a  layer  of  imennediite  sized  TC  crystals  about  600A  which  have  a 
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Figure  4  TSM  micrograph  of  SiC/pyrocarboo/maln  carbon  layer  (B)  region  (t)“ts  ree. 
(b)300oC  samples 


Figure  5  TEM  micrograph  of  the  TiC  layer  in  a  sample  heated  to  300°C 

less  defined  shape.  Finally,  the  microcrystalUne  layer  is  found  adjacent  to  the  amorphous 
carbon  layer. 


Fig.  6  shows  a  scries  of  SEM  images  from  the  fracture  surfaces  of  the  “as  received" 
as  well  as  the  30Q°C  and  60Q°C  samples.  As  shown  previously  (5),  fracture  takes  place 
in  the  "as  received"  sample  between  the  TiC  layer  and  the  second  amorphous  carbon 
layer  (C).  However,  wc  have  noted  In  previous  sections  that  microsimetural  changes 
have  occurred  within  the  interphase  region  as  •  result  of  heat  treatment.  The  two 
dominant  changes  effecting  where  fracture  takes  places  we  the  following.  Firstly,  the 
increasing  number  of  smalt  TiC  grains  at  the  TiOC  interface  would  tend  to  lead  to  a 
strengthening  of  this  interface  (due  to  intermixing  and  the  increased  interface  area). 
Furthermore,  large  grains  at  the  interface  on  the  other  hand,  are  likely  to  be  stress 
concentrators  which  would  be  detrimental  to  imerfaclal  strength.  Secondly,  the  decreasing 
thickness  of  the  stress  absorbing  pyrocatbon  layer  closest  to  the  SIC  filament  tuay 
weaken  the  SiC/C  interface.  The  effect  of  the  former  effect  Is  apparent  in  the  sample 
exposed  to  30t)°C  (T‘ig.6(a)).  Fracture  in  this  case  has  taken  place  within  the  amorphous 
carbon  layers  instead  of  at  the  TiC/C  interface  as  in  the  “as  received"  sample.  The  Auger 
analysis  of  this  fracture  surface  reveals  that  oxygen  has  diffused  and  reacted  with  the  SiC 
filament  to  form  silicon  oxide  at  the  edges  of  the  sample  which  ware exposed  to  air  during 
heating.  Where  this  edge  effect  has  occurred,  fracture  has  j*>tm  place  between  this 
oxidised  layer  and  the  adjacent  carbon  layer.  For  the  exposed  to  600°C 

(l'ig.6(b)).  a  significant  number  of  broken  fibres  were  observed  tut  the  fracture  surface, 
suggesting  that  the  pyrocatbon  layer  has  lost  most  of  Us  stress  relieving  properties. 

CONCLUSIONS 

The  coating  on  the  SIC  fibres  in  the  above  samples  is  in  fact  a  double  pass  of  the 
SCS  coating  described  by  Oebolt  ct  al  (4)  with  an  outer  shell  of  stoichiometric  SiC.  1T.it 
would  explain  the  interfacial  formation  of  a  continuous  layer  of  silieldc  formed  during 
processing  which  does  not  aporeciibly  change  in  thickness  upon  heating.  A  phase  change 
mint  TijSiy(C)  to  the  more  thermodynamically  ruble  hexagonal  Ti$Sij  phase  occurred 
upon  annealing  in  air. 

The  changes  in  chemistry  and  morphology  which  occur  as  a  result  of  prolonged  heat 
treatment  in  air  have  been  found  to  play  an  important  roic  In  determining  the  precise 
position  where  fracture  occurs  within  the  interphasc  sad  wilt  affect  the  overall 
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Figure  6  StiM  Images  of  •  fracture  surface  from  (a)*as  rtc“,  (b)  300*C.  and  (c)  600 *C 
umpttt. 

performance  of  the  composite  at  various  temperature*.  Diffusion  of  both  Ti  tod  Si  was 
observed  to  occur  during  hut  treatment,  the  diminishing  thickness  of  the  pyroearbon 
layer  adjacent  to  the  SIC  filament  may  be  responsible  for  the  fibre  breakage  observed  on 
the  fracture  surfaces  of  samples  heated  to  600°C.  The  formation  of  numerous  small  TIC 
particles  is  thought  to  strengthen  the  bonding  at  the  TiC/C  interface  and  leads  to  fracture 
within  the  amottihou*  carbon  layers  in  the  300°C  sample  instead  of  at  the  TiC/C  interface 
itself  observed  for  the  “as  received"  sample. 
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ABSTRACT 

Differential  scanning  calorimetry  and  x-ray  diffraction  analysis  were  utilized  to 
monitor  solid  state  reactions  in  mechanically  deformed  Ni/Tf  multilayered 
composites.  Solid  state  reactions  at  temperatures  less  than  -  650  K  result  in  the 
formation  of  a  highly  disordered  phase  which  is  apparently  amorphous.The 
subsequent  nucleation  and  growth  at  higher  temperatures  of  intermetallic 
compounds  from  the  amorphous  phase  is  examined.  The  relatively  small 
thickness  of  amorphous  material  (less  than  100  A)  which  can  be  grown  by  solid 
state  reaction  in  our  Ni/Ti  samples,  combined  with  the  indication  that  a 
disordered  interface  such  as  that  produced  by  mechanical  deformation  facilitates 
these  reactions  in  the  Ni-Ti  system,  may  provide  some  explanation  for  the 
relatively  high  degree  of  success  experienced  in  the  production  of  amorphous  Ni- 
Ti  by  means  of  ball  milling.  Comparisons  are  made  to  results  obtained  in  the  Ni-Zr 
system. 


Introduction 


Single  phase  amorphous  alloys  can  form  in  diffusion  couples  at  relatively  low 
temperatures  (approximately  half  pertinent  melting  temperatures)  by  means  of 
interdiffusion  of  pure,  polycrystalline  dements  [1-121.  A  number  of  requirements 
have  been  proposed  for  a  successful  solid  state  amorphization  reaction  (SSAR). 
The  two  metals  which  form  the  diffusion  couple  must  possess  a  large,  negative 
heat  of  mixing  in  the  amorphous  phase  in  order  to  drive  die  reaction.  There  must 
be  a  dominant  moving  species ,  i.  e.  one  constituent  of  the  diffusion  couple  should 
exhibit  a  much  greater  mobility  than  the  other  [4-6].  Such  a  disparity  in  the 
mobility  of  the  atoms  in  the  diffusion  couple  provides  a  constraint  on  the 
formation  of  equilibrium  intermetallic  compounds  in  a  given  temperature  range 
and  time  frame,  L  e.  a  kinetic  constraint  The  movement  of  both  constituents  is 
apparently  required  to  nucleate  and  grow  crystalline  material  while  the  mobility  of 
only  one  constituent  is  required  to  grow  an  amorphous  alloy.  It  has  also  been 


indicated  that  initially  (in  the  as-prepared  composite)  a  certain  degree  of  disorder  I 

must  be  present  at  the  interface  between  the  polycrystalline  metals  ,  if  not  an  f 

amorphous  interfacial  region,  in  order  for  the  metastable  amorphous  material  to  ‘ 

grow.  Without  such  existent  disorder  at  the  interface,  the  nucleation  and  growth  1 

of  equilibrium  intermetallic  compounds  may  be  favored  [7,8].  j 


Experimental  observations  in  the  Ni/Zr  system  have  been  performed 
supporting  these  hypotheses.  Various  diffusion  studies  indicate  that  Ni  is  the  1 

dominant  moving  species  in  the  SSAR  in  Ni/Zr  diffusion  couples  [5,6,9].  j 

Differential  scanning  calorimetry  (DSC)  measurements  have  been  utilized  to  I 

establish  that  a  negative  difference  in  free  energy  between  the  pure  elements  and 
the  amorphous  phase  (8-10  kCal/mol )  drives  these  solid  state  amorphization 
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reactions  in  the  Ni/Zr  system  [10*12).  Anneals  of  Ni/21r  diffusion  couples 
consisting  of  Ni  deposited  on  single  crystal  Zr  fail  to  produce  amorphous 
material,  while  with  a  more  disordered  interface  a  similar  anneal  results  in  the 
growth  of  amorphous  material[7,8]. 

The  present  study  concerns  a  comparison  of  solid  state  reactions  in  deformed 
composites  from  the  Ni-Ti  system  and  the  Ni-Zr  system.  As  both  Zr  and  Ti  are 
IVB  elements,  these  systems  are  considered  to  be  chemically  and 
thermodynamically  similar  [13-18].  But  while  amorphous  material  has  been 
observed  to.  grow  to  thicknesses  of  up  to  1000 A  at  Ni/Zr  interfaces  [2,10-12,19-24], 
such  prodigious  growth  has  not  been  observed  in  Ni/Ti  composites  [13,21,23,25].  In 
fact,  the  growth  of  only  equilibrium  intermetallic  compounds  has  been  observed 
in  some  Ni/Ti  diffusion  couples[13,21].  In  the  present  work  we  sought  to 
investigate  the  difference  in  the  reaction  kinetics  in  these  two  systems  by  means  of 
differential  scanning  calorimetry  (DSC)  measurements  [26]  on  mechanically 
deformed  [27],  multilayered  composites  of  Ni/Zr  and  Ni/Ti.  It  has  been  previously 
suggested  that  either  differences  in  the  growth  rates  of  the  amorphous  phase,  or 
differences  in  the  kinetic  constraint  on  formation  of  equilibrium  intermetallic 
compounds,  are  the  cause  of  the  difference  in  reaction  product  in  these  two 
systems[13].  The  initial  growth  of  amorphous  material  in  our  Ni/Ti  composites  is 
apparently  facilitated  by  the  relatively  large  degree  of  disorder  induced  in  the  metal 
layers,  and  therefore  at  the  interfaces,  by  the  mechanical  deformation  process. 
There  is  strong  indication  that  in  mechanically  deformed  composites  in  both  the 
Ni-Ti  and  the  Ni-Zr  systems  there  exists  a  similar  kinetic  constraint  on  the 
formation  of  crystalline  intermetallic  compounds.  We  find  that  any  growth  of 
amorphous  material  is  significantly  slower  in  the  Ni-Ti  system  than  in  the  Ni-Zr 
system.  This  difference  in  growth  rates  severely  limits  the  amount  of  amorphous 
material  that  can  be  grown  by  means  of  solid  state  amorphization  reactions  in  the 
Ni-Ti  system. 

Samples  utilized  for  this  study  were  composites  of  multilayered  elements, 
prepared  by  means  of  mechanical  codeformation  of  polycrystalline  foils  in  a 
rolling  mill.  The  structures  and  phases  of  the  samples  in  the  as-prepared  state  as 
well  as  at  various  degrees  of  reaction  are  characterized  by  means  of  x-ray 
diffraction  analysis  and  transmission  electron  microscopy.  A  Rigaku  x-ray 
diffractometer  with  Ni-filtered,  Cu  KQ  radiation  was  utilized  to  obtain  x-ray 

diffraction  profiles  of  samples.  Reactions  in  diffusion  couples  of  the  Ni-Ti  system 
or  the  Ni-Zr  system  are  initiated  as  the  samples  (hermetically  sealed  in  aluminum 
pans)  are  heated  at  a  constant  rate  above  room  temperature  in  the  DSC.  The  rate 
of  heat  release  is  measured  by  means  of  DSC  through  the  course  of  a  reaction. 
Each  DSC  scan  was  followed  by  a  second  scan  (identical  thermal  conditions)  of  the 
same  sample;  the  data  from  the  second  scan  were  subtracted  from  the  data  of  the 
first  scan.  A  Perkin-ELmer  DSC-4  interfaced  to  a  Compaq  Deskpro  286  computer 
was  utilized  for  DSC  measurements. 


state  reactions  in  Ni/Zr  and  Ni/Ti  composites 


A  comparison  of  solid  state  reactions  in  Ni/Zr  and  Ni/Ti  multilayered 
composites  of  similar  average  stoichiometries  (near  equiatomic),  geometries  and 
degrees  of  deformation  was  performed  (Fig.  1).  The  DSC  traces  indicate  that  the 


187 


TCMPeRATune  ck> 


,:IG.  1  The  heat-flow  rale  as  a  function  of  temperature  for  a  constant  scan  rate  of 
20  K/rnin,  measured  by  means  of  differentia)  scanning  calorimetry.  The  samples 
were  multilayered  composites  of  average  stoichiometry  Ni^Ti,^  an<|  NijyZr^ 

produced  by  co-deformation  of  the  two  metals.  The  initial  thicknesses  of  the 
polycrystailine  foils  was  10  uni  for  Ni  and  20  pm  for  Zr  and  Ti.  Both  composites 
were  deformed  similar  amounts  with  a  deformation  of  about  99.9%.  The'data  are 
for:  (a)  Ni/Zr  system  and  (b)  Nl/Ti  system.  The  small  downward  going  p?ak  in  the 
beginning  of  the  trace  in  Fig.  lb  reflects  an  endothermic  signal  observed  in  the 
second  scan  corresponding  to  the  martensitic  transition  in  Nl^Tijy. 


solid  state  reaction  in  the  Ni/Zr  composite  ia  significantly  faster  than  the  solid 
state  reaction  in  the  Nl/Ti  composite.  Upon  heating  a  Nl/Ti  diffusion  couple 
from  300  K  to  850  K  at  20  K/min  in  a  differential  scanning  calorimeter  (Tig.  1)  a 
significant  rate  of  heat  release  Is  first  observed  at  about  580  K  (this  is  in  contrast  to 
the  reaction  rate  observed  in  the  Ni/Zr  diffusion  couple  of  similar  geometry|24)). 
Above  a  temperature  of  580  K  in  the  DSC  scan  of  the  Ni/Ti  composite  the  reaction 
rate  Increases  monotonically  until  a  temperature  of  approximately  670  K,  At  this 
remperature  a  small,  distinct  peak  is  observed  in  the  DSC  scan  followed  by  a 
marked  decrease  In  the  reaction  rate  and  a  series  of  peaks.  X-ray  analysis  of  similar 
samples  heated  to  temperatures  of  660  K  and  rapidly  cooled  to  room  temperature 
reveal  Bragg  peaks  corresponding  to  the  elements  Ni  and  Ti,  and  a  broad  peak 
centered  at  20  *  435  degrees  (Fig.  2b).  Sum  a  broad  peak  in  x*ray  scans  is  indicative 
of  amorphous  materials, 251,  and  the  angle  of  Us  maximum  corresponds  to  that 
of  liquid  quenched  metallic  glass  of  composition  near  Ni^Ti-jy.  X-ray  analysis  of 

similar  samples  heated  to  temperatures  of  670  K  and  rapidly  cooled  to  room 
temperature  reveals  Bragg  peaks  corresponding  to  the  elements,  Ni  and  Ti,  a 
broad  peak  centered  at  28  -  435  degrees  and  a  new  Bragg  peak  corresponding  to 
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the  intermetallic  compound  NlggTigg  with  a  CsCl  structure,  and  perhaps  some 
small  peaks  corresponding  to  hep  NigTi,  indicating  that  a  small  amount  of 

crystalline  material  has  been  formed[28,29]  (Fig.  2c).  Similar  samples  heated  to 
slightly  higher  temperatures  and  rapidly  cooled  to  room  temperature  revealed  x- 
ray  diffraction  patterns  with  additional  new,  small  Bragg  peaks  corresponding  to 
the  CsCl  structure  of  NiggTigg  and  some  small  peaks  corresponding  to  hep 

NigTi.  Upon  examining  numerous  such  Ni/Ti  composites  utilizing  DSC  and  x-ray 

analysis  we  are  able  to  correlate  such  a  distinct  change  in  the  kinetics  of  the  solid 
state  reaction  (as  evidenced  by  a  peak  at  a  temperature  near  670  K  in  DSC  scans) 
with  the  presence  of  a  small  amount  of  crystalline  material  in  the  sample.  Similar 

specimens  examined  in  plane -view  geometry  with  an  Hitachi  7000  transmission 
electron  microscope  operated  at  125  keV  prrvide  selected  area  diffraction  patterns 
which  indicate  the  same  correlations  between  heat  treatments  and  phase 
formation  Although  in  the  absence  of  complete  amorphization  it  is  difficult  to 
positively  identify  the  phase  initially  formed  in  the  Ni-Ti  composites  upon 
heating  from  room,  temperature,  the  evidence  indicates  that  a  highly  disordered 
material  which  is  either  nanocrystelline  or  amorphous  has  formed. 

Previous  experiment  [31]  at  temperatures  near  1000  K  has  indicated  that  Ni 
atoms  diffuse  one  or  two  orders  of  magnitude  more  rapidly  in  a-Zr  than  in  a-Ti. 
Utilizing  a  means  developed  earlier(l0-12),  we  attempt  to  calculate  the  rate  of 
interdiffusion  of  Ni  and  Ti  in  amorphous  Ni/Ti  diffusion  couples  from  the 
present  DSC  measurements.  Assuming  that  we  are  observing  diffusion  limited. 


FIG.  2  X-ray  diffraction  profiles 
(CuKot  radiation)  for  a 
multilayered  composite  of  Ni 
and  Ti  of  average  stoichiometry 
Ni50Ti50. 

(a)  The  as -co-deformcd  sample. 

(b)  The  sample  after  being 
heated  at  10  K/min  to  a 
temperature  of  660  K  and 
quenched  to  room  temperature 
in  the  differential  scanning 
calorimeter,  (c)  The  sample  after 
being  heated  at  10  K/mln  to  a 
temperature  of 670  K  and 
quenched  to  room  temperature 
in  the  differential  scanning 
calorimeter. 
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one  dimensional  growth  of  amorphous  material  in  the  Ni-Ti  system  (cf.  Fig.  lb 
at  temperatures  below  660  K)  we  examine  the  DSC  data  at  temperatures  from  620  K 
to  660  K.  The  integrated  enthalpy  release  multiplied  by  the  rate  of  enthalpy  release 
as  a  function  of  reciprocal  temperature  for  this  data  is  fit  to  a  straight  line.  We  find 
an  averaged  interdiffusion  constant  D  =  DQ  exp(-E/kT),  with  activation  energy  E  = 

1.35  i  0.1  eV  and  D0  within  an  order  of  magnitude  of  8.1  x  10“^  cm2/sec.  A  similar 
f*t  performed  on  the  DSC  data  for  the  Ni/Zr  composite  of  Fig.  1  results  in  an 
activation  energy  of  0.97  ±  O.leV,  and  D0  within  an  order  of  magnitude  of  1.4  x  10"6 

cm2/sec.  The  large  error  in  the  determination  of  the  prefactor  DQ  is  due  to  the 

difficulty  in  estimating  the  interfacial  area  in  the  deformed  composites.  At  600  K 
the  calculated  average  interdiffusion  constant  in  growing  Ni-Ti  amorphous 

interlayer  is  =  3.5  x  10'16cm2/s,  as  compared  to  =  9.5  x  10'15cm2/s 

at  600  K.  The  observed  activation  energy  for  the  initial  interdiffusion  of  Ni  and  Ti 
through  the  amorphous  phase  is  significantly  greater  than  that  for  the  initial 
interdiffusion  of  Ni  and  Zr  through  the  amorphous  phase  (1.35  versus  0.97). 
These  activation  energies  are  similar  to  those  observed  for  diffusion  of  Ni  atoms 
in  a-Ti  and  in  a-Zr[30-32]. 

The  observed  difference  in  growth  rates  in  the  Ni/Zr  composites  and  the  Ni/Ti 
composites  appears  to  severely  limit  the  amount  of  amorphous  material  that  can 
be  grown  by  means  of  solid  state  amorphization  reactions  in  the  Ni-Ti  system. 
Utilizing  our  calculation  of  the  averaged  interdiffusion  constant,  we  estimate  the 
maximum  thicknesses  of  amorphous  material  which  could  be  grown  In  our  Ni/Ti 
composites  before  the  formation  of  equilibrium  compounds  (c.g.  grown  upon 
heating  to  660  K  in  Fig.  lb)  to  be  less  than  approximately  70  A,  more  than  an  order 
of  magnitude  smaller  than  the  limiting  thickness  (  1000  A)  experimentally 
observed  in  Ni/Zr  composites.  The  relatively  small  thickness  of  amorphous 
material  which  can  be  grown  by  solid  state  reaction  in  the  Ni-Ti  system,  combined 
with  the  indication  that  a  disordered  Interface  such  as  that  produced  by 
mechanical  deformation  facilitates  these  reactions,  may  provide  some  explanation 
for  the  relatively  high  degree  of  success  experienced  in  the  production  of 
amorphous  Ni-Ti  by  means  of  ball  milling(33-371.  Mechanically  deforming 
powders  by  means  of  ball  milling  would  most  probably  produce  disordered 
interfaces.  The  continual  creation  of  new  Ni/Ti  Interfaces,  and  the  relatively  low 
temperatures  produced  in  the  bait  mitt,  allows  for  short  diffusion  distances.  Thus 
solid  state  amorphization  reactions  may  run  under  these  conditions  while  being 
frustrated  in  a  more  ordered  geometry  with  an  interlayer  thickness  greater  than 
approximately  ICO  A. 

We  have  Investigated  solid  state  reactions  In  mechanically  deformed 
composites  in  both  the  Ni-Ti  system  and  the  Ni-Zr  system.  We  find  indications 
that  upon  heating  these  composites  from  room  temperature  at  a  constant  rate  that 
amorphous  material  is  the  first  phase  to  grow  in  both  systems.  Amorphous 
material  grows  much  more  slowly  In  Ni/Ti  composites  than  In  Nl/Zr  composites. 
The  maximum  thickness  of  amorphous  Ni-Tl  layers  that  was  successfully  grown 
was  determined  to  be  less  than  approximately  70  A,  an  order  of  magnitude  smaller 
than  that  observed  for  Ni/Zr  diffusion  couples.  This  disparity  appears  to  stem 
from  the  difference  in  mobilities  of  Ni  atoms  in  these  two  systems. 
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ABSTRACT 

Experimental  studies  conducted  at  the  NASA  Lewis  Research  Center  on  silicon  carbide 
reaction-bonded  silicon  nitride  composite  system  (SiC/RBSN)  led  to  a  significant  observation 
regarding  their  unidirectional  tensile  properties.  It  was  found  that  transverse  stiffness  and 
strength  were  much  lower  than  those  predicted  from  existing  analytical  models  based  on  good 
interfacial  bonding.  Since  the  composite  system  was  designed  to  have  weakened  interfaces  to 
improve  toughness,  it  was  believed  that  these  weakened  interfaces  were  responsible  for  the 
decrease  in  transverse  properties. 

To  support  this  claim,  a  two  dimensional  finite  element  analysis  was  performed  for  a 
transverse  representative  volume  element.  Specifically,  the  effect  of  fiber/matrix  displacement 
compatibility  at  the  interface  was  studied  under  both  tensile  and  compressive  transverse  loadings. 
Interface  debonding  was  represented  active  gap  elements  connecting  the  fiber  and  matrix. 

The  analyses  show  that  the  transverse  tensile  strength  and  stiffness  are  best  predicted 
when  a  debonded  interface  is  assumed  for  the  composite.  In  fact,  the  measured  properties  can  be 
predicted  by  simply  replacing  the  fibers  by  voids.  Thus,  the  following  two  conclusions  are  drawn 
from  the  present  study:  (1)  little  or  no  interfacial  bonding  exists  in  the  SiC/RBSN  composite:  (2) 
an  elastic  analysis  can  predict  the  transverse  stiffness  and  strength. 


INTRODUCTION 


Background 

Ceramics  and  glasses  are  both  inherently  brittle  materials  that  tend  to  be  weak  in  tension 
but  strong  in  compression.  Fiber  reinforcements  have  been  used  to  improve  the  strength  of  these 
materials.  Ceramic  matrix  composites  (CMC)  were  first  introduced  over  fifteen  years  ago  by 
Phillips  and  his  coworkers  [1-3]  when  carbon  fibers  were  imbedded  in  several  glass  matrix 
materials.  In  these  early  composite  systems  the  stiffness  and,  more  importantly,  the  ultimate 
strength  were  significantly  higher  than  those  of  the  monolithic  matrix.  Since  the  chemical  reaction 
between  fiber  and  matrix  resulted  in  a  strong  interface,  no  change  in  the  toughness  (work-to- 
fracture)  of  these  materials  was  observed. 

To  improve  longitudinal  toughness  of  CMC,  mechanisms  including  fiber  debonding  and 
fiber  pullout  have  been  employed.  These  toughening  mechanisms  require  a  weak  interface  and 
strong  fibers  so  that  fiber/matrix  debonding  occurs  at  the  matrix  crack  tip  and  matrix  cracks 
propagate  around  instead  of  through  the  fibers.  If  the  product  of  the  fiber  strength  and  fiber 
volume  fraction  is  sufficient  to  support  the  additional  load  transferred  by  the  failed  matrix,  the 
composite  will  continue  to  support  load  under  a  reduced  stiffness,  without  catastrophic  failure. 
This  type  of  increased  toughness  has  been  observed  by  Prewo  and  Brennan  [4-6]  resulting  in 
toughened  glass-ceramic  composites.  The  development  of  these  composites  showed  that 
weakening  the  interface  can  significantly  increase  the  toughness  of  these  composites.  A  modified 
or  weakened  interface  is  obtained  by  preventing  fiber-matrix  chemical  interactions  by  either  (1) 
chemically  treating  the  fiber  surface  or  (2)  natural  formation  of  a  carbon-rich  interface  from 
excess  carbon  in  the  fiber.  With  these  modified  interfaces,  many  new  composite  systems  with 
enhanced  longitudinal  toughness  and  ultimate  strain  have  been  developed  [7-9]. 
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Since  structural  applications  of  ceramic  composites  will  invariably  involve  multiaxial 
loading,  the  transverse  behavior  of  these  materials  must  also  be  considered.  In  nearly  all  laminate 
designs,  individual  plies  are  subjected  to  loads  parallel  and  perpendicular  to  the  fiber  direction. 

Recently,  the  development  of  some  CMC  has  included  experimentally  evaluation  of 
transverse  strength  and  stiffness  of  unidirectional  laminates.  These  test  results  show  a  significant 
decrease  in  transverse  properties  from  those  expected  for  well-bonded  fiber  and  matrix.  It  is 
believed  that  a  weak  or  debonded  interface  condition  is  responsible  for  the  reduction  of  transverse 
properties. 

To  obtain  a  comprehensive  design  methodology  applicable  to  CMC,  a  means  to  estimate 
the  transverse  strength  and  stiffness  of  each  ply  is  necessary.  Models  that  predict  the  effects  of 
debonded  interface  on  composite  behavior  are  vital  to  the  development  of  structural  components 
made  from  ceramic  composites.  However,  for  this  project ,  the  immediate  needs  require 
composite  models  that  assume  a  weakened  or  debonded  interface  so  that  the  observed  reduction  in 
transverse  strength  and  stiffness  may  be  confirmed. 


PREDICTIVE  MODELS 

Closed-Form  Models  for  Well-Bonded  Interface 

The  elastic  properties  can  be  predicted  from  the  constituent  properties  using 
micromcchanks  applied  to  a  representative  volume  element  (RVE).  These  approaches  provide 
closed-form  algebraic  estimates  for  the  composite  elasticpropcrties  assuming  that  the  fiber  and 
matrix  are  perfectly  bonded.  The  effective  properties  of  fiber  reinforced  composites  were  initially 
formulated  using  me  RVE  approach  by  Hashin  and  Rosen  (10).  Variations  on  this  technique 
have  been  derived  by  Tsai  and  Hahn  (111,  and  Christensen  ( 12).  According  to  Tsai  and  Hahn, 
the  equations  to  pwrfiet  the  elastic  moduli  of  composite  can  be  summarized  as 

cTiTiS  •V-''.)  (1> 

where  P,  Pf  and  Pm  are  the  composite,  fiber  and  matrix  properties,  respectively.  Cf  and  Cm  are 
fiber  and  matrix  volume  fractions,  respectively.  The  stress  partitioning  parameter,  q(>,  is 
dependent  on  the  desired  composite  property.  There  variables  are  suinmarucd  in  Table  l,  where 
the  fiber  is  assumed  to  be  isotropic. 


Table  I  -  Variables  for  Equation  I. 
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Note  that  Eqs  2a  and  2b  above  are  identical  to  the  mle-of-mixtures  formulation.  The  elastic 
constants  of  Eqs.  2a-2e  can  be  used  to  calculate  the  transverse  modulus  and  transverse  Poisson's 
ratio  as 


E22  = 


4*2023 


k,  +G 


23 


E11 


(20 


V23  =  ^  •  1  at. 

Another  popular  method  for  estimating  the  transverse  modulus  has  been  developed  by 
Hal  pin  and  Tsai  [13].  This  closed- from  semi-empirical  equation  is  an  approximation  to  a  more 
rigorous  micromechanics  analyses.  It  has  been  shown  to  work  especially  well  for  low  fiber 
volume  fraction  composites.  The  Halpin-Tsai  equation  for  transverse  modulus  is  given  as 


e22  = 


1  +  ^Ticf' 
1  -  11  cf 


where 


5  =  2  for  cylindrical  fibers 


(3a) 


(3b) 


In  comparison  to  actual  composite  data,  the  Halpin-Tsai  equation  usually  overestimates  the 
transverse  modulus.  [13] 

In  general,  existing  micromechanics  models  agree  reasonably  well  with  experimental 
results  for  composites  having  well-bonded  interfaces.  For  composites  with  de bonded  interfaces 
the  existing  models  may  not  accurately  predict  the  effective  elastic  properties  due  to  the  loss  of 
displacement  continuity  between  fiber  and  matrix.  For  example,  when  Eqs  2  and  3  are  applied  to 
the  SiC/RBSN  system  that  has  a  weakly  bonded  interface,  the  experimental  transverse  elastic 
properties  are  not  accurately  estimated,  as  illustrated  in  Table  II.  While  it  is  assumed  that 
frictional  forces  maintain  interface  continuity  under  longitudinal  loadings,  the  debond ed  interface 
has  a  significant  effect  on  the  transverse  load-displacement  behavior. 

When  the  interfaces  are  well-bonded,  the  transverse  load-displacement  behavior  and 
effective  elastic  properties  can  be  formulated  in  closed  form  by  application  of  classical  elasticity 
theory.  However,  when  the  interface  is  debonded,  the  problem  is  much  more  complex:  In 
addition  to  the  elastic  behavior  of  the  fiber  and  matrix,  the  loss  of  fiber-matrix  displacement 
continuity  results  in  a  finite-area  contact  problem.  The  problem  is  also  compounded  when  the 
effects  of  friction  are  included  at  the  region  of  fiber-matrix  contact.  A  schematic  representation  of 
this  problem  is  depicted  in  Figure  1.  The  purpose  of  this  analysis  is  to  re-evaluate  the  transverse 
load-displacement  behavior  of  the  RVE,  assuming  a  debonded  interface,  and  a  corresponding  loss 
of  fiber-matrix  compatibility. 

Finite  Element  Model  for  Debonded  Interface 

While  it  may  be  possible  to  derive  an  analytical  solution  to  the  debonded  interface 
problem,  the  resulting  equations  would  be  non-linear  and  not  in  closed-form,  requiring  an 
iterative  numerical  solution  to  obtain  the  final  load-displacement  behavior.  To  efficiently  solve 
this  problem,  a  finite  element  approach  has  been  used  to  determine  the  transverse  load- 
displacement  behavior.  In  this  analysis,  transverse  ply  strength  and  stiffness  for  the  SiC/RBSN 
composite  system  are  studied  to  verify  if  debonded  interfaces  are  responsible  for  the  loss  of 
transverse  properties. 
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elastic 

constant 

experiment 

[14] 

stress  part. 
Eqs.2,3 

En(GPa) 

193 

197.0 

V12 

0.21 

0.205 

Gl2(GPa) 

31 

64.2 

E22  (GPa) 

69 

138.9 

163.9* 

*  Halpin-Tsai  estimate  for  £22.  Eq.  3 


Table  II  -  Experimental  vs.  predicted  elastic 
moduli  for  SCS-6/RBSN  composite. 


(*) 


well  bonded  well  bonded 

tension  compression 


(b) 


de  bonded  debonded 

tension  compression 


Figure  1  -  Composite  behavior  under 
transverse  loads. 


A  representative  volume  element  was  developed  based  on  the  fiber  and  matrix  properties, 
reinforcement  geometry  and  the  type  of  load-displacement  behavior  to  be  studied.  To  model 
transverse  behavior,  the  cross-section  of  the  composite  shown  in  Figure  2a  is  considered.  This 
distribution  may  be  idealized  as  a  perfectly  squaic  packed  fiber  array  (Figure  2b)  [10-12]  and  the 
corresponding  RVE  geometry  is  given  by  Figure  2c.  This  RVE  of  unit  depth  employs  a  circular 
fiber  embedded  in  a  square  of  matrix  material.  Transverse  loading  is  applied  by  a  uniform 
horizontal  displacement  applied  along  the  vertical  boundaries  of  the  RVE.  Adjacent  RVE 
compatibility  is  ensured  by  coupling  both  vertical  displacements  of  the  horizontal  boundary 
surfaces  and  horizontal  displacements  of  the  vertical  boundary  surfaces  to  a  uniform  value  in  each 
direction,  respectively.  This  coupling  will  cause  the  RVE  boundaries  to  remain  straight  and 
square  during  the  applied  loading.  From  the  resulting  load-displacement  behavior,  the  effective 
transverse  modulus  can  be  extracted.  Under  the  same  loadings,  the  principal  stresses  developed 
in  the  matrix  can  be  used  to  predict  the  transverse  strength. 


(a) 


(b) 

Figure  2  -  Idealisation  of  SiCIRBSN  fiber  array. 
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Constituent  Properties 


TABLE  III  -  Constituent  properties  for 
SiCIRBSN  system. 


property 

Avco  SCS-6 

SiC  fiber 

Reaction 
bonded 
SrtNa  matrix 

E(GPa) 

400 

110 

420  (sheath) 

134  (core) 

V12 

0.2 

0.22 

an  (10^/0°) 

4.3 

4.5 

od'nCMPa) 

3800 

84 

The  fiber  used  in  the  SiC/RBSN 
composite  is  an  Avco  SCS-6  silicon  carbide  fiber. 
The  fiber  mechanical  data,  presented  in  Table  III, 
has  been  either  provided  by  the  manufacturer  [  1  S| 
or  estimated  frtxn  other  material  data  sources  {16). 
The  matrix  used  in  the  model  composite  system  is 
made  of  reaction-bonded  silicon  nitride.  "This 
composite  fabrication  process,  described 
elsewhere  [14,17-18].  The  matrix  strength  and 
stiffness  has  also  been  reported  by  tensile  testing 
of  monolithic  reaction-bonded  SijN<  [14].  These 
data  are  included  in  Table  QI.  For  this  composite, 
little  has  been  reported  on  the  mechanical  behavior 
of  the  interface.  Since  the  macroscopic  tensile  test 
of  the  unidirectional  laminate  indicates  a  definite 
matrix  cracking  behavior,  it  is  assumed  that  the 
interface  can  debond  during  stressing. 


Finite  Element  Model  Development 


The  RVE  geometry  in  Figure  2c  has  been  selected  to  model  the  mechanical  behavior  of  the 
SiC/RBSN  composite.  All  phases  in  the  RVE  have  a  unit  depth  in  the  fiber  direction,  and  the 
stress  analysis  is  performed  under  conditions  of  plane  strain.  To  exploit  symmetry  of  the 
problem,  the  RVE  is  divided  into  four  quadrants  as  a  result  of  the  symmetry  of  geometry  and 
applied  load.  The  RVE  quadrant  is  shown  in  Figure  3.  The  quadrant  is  composed  of  three  distinct 
regions  representing  the  fiber  core,  fiber  sheath  and  matrix,  where  each  has  different  material 
constants. 

The  ANSYS  finite  element  package  is  used  to  generate  the  RVE  model.  The  mesh  for  the 
RVE  model  is  illustrated  in  Figure  4.  The  solid  portions  of  the  model  that  include  the  fiber  core, 
fiber  sheath  and  matrix  regions  are  represented  by  four  node,  2-D  isoparametric  plane  strain 
elements. 

A  series  of  coincidental  node  pain  were  generated  along  the  interface  to  model  the 
discontinuous  displacement  behavior  of  the  fiber  and  matrix  under  transverse  loads.  Each  pair  of 
coincidental  nodes  are  connected  by  a  2-D  gap  element  which  characterizes  the  behavior  of  the 
debonded  interface.  This  element  is  defined  by  two  nodes,  which  are  initially  coincident,  and  an 
angle  which  defines  the  tangential  direction  of  the  slip  plane.  When  the  nodes  are  in  contact, 
compressive  nodal  force  components  normal  to  the  slip  surface  are  transferred  across  the  element. 
When  not  in  contact,  no  loads  are  transferred  through  the  element.  Loads  parallel  to  the  defined 


Ccore 
SiC  sheath 
interface 
RBSN  matrix 


Figure  3  -RVE  quadrant  for  SiCIRBSN  composite. 


slip  surface  may  also  be  transferred  between  gap  element  nodes  by  Coulomb  friction  when  a  non¬ 
zero  friction  coefficient  is  defined  as  an  element  material  property  .The  final  step  of  the  FE 
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modeling  process  required  definition  of  three  RVF,  boundary  conditions.  Since  quarter-symmetry 
was  assumed  for  the  finite  element  mesh,  special  displacement  boundary  conditions  must  be 
generated  along  the  symmetry  surfaces  OA  and  OA1  of  Figure  3.  This  symmetry  condition 

prevents  nodal  displacements  in  directions  normal 
to  the  respective  surfaces.  For  example,  nodes 
along  boundary  OA  were  fixed  against  U3 
displacements,  but  free  to  move  in  the  2 
directions.  Likewise,  nodes  along  boundary  OA' 
were  fixed  against  13  displacement  but  free  to 
translate  in  the  3  direction.  The  second  applied 
boundary  condition  insured  material  compatibility 
with  adjacent  RVE  by  maintaining  the  outer 
boundaries  as  straight  lines.  This  is  accomplished 
by  coupling  of  the  U3  displacements  of  all  nodes 
along  the  boundary  A’B  and  coupling  of  U2 
displacements  of  all  nodes  on  the  boundary  AB, 
each  to  a  common  free  value,  respectively.  The 
last  boundary  condition  is  used  to  apply 
transverse  loads  to  the  RVE.  Transverse  loads  are 
applied  by  a  uniform  U2  displacement  (strain)  of 
nodes  along  the  vertical  outer  boundary  AB. 
Transverse  tensile  loads  are  generated  by  a 
positive  U2  displacement  (to  the  right),  while 
compressive  loads  are  accomplished  by  negative 


Figure  4  -Finite  element  mesh  for  RVE 


U2  displacements  (to  the  left). 


RESULTS 

Transverse  Modulus 

Stresses,  displacements  and  element  areas  from  the  finite  element  analysis  were  generated 
and  used  to  predict  E22  and  V23  using  Eqs  4.  Since  the  unidirectional  composite  is  transversely 
isotropic,  it  was  assumed  drat  the  transverse  modulus  in  the  2  and  3  directions  are  equivalent  (i.e., 
E22  =  E33).  The  average  strains  in  the  1, 2  and  3  directions  are  then  expressed  in  terms  of  the 


average  stresses 

-  _  1  -  V12- 

e«  eT7  a'  '  E^  02 ' 

vi2  s, 

E22  3 

(4a) 

1  -  V12  - 

£2  =  I£  02  -  EiT  a‘  ■ 

V21 

E22  3 

(4b) 

1  -  V12  - 

£3=15  *  ETT  01 ' 

V23  - 
E22  °2 

(4c) 

where  the  over  bar  indicates  the  value  averaged  over  the  volume  of  the  RVE . 

For  the  condition  of  plane  strain  (?)  =  0 )  and  a  uniaxial  transverse  load  applied  in  the  X2 
direction  ( 83  =  0 ),  Eqs.  4  can  be  solved  for  E22  and  V23: 


E22  =  ( 1  +  v2  3) 

T2  -  T3 

(5a) 

E2  -  T3  -  Ul  V12/E11 

V23  — 

Xz  +  "81  V12  /  E|| 

(5b) 

The  normal  stresses  averaged  over  the  RVE  volume  were  calculated  using  the  ANSYS 
post-processor.  The  average  stresses  are  required  because  uniform  displacements  imparted  to  the 
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boundary  of  the  heterogeneous  RVE  will  result  in  non-uniform  tractions  along  the  boundary 
surface.  Average  stress  in  three  dimensions  is  given  by  the  following  integral 


Xj)dv 


(6) 


where  the  v  and  V  represent  the  incremental  and  total  volume  of  the  applied  stresses  along  the 
boundary  surface,  respectively.  Since  the  finite  element  modeling  process  discretely  divides  the 
model  into  a  series  of  homogeneous  elements,  the  integral  of  Eq.  6  is  approximated  by  a 
summation  of  stresses  over  all  the  elemental  volumes  of  the  RVE  model. 

In  Eqs.  5,  Eh  and  V12  ate  approximated  by  the  rule-of-mixtures  formulation,  as 
expressed  by  Eqs.  2.  The  average  strains  £2  and  £3  are  calculated  by  the  applied  uniform 
displacements  U20  and  U30  on  the  boundaries  AB  and  A'B,  respectively 


*2  = 


U2° 

m 


and  £3  = 


U3° 


b/2 


(7) 


The  tensile  stress-strain  behavior  of  the  RVE  finite  element  model  was  obtained  by 
imparting  a  uniform,  positive  U20  displacement  at  all  nodes  along  the  boundary  AB  to  obtain  a  £2 
strain  of  ±0.001.  The  U30  displacement  was  generated  by  the  Poisson  effect  of  the  U2°  load.  To 
obtain  a  uniform  U30  displacement,  the  U3  displacements  of  all  nodes  were  coupled  in  the  finite 
element  program.  This  coupling  faces  boundary  A'B  to  remain  straight  ensuring  displacement 
compatibility  with  neighboring  RVE's.  These  results  were  processed  by  Eqs.  4  to  obtain  the 
effective  transverse  modulus  under  tensile  loading.  Both  well-bonded  and  debonded  interfaces 
were  considered. 

The  case  of  a  perfectly  bonded  interface  was  evaluated  as  a  benchmark  for  checking  the 
accuracy  of  the  finite  element  mesh  and  the  validity  of  Eqs.  5  by  comparing  results  to  the  existing 
micromechanics  models.  The  compatibility  of  the  fiber  and  matrix  displacements  was  ensured  by 
merging  the  interface  gap  elements.  The  fiber  volume  fraction  was  varied  from  10  to  50%  by 
adjusting  the  location  of  the  comer  nodes  A,  B  and  A’.  Load-induced  displacements  of  the  RVE 
are  schematically  shown  in  Figure  5.  The  calculated  transverse  modulus  is  compared  with  results 
estimated  by  other  models  in  Table  IV.  The  present  results  fall  in  between  the  predictions  by  the 
two  closed-form  approximations,  thereby  assuring  the  accuracy  and  validity  of  this  model. 

Table  TV  -  Transverse  modulus  (in  GPa) 
of  well-bonded  composites  under  tensile 
load. 


comer  nodes  A,  B  and  A'.  A  plot  of  the  debonded  RVE  displacements  under  tensile  loads  is 
shown  in  Figure  6. 

Bhatt  and  Phillips  have  proposed  that  the  transverse  modulus  can  be  estimated  using  the 
micromcchanics  relation,  Eqs.  3,  where  the  fiber  modulus  Ef  is  zero  [14].  The  calculated 
transverse  elastic  modulus  with  a  debonded  interface  is  compared  to  the  estimate  by  Eqs.  3  with 
Ef  ■  0  as  well  as  with  the  experimental  value  in  Table  V.  The  prediction  by  the  RVE  finite 
element  model  is  even  lower  than  that  by  the  modified  Halpin-Tsai  equation,  indicating  that  a 
debonded  interface  can  completely  nullify  the  load  carrying  capability  of  the  fibers.  Moreover 
both  predictions  are  not  too  far  from  the  measured  value.  This  it  is  concluded  that  the 
unexpectedly  low  transverse  modulus  of  SiC/RBSN  is  the  result  of  interfacial  debonding  in  the 
composite. 


fiber 

vol% 

Eqs.  2 

Eqs-T 

rveFEa 

Results 

10 

112.9 

126.2 

121.9 

20 

125.2 

144.1 

135.3 

30 

139.2 

163.9 

150.4 

40 

155.5 

186.0 

167.9 

50 

174.7 

210.7 

188.5 

It  has  been  noted  in  the  previous 
experimental  study  of  SiC/RBSN  that  the 
measured  transverse  modulus  under  tensile  load  is 
considerably  lower  than  that  predicted  by 
assuming  a  perfectly  bonded  interface  [14,18].  It 
is  believed  that  this  loss  in  transverse  modulus  is  a 
direct  result  of  debonding  between  the  fiber  and 
matrix.  The  case  of  a  debonded  interface  was 
evaluated  by  using  active  interface  gap  elements  to 
model  the  decoupled  displacements  of  the  fiber 
and  matrix.  The  fiber  volume  fraction  was  varied 
from  10  to  50%  by  adjusting  the  location  of  the 
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Figure  5  -  RVE  displacements  for  well- 
bonded  interface  under  normal  tensile  loads 
transverse  to  fiber  (dashed  lines  define 
unloaded  shape). 


Figure  6  -  RVE  displacements  for  debonded 
interface  under  normal  tensile  loads 
transverse  to  fiber  (dashed  lines  define 
unloaded  shape). 

The  RVE  finite  element  model  was  used 


Table  V  -  Transverse  modulus  (in  GPa)  of  again  to  calculate  the  effective  transverse  modulus 

under  compressive  loading.  Since  the  modulus 
would  be  the  same  in  both  tension  and 
compression  when  the  interface  bonding  is 
perfect,  only  the  case  of  a  debonded  interface  was 
considered  to  be  of  importance.  Although 
experimental  data  for  transverse  compressive 
modulus  was  not  available,  the  modeling  was 
performed  to  estimate  the  performance  of  the 
composite  under  transverse  compressive  loading. 
As  illustrated  by  both  experiment  and 
analysis,  the  transverse  modulus  under  tension  is  reduced  greatly  in  the  presence  of  dcbondlng 
between  the  fiber  and  matrix.  Under  a  tensile  load,  the  fiber  separates  from  the  matrix  at  the 
interface  location  having  a  tangent  perpendicular  to  the  applied  load  and  the  contribution  of  the 
fiber  to  the  composite  transverse  modulus  becomes  negligible.  Under  a  compressive  load, 
however,  the  fiber  and  matrix  are  still  in  contact  at  this  point,  allowing  the  fiber  stiffness  to 
contribute  to  the  transverse  modulus.  Therefore,  the  transverse  modulus  under  compression  is 
expected  to  be  higher  than  under  tension,  Table  VI.  RVE  displacements  under  compression  are 
schematically  shown  in  Figures  7  and  8  for  well-bonded  and  debonded  interfaces,  respectively. 

In  the  actual  SiC/RBSN  composite  system,  the  effects  of  thermal  mismatch  and  interfacial 
friction  coefficient  may  influence  the  predicted  transverse  modulus  if  a  debonded  interface  is 
resent.  For  example,  when  the  CTE  of  the  fiber  is  less  than  that  of  the  matrix,  as  in  the 
iC/RBSN  composite,  cooldown  from  the  processing  (stress-free)  temperature  will  result  in 
compressive  normal  stresses  due  to  fiber-matrix  mismatch.  This  interference  will  cause  the  fiber 
and  matrix  to  remain  in  contact  until  a  sufficient  boundary  displacement  is  applied  to  overcome  the 
mismatch.  This  condition  may  result  in  a  transverse  modulus  that  is  dependent  upon  the 
magnitude  of  the  applied  load.  When  the  fiber  and  matrix  are  in  contact,  the  matrix  load  is 
transferred  to  the  fiber  by  shear  stresses  that  result  from  Coulomb  friction.  Conversely,  load 
transfer  from  the  matrix  to  the  fiber  under  compressive  composite  loadings  may  be  accomplished 
by  both  normal  and  shear  stresses  developed  at  the  interface.  In  both  load  cases,  the  degree  of 
load  transfer  by  shear  is  dependent  upon  motion  coefficient,  load  magnitude  and  direction,  and 


contact  area. 

Variations  of  thermal  expansion  mismatch  and  interface  friction  coefficient  were  studied 
using  the  finite  element  model.  The  details  of  this  work  are  presented  elsewhere  [  19).  These 
results  indicate  that  transverse  modulus  under  both  tensile  and  compressive  loads  are  not 
significantly  influenced  by  either  thermal  mismatch  or  friction  coefficient,  Table  VII. 
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Figure  7  -  RVE  displacements  for  well- 
bonded  interface  wider  normal  compressive 
loads  transverse  to  fiber  ( dashed  lines  define 
unloaded  shape). 


Table  VI  -  Transverse  modulus  (in  GPa)  for 
debonded  composite  under  compressive 
loads. 


fiber 

voi% 

(Ef-0) 

EqT4 

Ef*0) 

KVEfeA 

Results 

10 

94.3 

126.2 

115.0 

20 

80.0 

144.1 

119.5 

30 

67.0 

163.9 

123.7 

40 

55.0 

186.0 

127.4 

50 

44.0 

210.7 

130.4 

Table  VII  -  Transverse  Modulus  (in  GPa)  for 
debonded  interfaces  as  a  function  of  interface 
friction  coefficient. 


Figure  8  -  RVE  displacements  for  debonded 
interface  under  normal  compressive  loads 
transverse  to  fiber  (dashed  lines  define 
unloaded  shape). 

Finally,  the  effects  of  interface  on 
transverse  Poisson’s  ratio  of  SiC/RBSN  were 
studied.  In  tins  analysis  only  tensile  loads  were 
applied  to  the  RVE  with  debonded  interfaces. 
Values  of  V23  were  calculated  usinf  Eq.  5b  applied 
to  the  FEA  results  are  given  in  Table  VIII.  The 
well-bonded  interface  FE  results  agiee  with  the 

close-form  predictions,  (vy  =  0228  to  V23  = 

032,  respectively),  the  debonded  interface  will 
result  in  a  Poisson's  ratio  that  decreases  with 
increasing  fiber  volume  fractions.  Atpresent.no 
data  is  available  to  confirm  these  numerical  results. 

Table  VIII  -  Transverse  Poisson's  ratio  for 
debonded  SiC/RBSN  under  tension  as  a 
function  of  volume  fraction. 


friction 

coef. 

kVEFET" 

results 

(tension) 

— KVEFET" 

results 

(compression) 

0.0 

56.9 

123.7 

0.2 

57.0 

127.3 

0.5 

57.1 

137.2 

1.0 

57.2 

147.2 

■ 

volume 

fraction 

- KTCTCa 

debonded 

s 

10 

.273 

w 

20 

.251 

II 

30 

.219 

40 

.184 

1 

50 

.146 

TraicygaeJUltimare  Strength 

Transverse  ultimate  strength  of  CMC  cannot  be  predicted  using  a  simple  rule-of-mixtures 
based  expression  like  that  of  Eqs.  2  or  3.  Unlike  longitudinal  strength,  transverse  strength  is 
controlled  by  numerous  properties  that  include  constituent  properties,  interface  bond  strength  and 
residual  stresses.  To  estimate  transverse  strength,  the  total  contribution  of  these  properties  must 
be  considered. 

If  the  fiber  and  matrix  are  weakly  bonded  or  debonded,  the  transverse  strength  can  be 
estimated  by  assuming  the  debended  fibers  to  be  cylindrical  holes  in  the  matrix.  Based  upon  this 
assumption,  a  closed-form  expression  for  transverse  strength  [20]  may  be  given  as 


\ 
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This  equation  has  been  applied  to  the  SiC/RBSN  composite,  where  Cf  =  0.3  and  O  muJ|rj, 
*  84  MPa,  obtaining  a  transverse  ultimate  strength  of  02  3  32  MPa.  This  agrees  closely  with 
the  experimental  strength  of  27  MPa.  While  Eq.  8  provides  a  reasonable  estimate  of  the 
transverse  strength  of  weak  interface  composites  under  tensile  loads,  die  effects  of  strong 
interfacial  bonding  and  compressive  loadings  are  not  well  understood.  It  is  not  possible  to  derive 
a  simple,  closed  form  solution  for  the  stress  state  in  a  transverse  RVE  with  debonded  interface. 

A  finite  element  model  of  the  RVE  is  used  to  determine  die  transverse  strength  of  the 
SiC/RBSN  composite.  The  transverse  strength  of  the  SiC/RBSN  composite  is  predicted  under 
tensile  and  compressive  loads  for  well-bonded  and  debonded  interfaces.  The  results  from  the 
debonded  interface  case  under  tension  were  compared  to  the  experimentally  measured  tensile 
strength  of  the  unidirectional  30%  SiC/RBSN  composite  to  confirm  that  debonded  interfaces  are 
present.  The  other  interface  and  loading  conditions  are  included  without  correlation  for 
completeness. 

Analysis  of  all  four  interface/loading  conditions  employed  a  maximum  principal  stress 
failure  criterion  for  the  matrix  phase.  After  the  load  is  applied,  the  maximum  principal  stress.  S>, 
developed  at  each  element  in  die  matrix  was  evaluated.  The  maximum  principal  tensile  stress  value 
generated  in  the  matrix.  S'nux.  was  then  divided  by  the  nominal  composite  transverse  stress  to 
obtain  a  stress  scaling  factor,  K  =  S'ma*  /02 .  It  is  proposed  that  when  S,max  is  equal  to  the 
ultimate  tensile  strength  of  the  matrix,  the  composite  fads.  Therefore,  the  transverse  strength  of 
the  composite  is  given  by 


n,  =  — —  jnitrn  _  n  ah  .  _ 3?L_ 

°2  K  0  matrix  «i  W 

b*nax 

The  stresses  generated  from  the  transverse  modulus  analysis  were  used  10  predict  the 
transverse  tensile  strength.  The  transverse  strengths  predicted  by  the  RVE  finite  element  results 
and  Eq.  9  are  given  in  Table  IX. 

For  a  well-bonded  interface  under 
transverse  tension  the  predicted  value  is  more  than 
twice  the  measured  strength  of  27  MPa. 

Therefore,  the  interfaces  are  probably  not  well- 
bonded.  When  a  debonded  interface  under 
transverse  tension  was  modeled  the  predicted 
transverse  strength  is  only  23.2  MPa.  This 
prediction  is  in  dose  agreement  with  the  measured 
strength  of  27  MPa.  Therefore  it  is  concluded  that 
the  interfaces  are  debonded  and  that  the  present 
modeling  approach  appears  to  predict  transverse 
tensile  strength  reasonably  well.  Transverse 
compressive  loads  were  also  considered.  Using 
the  stress  results  from  the  transverse  modulus  prediction  for  compressive  loads,  the  same 
maximum  principal  stress  failure  criterion  was  applied  to  the  matrix.  The  compressive  strengths 
of  both  matrix  and  the  composite  have  not  been  measured  to  date,  therefore  the  predictions  for 
compressive  loading  cannot  be  verified.  However,  the  results  can  be  used  to  estimate  the  likely 
effect  of  interface  debonding  00  transverse  compressive  strength. 

For  compressive  transverse  loads  applied  to  a  composite  with  a  well -bonded  interface,  the 
predicted  transverse  compressive  strength  is  420  MPa.  Failure  of  the  composite  under 
compressive  loading  is  the  result  of  tensile  failure  in  the  matrix-Under  the  same  loading,  the 
transverse  strength  of  a  debonded  interface  was  189.8  MPa,  providing  a  stress  scaling  factor  of 
1.48,  and  hence  result  in  a  transverse  compressive  strength  of  56.5  MPa.  This  compressive 
strength  is  about  twice  the  measured  transverse  tensile  strength  of  27  MPa. 


Table  IX.  Predicted  transverse  strength. 


interface  condition/load 

predicted 
strength,  ©2 
(MPa) 

well-bonded/tension 

63.6 

debonded/tension 

23.2 

well-bonded/compression 

420 

de  bonded/compression 

56.5 
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CONCLUSIONS 

The  transverse  elastic  modulus  is  accurately  predicted  by  the  RVE  finite  element  analysis 
fall  within  the  range  predicted  by  some  of  the  existing  micromechanical  models  when  interfacial 
bending  is  good.  Therefore,  the  RVE  finite  element  model  is  properly  configured  and  the 
analysis  is  valid.  When  the  interface  is  debonded,  the  analysis  indicates  that  the  direction  of 
loading  will  influencethe  transverse  modulus.  Under  tensile  loads  normal  to  the  RVE,  the  fiber 
and  matrix  separate  along  a  line  through  the  RVE  center  parallel  to  the  load.  This  discontinuity 
prevents  fiber-matrix  interactions,  and  renders  the  transverse  modulus  to  be  dependent  mostly  on 
the  matrix.  The  predicted  tensile  transverse  modulus  for  a  debonded  interface  is  IS  to  70%  of  that 
for  well-bonded  interface,  with  the  difference  increasing  with  increasing  fiber  volume  fraction.  In 
fact,  the  Halpin-Tsai  Equation  with  Ef »  0  agrees  reasonably  well  with  the  RVE  finite  element 
results,  and  may  be  used  to  estimate  the  transverse  modulus  under  tensile  loads  in  composites 
with  debonded  interfaces. 

When  compressive  transverse  loads  are  applied  to  the  composite,  the  fiber  and  >  latrix 
maintain  contact  over  most  of  the  interface.  Hence,  the  fiber  carries  much  more  load,  and  the 
predicted  transverse  modulus  is  significantly  higher  than  that  under  tension.  In  fact,  E22  of  a 
debonded  interface  composite  is  up  to  60  to  90%  of  that  for  the  same  composite  having  a  wcll- 
bonckd  inte^tce.  Again,  the  difference  increases  with  increasing  fiber  volume  fraction. 

The  effect  of  thermal  mismatch  appears  to  have  little  effect  on  both  the  tensile  and 

small  differences  in  the  fiber  and  matrix  CTEs.  If  the  CTEsarc  significantly  different^  it  is 
expected  that  therma’  mismatch  will  have  more  effect  on  the  transverse  modulus,  Tne  value  of 
interface  fraction  coefficient  dees  not  change  the  indicted  transverse  modulus  under  tensile  loads. 
Hov  ,vcr,  Ej2  under  compress  /e  loads  shows  some  dependence  on  friction  coefficient. 

Changing  the  friction  coeffic1'  t  from  0.0  to  1.0  increases  the  predicted  transverse  modulus  by 
about  15%  In  the  SK7RBSN  system. 

I  kc  the  results  obtained  for  Em,  the  RVE  finite  element  model  predicts  a  significant 
decrease  in  transverse  Poisson's  ratio  when  the  interface  is  debonded.  Reductions  down  to  60% 
of  vy  from  the  wdl-oondrd  esse  ere  predicted.  Although  the  present  predictions  seem 
reasonable,  experimental  comaatiof.  <s  needed  to  verify  their  validity  for  the  S1C/RBSN  composite 
under  compressive  leads. 

Transverse  tensile  strength  of  CM”  with  debonded  interfaces  can  be  estimated  by  a  simple 
closed-form  solution.  This  model  cannot  predict  the  effect  of  well-bonded  interfaces,  nor  the 
strength  under  compressive  loads.  To  resolve  this,  a  finite  element  model  has  been  used  to 
predict  the  RVE  stress-statu  under  transverse  loads.  Transverse  strength  has  been  predicted  using 
a  maximum  principal  stress  criteria  (based  on  the  h"ik  matrix  strength)  applied  to  the  finite 
element  model .  when  compared  to  die  limited  experimental  data,  the  finite  dement  approach 
predicts  the  expeHmrsiud  transverse  tensile  strength  *  ‘th  good  accuracy,  provided  a  debonded 
interface  Is  assumed.  The  result  indicate  that  debonded  interfaces  will  reduce  the  transverse 
tensile  strength  by  *bdut  60%  10  23.2  MPa,  fror  63.6  MPa,  Likewise,  the  transverse 
compressive  strength  will  alsr  decrease  by  nearly  86%,  to  56.5  MPa,  from  •  26  MPa.  From  these 
analytical  estimates,  it  is  ctear  that  there  are  signir  rant  reductions  in  i.ansverse  strengths  when  the 
interfaces  are  weakened.  These  reductions  of  transverse  strength  must  not  be  ne  ducted  when 
weakened  interfaces  are  used  to  improve  die  ir  -'todloai  toughness  of  fiber  reinforced  CMC. 
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ABSTRACT 

Thin  coating*  deposited  on  eaxaailc  fibers  prior  to  danalfloatlon 
eaploylng  chaaieal  vapor  Infiltration  technique*  have  bean  used  to  lialt 
fiber-matrix  bonding.  Thia  ha*  resulted  in  improveuents  in  strength  and 
toughness  at  room  and  elevated  temperatures  in  Nioalon*  fiber- 
re  inf  or  ced/SiC  matrix  composite*.  The  properties  of  the  fiber-matrix 
Interface  in  flber-reinforoed  ceramic  composites  have  been  examined 
utilising  an  Indentation  method  in  which  a  standard  mlcrohardnaaa 
indentor  Is  used  to  push  on  fibers  embedded  in  the  ceramic  matrix. 
Compositions  and  microstructures  at  the  Interface  have  been  characterised 
employing  analytical  electron  microscopy.  Correlations  between 
lnterfaclal  phenomena  and  observed  mechanical  behavior  have  been  made. 


INTRODUCTION 

In  evaluating  the  mechanical  behavior  of  Nlcalon/SiC  composites 
fabricated  during  the  development  of  the  forced-flow,  temperature- 
gradient  chemical  vapor  infiltration  process  (FCVI),  both  brittle  failure 
and  ductile  composite  fracture  were  observed  in  specimens  produced  under 
similar  conditions.  A  thorough  analysis  of  the  fracture  surfaces  of  the 
composite  specimens  employing  scanning  end  transmission  slectron 
microscopy  revealed  a  thin  film  at  the  fiber-matrix  interface  of 
specimens  that  exhibited  fiber  pull-out.  No  film  could  ba  detected  in 
the  specimen*  that  failed  in  a  brittle  manner.1 

Auger  electron  apaetroscople  (AES)  analysis  of  the  fracture  surfaces 
of  the  composites  exhibiting  fiber  pull-out,  showed  the  fiber  pull-out 
grooves  to  be  oxygen  rich  and  the  fiber  surfaces  to  be  coated  with  a  thin 
carbon  film.1  In  comparison,  it  has  been  shown  that  a  carbon-rich  layar 
forma  on  tin  fiber  surface  in  Nlealon-rainforcsd  lithium  mlumlnoaUlcata 
(LAS)  glaaa-eeramle  compoaltaa  during  processing.*'*  Tha  carbon-rich 
layar  weakens  bonding  at  tha  fiber-matrix  Interface  resulting  in  a 
composite  with  high  toughness.  Tha  layer  could  not  bo  detected  In 
seaples  with  low  strength  end  low  toughness.* 

To  Improve  the  reproducibility  of  the  properties  of  Mlcalon/StC 
composites,  a  thin  pyrolytic  carbon  layer  wee  deposited  on  fibrous 
preforms  prior  to  danslflcatlon  to  provide  a  unlfem  interface.  The 
carbon  deposition  condition*  were  chosen  to  produce  a  graphitic  costing 
with  e  laminar  structure  that  lies  parallel  to  the  fibers. *'T  (Fig.  1) 
The  coatings  ware  found  to  prevent  chemical  damage  of  the  fibers  during 
processing,  as  well  as  weaken  the  fiber-matrix  interface,  enhancing  fiber 
pull-out  and  allp.***  The  coating  of  tha  flbara  with  carbon  resulted  m 
an  increaaa  In  tha  toughnaea  and  tha  ultimata  strength  of  tha  composlta 
materials;  however,  the  usefulness  of  pyrolytic  carbon  te  limited  by  its 
low  realstenca  to  oxidation.  Thatofore,  ether  fiber  costings  with 
similar  mechanical  properties  but  Improved  oxidation  resistance  wera 
examined. 


Research  sponsored  by  the  U.S.  Department  of  tnorgy,  Fossil  Energy  ARATD 
Material*  Program,  under  contract  OE-ACOS-SAOttUOO  with  Martin  Marietta 
Energy  Systems,  Inc. 
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Boron  nitride  hat  boon  enployed  ai  a  modifying  interlayer  in  various 
composite  ay a teas,* • 10  Submicrometer  boron  nitride  coatings  have  proved 

to  be  valuable  in  controlling  fiber-matrix  bonding  and  interaction  in 
zircon  and  zirconium  titanate  composites,  as  veil  as  in  other  glass 
aatrix  ays teas .  Boron  nitride  la  relatively  inert  and  has  a  greater 
resistance  to  oxidation  than  carbon.11  These  properties  combined  with 
its  graphite-like  structure  sake  it  a  potentially  excellent  alternative 
to  carbon  as  an  interlayer  in  ceraalc  composite  materials  for  service  at 
elevated  teaperatures . 

This  report  describes  a  study  of  fiber  coatings  used  to  alter  the 
fiber-aatrix  bond  and  change  the  aachanlcal  behavior  of  a  ceraalc  fiber- 
reinforced  ceraalc  aatrix  composite.  The  strength  of  the  fiber-aatrix 
bond  was  determined  using  established  indentation  methods11 .  Room  and 
elevated  temperature  flexure  strengths  and  resulting  fracture  behavior 
were  used  to  qualitatively  coapare  the  effects  of  the  various  fiber 
pre treatments.  Scanning  and  transmission  electron  aicroscopy  have  been 
used  to  characterize  the  structure  and  composition  of  the  interface 
coatings. 


Fig.  1.  TIM  micrograph  of  the  graphitic  carbon  layer  at  the 
Interface  of  a  Nlcalon/SlC  composite. 
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EXPERIMENTAL  PROCEDURES 
Composite  Fabrication 


Fibrous  preform*  were  fabricated  by  stacking  multiple  layers  of 
Nicalon  plain-weave  fabric  rotated  in  a  0*4  30*  sequence  within  the 
cavity  of  a  graphite  holder.  The  layers  were  hand  compressed  to  produce 
a  preform  with  a  nominal  loading  of  AO  vol.  %  fiber  and  were  held  in 
place  by  a  perforated  graphite  lid  pinned  to  the  holder.  The  cloth 
sizing  was  removed  through  multiple  washings  with  acetone.  Two  sizes  of 
fibrous  preforms  were  constructed,  small  disks,  45  an  in  diameter  and 
12.5  mm  thick,  and  larger  disks,  75  on  diameter  by  16  am  thick. 

Selected  preforms  were  next  precoated  with  thin  layers  of  carbon. 

The  coatings  were  deposited  from  an  argon/propylene  mixture  at  1375  K  and 
3  XPa  pressure.  The  thickness  of  the  carbon  layer  was  varied  by  changing 
the  concentration  of  the  propylene  and  was  measured  using  polarized- light 
optical  microscopy  of  cross-sections.  All  coating  times  were  two  houra. 
Control  samples  of  uncoated  fibers  were  prepared  for  comparison. 

The  boron  nitride  coatings  were  applied  to  fabric  samples  prior  to 
preform  fabrication.  The  coated  fabric  was  prepared  by  the  CVS 
Department  of  Comhurax,  Pierrelatte,  France.  BN  layers  were  deposited  on 
plain  weave  cloth  from  a  mixture  of  boron  trichloride,  ammonia,  and 
hydrogen  utilizing  proprietary  processing  conditions.  Fibrous  preforms 
were  produced  from  the  cloth  as  previously  described. 

The  preforms  were  denslfied  using  the  FCVI  process  developed  at 
ORNL. u'16  The  composites  were  infiltrated  with  SIC  produced  by  the 
decomposition  of  methyltrlhhlorosllane  (MTS)  in  hydrogen  at  a  hot-surface 
temperature  of  1473  K  and  atmospheric  pressure. 


Flmurs  luting 

Bars  were  cut  from  the  samples  parallel  to  the  0*-90*  orientation  of 
the  top  layer  of  cloth  using  a  diamond  aaw,  and  tensile  and  compression 
surface*  were  ground  parallel  to  the  long  axis  of  the  specimen.  The 
average  dimension*  of  the  test  bars  from  the  composite  samples  were  2.5  x 
3.3  x  40  mm  for  the  small  samples  and  3  *  4  x  35  am  for  the  larger 
composites.  All  specimens  were  measured  and  weighed  to  determine 
densities. 

Room  temperature  flexural  strengths  were  measured  using  four-point 
bending  methods,  with  a  support  span  of  25.4  am,  a  loading  span  of  6.4 
am,  and  a  crosshead  speed  of  0.051  ca/ain.  The  larger  bend  bars  were 
used  for  elevated  temperature  flexure  testing.  The  specimens  were  first 
coated  with  a  35  Im  SIC  layer  prior  to  testing.  The  elevated  temperature 
flexure  strengths  vers  measured  In  four-point  bending,  with  a  support 
span  of  40  am,  a  loading  span  of  20  an,  and  a  loading  rata  of  1.0  kg/sec. 
The  tests  were  performed  using  alumina  fixtures  at  29S,  773,  1023,  1273, 
and  1473  K.  All  specimens  wsre  loaded  perpendicular  to  the  layers  of 
cloth.  The  fracture  surfaces  of  th*  specimens  war*  examined  using  a 
Hitachi  S->00  scanning  electron  microscope.  Specimens  that  did  not 
completely  part  during  flexure  tasting  ware  broken  by  hand  so  that  th* 
fracture  surf acts  could  be  axaninsd. 
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Fiber-Matrix  Bond  Measurements 

Several  nethods  have  been  developed  to  quantify  the  strength  of 
interfacial  bonding  in  fiber-reinforced  composites.14'l**,T  Such  tests 
permit  a  seaiquantltatlve  determination  of  Interfacial  stresses  derived 
froa  relatively  siaple  load  and  dlsplaceaent  relationships.  A  common 
technique  is  the  indentation  aethod,  which  has  been  thoroughly 
examined. 12 • 14  This  technique  involves  using  a  alcrohardness  lndentor  to 
apply  a  force  to  the  end  of  a  fiber  eabedded  in  a  matrix.  Interfacial 
shear  stresses  can  be  evaluated  froa  the  applied  load  and  the 
dlsplaceaent  of  the  fiber. 

A  6.0 -on  thick  cross-sectional  specimen  was  cut  froa  each  coapleted 
composite  saaple  to  be  used  for  indentation  testing.  The  specimens  were 
cut  along  the  0-90*  orientation  of  the  top  layer  of  cloth  to  ensure  that 
a  portion  of  the  exposed  fibers  would  be  oriented  perpendicular  to  the 
cut  surface.  This  allgnaent  is  essential  for  proper  iapleaentation  of 
the  indentation  mechanics.  The  speclaens  were  aounted  and  polished  using 
standard  aetallographic  techniques.  Loads  were  applied  to  fiber  ends 
using  a  Vickers  diamond  lndentor  and  a  Shlaadsu  Type  K  instrument. 

Loading  to  the  fiber  ends  was  progressively  increased  until  debonding  was 
observed  and  continued  until  contact  of  the  lndentor  with  the  edge  of  the 
fiber  cavity  was  evident.  Loads  of  up  to  3.0  N  were  required  to  displace 
the  fibers.  Indents  were  also  placed  in  longitudinally  polished  fibers 
to  determine  fiber  hardness  values. 


RESULTS 

IntacUsltl  Stitma  ,ind  Mechanical  Muatlai 

Room  temperature  flexure  strengths,  densities,  and  interfacial 
frictional  stress  measureaents  are  summarised  in  Table  1.  The 
difficulties  in  interpreting  flexure  test  result*  for  continuous  fiber- 
reinforced  coaposites  are  {recognised  and  the  results  are  reported  only 
for  intercoaparlson.  Load-crosshead  displacement  curve*  were  recorded 
and  were  used  to  characterise  fracture  phenomena. 


Table  1.  The  influence  of  fiber  coatings  on  the  properties  of 
Nioalon/SIG  composite*. 


Prtcoii 

Thickness* 

(micron*) 

Frictional 

Siren 

(MPa) 

Matrix 

Fracture 

Streae 

(MPa) 

Ultimata 

Ftexure 

Strength 

(MPa) 

Obaervad 

Behavior 

Uncoaled 

40  i  15 

52  1  10 

82  ±  10 

Low  strength,  brittle 

Carbon 

to? 

11  t  8 

257  i  20 

344  S  20 

Moderate  strength,  low  pul-out 

Carbon 

0.17 

44  ±  12 

103  t  20 

420  a  38 

High  strength,  Improved  pul-cut 

Carbon 

028 

04  i  0.4 

160  i  16 

300  i  13 

Moderate  strength,  pul-out 

Carbon 

>0.5 

- 

- 

352  t  33 

Lower  strength,  high  pul-out 

Boron 

Nitride 

0.15 

8,8  t  1.7 

- 

350  t  40 

Moderate  strength,  pul-out 

•Cakutatad  (torn  weight  gain. 


The  composites  prepared  from  uncoated  fibers  exhibited  low  flexure 
strength  and  displayed  brittle  failure,  with  no  signs  of  toughening 
(Table  1).  The  lack  of  fiber  pull-out  and  the  flat,  smooth  fracture 
surfaces  of  test  specimens  suggest  a  high  degree  of  bonding  between  fiber 
and  matrix  and/or  complete  failure  of  the  reinforcement.  Indentation 
measurements  confirmed  the  high  interfacial  frictional  stresses  and  in 
some  cases  the  loads  were  enough  to  cause  splitting  of  the  fiber  and 
extensive  cracking  of  the  surrounding  matrix  (Fig.  2). 

The  influence  of  the  thickness  of  the  carbon  layer  on  the  mechanical 
behavior  of  the  composites  was  Investigated.  The  concentration  of 
reactant  propylene  was  varied  to  produce  films  that  ranged  In  thickness 
from  0.10  to  >  0.5  pm.  The  thickness  of  the  interfacial  film  had  a 
significant  effect  on  the  matrix  fracture  stress,  ultimate  strength,  and 
toughness  of  the  specimens.  (Table  1)  The  influence  of  carbon  Interlayer 
thickness  on  the  fracture  of  the  composites  is  shown  in  the  load- 
displacement  curves  in  Figure  3.  A  single  matrix  crack  was  observed  in 
all  tests  and  can  be  seen  as  the  sudden  drop  in  the  curve  and  subsequent 
deviation  from  linearity.  Matrix  cracking  stress  and  interfacial 
frictional  stress  decreased  with  Increasing  Interlayer  thickness.  The 
decrease  in  frictional  stress  was  also  accompanied  by  an  increase  in  the 
degree  of  fiber  pull-out. 


Fig.  2.  Indent  lmpreeslons  on  uncoated  Nlcalon  fibers  In  a  SIC 
matrix.  (Interfaclel  frictional  stress,  ft  -  49  i  13  MPa). 
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Fig.  3.  The  affect  of  carbon  Interface  coating  thlekn*ea  on  the 
flexure  behavior  of  Hlealon/SIC  eoapoaltea.  Indentation  frictional 
etreeaea  for  the  curve*  are  Indicated. 


Corooaltee  produced  with  boron  nitride-coated  fiber*  exhibited 
atrength  value*  and  fracture  behavior  eoaparable  to  eoapealtae  with 
carbon  Interfaciel  layer*.  Tranmlealon  electron  alcroecopic  analyat*  of 
the  Interface  In  the  eoapoaltea  found  the  Ml  coating*  to  be  -0.5  turn  thick 
and  coepotad  of  extreatly  tin*  grain*  of  hexagonal  KM.  The  graphitic 
atrueture  of  the  hexagonal,  IN  grain*  wea  evident  In  high  revolution  TIM 
Micrograph*  of  the  Inter fat*  layer.  (Fig.  4) 

The  ulttaat*  atrength  ef  the  coapo»lt*e  Increaaed  eligjhtly  with 
taaperature  up  to  12'3  K  where  degradation  of  fiber  propertloe  reault*  In 
a  reduction  In  coapo«lte  atrength.  (Fig.  3)  the  eeapeelte*  exhibited 
good  atrengtba  end  gradual  failure  In  all  taata.  Me  difference*  (n  the 
parforaanc*  of  « pec  lean*  containing  fiber*  with  elMllar  thlcka*««ee  ef 
carbon  and  boron  nitride  (-0.5  re*)  were  obeerved. 
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DISCUSSION 

Pracostlns  end  fracture  Behavior 

Pyrolytic  carbon  and  boron  nltrlda  layara  deposited  on  fibrous 
praforaa  prior  to  danaification  improved  tha  aachanical  propartlaa  of 
Nicalon/SIC  composites  fabricatad  using  FCVI  technique*.  Pracoating 
fiber*  prior  to  matrix  dapoaltion  not  only  reduced  intarfacial  atraaaaa, 
but  may  have  alao  provided  protection  from  chemical  attack  during 
procaaalng.  Tha  valuaa  for  intarfacial  frictional  atraaa  for  tha  samples 
containing  uncoated  fiber a  vara  relatively  high;  49  ±  15  KPa  aa 
calculated  froa  indent  aeaaureaenta .  In  coaparlion,  reported  ahear 
nuabers  for  Nlcalon/glaaa  coapoaltaa  are  -  2.0  KPa. 13  Tha  high  valuer 
for  Nicalen/SiC  coapoaltaa  fabricatad  froa  uncoated  flbera  are  consistent 
with  observed  behavior,  for  these  coapoaltaa  exhibited  brittle, 
catastrophic  failure.  Carbon  coatings  at  the  fiber-aatrix  interface 
significantly  reduced  intarfacial  frictional  atraaaaa  in  the  Nicalon/SIC 
coapoaltaa.  Coapoaltcs  vlth  carbon  Interlayers  had  aeeeured  intarfacial 
atreaaes  of  <1  to  -10  KPa.  Specimens  vlth  thicker  carbon  layara.  thus 
lover  intarfacial  atraaaaa ,  exhibited  a  high  degree  of  pull-out, 
comparable  to  tha  degree  observed  in  the  aforementioned  glesa  xatrlx 
coapoaltaa. 

Polycryatalllne  hexagonal  BN  poetesses  structure  and  properties  very 
similar  to  those  of  graphite  and  a  coating  of  this  tutorial  deposited  on 
the  fibers  produced  results  coaparable  to  those  of  carbon  Intarfacial 
coatings.  The  room  and  elevated  teaperetura  mechanical  properties  and 
fracture  behavior  of  tha  Micalon/SiC  coapoaltaa  vlth  graphlelc  carbon  and 
polycrystalline  boron  nitride  coatings  of  the  a ana  thickness  were 
identical.  Intarfacial  frictional  atraaa  msesuremsne*  vara  virtually  the 
same  for  tha  carbon  and  IN  Interlayers.  4.)  1  1.2  and  4.4  i  1.7  KPa, 
respectively.  Thus  It  is  indicated  that  IN  can  be  used  aa  an  alternative 
to  carbon  in  thie  system  for  applications  in  oxidising  snviroMonts  and 
alavatad  tavparacurea. 


CONCLUSIONS 

Tha  fiber-matrix  intsrfaca  in  fibar>ra!nforctd  ceramic  coeposltos 
controls  the  mechanical  behavior  of  these  materials.  An  extrevely  strong 
bend  does  not  atlov  for  crock  deflection  or  dabending  ot  the  fiber-tutrix 
Interface  therefore  a  crock  propagating  in  the  oatrix  aivply  paaaea 
through  the  fibers  undisturbed  resulting  in  brittle  fracture. 

Conversely,  on  extremely  veskened  Interface  lesde  to  a  lev  matrix 
fracture  stress  and  lev  ultimata  strength,  for  as  tht  tempo* its  Is 
stressed,  load  la  net  transferred  efficiently  from  th*  matrix  to  tha 
fiber*,  thus  the  properties  tf  th#  reinforcement  ars  net  utilised. 
Therefore,  interfaciel  forces  mutt  be  controlled  to  product  a  composite 
materiel  with  good  matrix  failure  stress  end  ultimata  strength  that  also 
exhibits  gradual  composite  failure  through  effective  fiber  pull-out. 

Carbon  haa  boon  shovn  to  bo  an  effective  interfaciel  coating  for  the 
Nleelen/SlC  system.  The  deposition  ef  a  graphitic  carbon  coating  on  the 
fibers  prlsr  te  infiltration  improved  the  ultima:*  strength  end  toughness 
of  th*  material.  The  thickness  of  the  costing  effects  ths  properties  of 
the  Interface  and  thus  can  bo  varied  to  produce  materiel  vlth  different 
mechanical  prepare lea.  Keren  nitride,  which  poe seises  properties  simitar 
te  cetbmtt,  produced  roe*  end  high  temperature  strengths  Identical  te 
thee*  ef  the  cstben  layers.  Ml  c seeing*  may  provide  Improved  elevated 
temperature  stability  through  Improved  oxidation  resistance. 
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IMPROVED  PERFORMANCE  IN  MONOFILAMENT  FIBER 
REINFORCED  GLASS  MATRIX  COMPOSITES  THROUGH  THE 
USE  OF  FIBER  COATINGS 
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ABSTRACT 

The  mechanical  performance  of  glass  matrix  composites  reinforced  with  large  diameter 
(140  jam)  monofilaments  has  been  investigated.  Strong  interfacial  adhesion  between  uncoated 
boron  monofilaments  and  the  borosilicate  glass  matrix  resulted  in  composites  exhibiting  lov* 
failure  strain  and  brittle  fracture.  The  use  of  coated  monofilaments  improved  composite 
performance  considerably  by  reducing  fiber-matrix  interfacial  adhesion.  Auger  analysis  of  the 
interface  indicated  that  a  carbon-rich  layer  had  formed  between  the  monofilament  coating  and  the 
matrix  during  composite  fabrication. 


INTRODUCTION 

Fiber  reinforced  glass  matrix  composites  have  been  investigated  ovc-  the  past  two 
decades  due  to  their  potential  for  high  strength  and  stiffness,  excellent  toughness,  low  density, 
and  fabricability  (1-41.  United  Technologies  Research  Center  (UTRC)  has  been  active  in  this 
area  for  many  years,  investigating  the  use  of  a  variety  of  carbon,  silicon  carbide,  and  oxide 
fibers  and  yams  in  a  host  of  different  glass  and  glass-ceramic  matrices  for  many  aerospace  and 
industrial  applications  [4-10].  The  use  of  large  diameter  monofilaments  (100- 1 40  pm  diameter) 
to  reinforce  glass  and  glass-ceramic  matrices  has  been  pursued  recently  at  UTRC  because  of  the 
excellent  strength  and  stiffness  characteristics  of  these  fibers  in  both  tension  and  compression. 
These  studies  have  shown  that  the  "translation  efficiency"  of  properties  from  these 
monofilaments  to  the  composite  can  be  quite  high,  especially  for  glass-ecramic  matrix 
composites  (11). 

This  paper  reports  the  results  of  a  recent  program  designed  to  develop  monofilament 
reinforced  glass  matrix  composites  for  structural  applications  in  space.  In  this  investigation,  a 
variety  o  monofilaments  with  and  without  fiber  coatings  were  used  to  reinforce  borosilicate 
glasses.  This  paper  will  describe  the  strength  and  fracture  characteristics  of  these  glass  matrix 
composites  as  well  as  microscopic  and  chemical  analysis  of  the  fiber-matrix  Interfadal  region. 


EXPERIMENTAL  PROCEDURE 

Uncoatcd  and  coated  monofilaments  used  to  reinforce  the  composites  are  listed  in  Table  1. 
The  matrix  composition  for  all  the  composites  was  a  commercially  available  borosilicate  glass*. 
Carbon  fiber  yam**  was  also  included  in  the  composites  to  fit)  in  the  glass-rich  regions  between 
monofilaments  so  as  to  toughen  the  matrix  and  provide  additional  structural  integrity  to  the 
composite. 


*  Code  7740,  Coming  Glass  Works 
**  Tborod  P-100,  Amoco  Performance  Products 


Mat  (Us.  taa.  tyw*.  awe.  V«l  1W.  *UM  MaMrttta  Rmmk*  Mttet* 
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TABLE  I  •  Monofilaments  Used  as  Composite  Reinforcements 


Monofilament 

Coating 

Trade 

Name 

Manufacturer 

Boron 

— 

Textron 

Boron 

b4c 

— 

Textron 

Boron 

SiC 

Borsic 

Textron 

Boron 

SiC 

Sicabo 

Textron  (monofilament) 

SiC 

C/SiC 

SCS-6 

Composites,  Inc.  (coating) 
Textron 

Uniaxially  reinforced  laminated  composites  containing  the  monofilaments  and  carbon 
fibers  were  prepared  using  a  proprietary  process.  Consolidation  of  the  composites  was 
achieved  by  hot-pressing  in  an  inert  atmosphere  at  1250°C  at  a  pressure  of  6.9  MPa.  This 
procedure  resulted  in  nearly  fully-densified  composites  containing  1-2  %  porosity. 

Tensile  testing  of  the  composites  was  performed  using  straight-sided  specimens  at  a 
crosshead  speed  of  0.13  cm/min.  In  all  cases  the  gage  length  was  2.34  cm.  Composite  strain 
was  monitored  using  glued-on  strain  gages  on  both  sides  of  the  tensile  specimen. 

Fracture  behavior  was  observed  using  both  optical  and  scanning  electron  microscopy 
(SEM)  techniques.  SEM  samples  were  sputter-coated  with  gold  to  prevent  charging  in  the 
microscope.  Electron  microprobe  analysis  was  performed  on  monofilament  cross-sections 
using  samples  that  ware  polished  using  standard  metallographic  techniques.  Composition 
analysis  of  the  monofilament  coatings  in  the  as-received  state  as  well  as  of  the  monofilament- 
matrix  interfacial  region  after  composite  fabrication  was  performed  using  a  scanning  Auger 
multiprobe  (SAM).  For  the  interfacial  analyses,  composites  were  split  Interlaminarly  (parallel  to 
the  monofilament  laminae)  so  that  both  a  monofilament  and  a  matrix  trough  (where  a 
monofilament  had  pulled  away  during  fracture)  could  be  analyzed.  In  this  manner,  a 
composition  profile  of  the  intcrfaciil  region  could  be  constructed. 


RESULTS  AND  DISCUSSION 

In  general,  the  microstructures  of  ill  the  composites  were  similar,  with  fairly  uniform 
distribution  of  the  monofilaments  throughout  the  matrix.  The  carbon  fiber  was  also  distributed 
uniformly  throughout  the  matrix  and  in  between  the  monofilaments.  A  few  regions  of  isolated 
porosity  were  found  in  some  of  the  composites,  but  they  were  not  believed  to  be  of  any 
significance  in  terns  of  composite  performance. 


Uneottcd  Monofilaments 

The  tensile  fracture  surface  of  the  composite  containing  unerased  boron  monofilaments  is 
shown  in  Figure  1.  The  ultimate  tensile  strength  (UTS;  of  the  composite,  276  MPa.  represents 
only  about  26%  of  the  theoretical  strength  based  on  a  simple  rulc-of-mlxtures  calculation.  The 
failure  strain  of  the  composite  was  also  quite  low.  Examination  of  the  fracture  surface  of  the 
composite  indicated  that  the  composite  failed  in  a  brittle  manner,  with  no  evidence  of 
monofilament  pullout  (refer  to  Figure  1 ).  Ooae  examination  reveals  that  while  some  toughness 
„•»  provided  to  the  composite  via  pullout  of  the  small  carbjn  fibers,  the  boron  monofilaments 
appear  to  be  bonded  very  strongly  to  the  glass.  It  appear*  that  the  crack  propagating  through  the 
matrix  experienced  no  deflection  at  the  monofilament-matrix  Interface,  resulting  in  continued 
propagation  directly  through  the  boron  monofilament. 


Boron 

monofilament 

FIGURE  1  -  Fracture 
morphology  of  boron 
monofiktnent  reinforced 
composite,  with  no  pullout 
of  the  boron 
monofilaments  due  to 
strongfiber-matrix 
interfatial  adhesion. 


TunQatancora  50  Jim 


Also  evident  in  Figure  1  is  some  type  of  reaction  at  the  interface  between  the  core  of  the 
monofilament  (tungsten)  and  the  boron  monofilament  itself.  While  it  is  not  known  exactly  what 
led  to  this  reaction,  it  is  clear  from  examination  of  the  tungsten-boron  phase  diagram  that  it  was 
not  due  to  a  reaction  between  the  two  metals.  It  is  believed  that  the  degradation  of  the  tungsten 
core  was  most  likely  caused  by  diffusion  of  some  chemical  species  from  the  glass  through  the 
boron  to  the  tungsten-boron  interface.  Electron  microprobe  analysis  of  the  region  from  the 
matrix  through  the  boron  into  the  tungsten  core  indicated  die  presence  of  significant  amounts  of 
carbon,  silicon,  and  oxygen  in  the  region  between  the  tungsten  core  and  the  boron 
monofilament.  Any  of  these  species  could  have  easily  reacted  with  the  tungsten  to  produce  the 
degraded  core  evident  in  Figure  1. 


Concern  over  the  brittle  fracture  behavior  resulting  from  the  strong  mooofiiament-matrix 
adhesion  in  the  boron  reinforced  composites  led  to  the  use  of  coated  monofilaments  in  the  hope 
that  the  fiber  coating  would  prevent  strong  adhesion  and  improve  composite  fracture  toughness 
and  overall  tensile  performance.  Several  different  coated  monofilaments  were  utilized,  as 
shown  in  Table  I.  The  different  coating  materials  evaluated  were  B4C,  SiC,  and  a  mixture  of 
carbon  and  SIC.  The  B4C  and  SiC  coatings  were  applied  to  boron  monofilaments,  while  the 
C/SiC  mixed  coating  was  over  a  SiC  monofilament.  Two  different  SiC-coated  boron 
monofilaments  were  used  in  the  study.  One  of  these  coated  monofilaments,  known  asBorsic, 
war  manufactured  entirely  by  Textron  Specialty  Materials.  In  the  case  of  the  other  fiber,  known 
as  Sicabo,  the  SiC  coating  was  deposited  by  Composites,  Inc.  over  boron  monofilaments  that 
had  been  purchased  from  Textron. 

The  tensile  performance  of  the  composites  reinforced  with  the  coated  monofilaments  as 
well  as  the  uacoased  botoc  monofilament  is  summarised  in  Table  IL  TbeB4Oeostingdidnot 
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TABLE  II  -  Tensile  Performance  of  Monofilament  Reinforced  Glasses 


Ultimate 

Percent 

Tensile 

Theoretical 

Failure 

Fracture 

Monofilament 

Vol% 

Strength  (MPal 

Strength 

Strain  (%) 

Morohologv 

Boron 

28 

276 

28 

0.10 

Brittle 

B4C/Boron 

20 

220 

31 

0.13 

Near-brittle 

Borsic 

21 

413 

56 

0.38 

Fibrous 

Sicabo 

23 

524 

65 

0.36 

Fibrous 

SCS-6 

20 

655 

93 

0.27 

Fibrous 

improve  tensile  strength  to  any  significant  extent,  with  the  fracture  surface  exhibiting  very  little 
pullout  of  the  monofilaments  (average  pullout  length  <  10  pm).  The  tungsten  core-boron 
interface  again  showed  some  signs  of  degradation,  although  not  to  the  same  extent  as  seen  in  the 
uncoated  boron  monofilaments.  Blectron  microprobe  analysis  in  this  case  did  not  indicate  any 
significant  levels  of  carbon,  silicon,  or  oxygen  in  the  core-monofilament  interfacial  region. 

The  Rorsic,  Sicabo,  and  SCS-6  monofilaments  all  resulted  in  significantly  enhanced 
tensile  performance,  with  high  tensile  strengths  and  substantial  amounts  of  monofilament 
pullout.  The  SCS-6  reinforced  composite  exhibited  especially  good  tensile  strength,  with  93% 
translation  of  the  monofilament  strength  to  the  composite.  Figure  2  shows  SEM  micrographs  of 
the  fracture  morphology  demonstrated  by  die  Sicabo  reinforced  composite.  These  pictures 
indicate  that  there  was  no  degradation  of  the  tungsten  core  during  fabrication,  suggesting  that 
the  SiC  coating  prevented  the  diffusion  of  species  from  the  glass  into  the  boron  monofilament. 
It  is  also  evident  from  these  micrographs  that  the  coating  is  still  intact  on  the  boron 
monofilament,  with  fracture  and  debonding  occurring  between  the  coating  and  the  matrix,  rather 
than  within  the  coating  or  between  the  coating  and  the  monofilament 


Coating  *81  intact 


<#)  <*») 

FIGURE  2  -  Fracture  morphology  of  the  Sicabo  reinforced  composite.  Figure  2(a)  shows 
that  the  SiC  coating  is  still  intact  .a  the  boron  monofilament,  and  also  illustrates  that  there  wu 
do  degradation  of  the  tungsten  core  during  fabrication.  Figure  2(b)  shows  that  debooding 
occurred  between  the  SiC  coating  and  the  matrix  during  fracture. 
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Auger  analysis  was  performed  on  the  coating-matrix  interfacial  regions  of  the  Borsic, 
Sicabo,  and  SCS-6  reinforced  composites  to  establish  the  chemical  composition  across  the 
interface.  This  procedure  has  been  used  extensively  at  UTRC  in  recent  years  in  the  analysis  of 
interfacial  chemistry  in  NICALON™  SiC  yarn  reinforced  glass-ceramics  with  considerable 
success  [8].  Figure  3  shows  the  interfacial  composition  profile  obtained  from  the  Sicabo 
reinforced  composite.  It  is  evident  from  this  profile  that  a  thin  carbon-rich  layer  (<  500A  thick) 
exists  between  the  matrix  and  the  fiber  coating.  Also  present  between  the  carbon  layer  and  the 
coating  is  a  region  containing  significant  levels  of  silicon  (~15  at%)  and  oxygen  (-30  at%),  with 
small  amounts  of  boron  and  sodium  that  have  diffused  in  from  the  matrix.  The  Si:0  ratio 
suggests  that  Si02  may  exist  in  this  region.  Studies  of  the  fiber-matrix  interfacial  region  in  these 
composites  using  TEM  techniques  are  currently  underway.  Profiles  obtained  from  the  Borsic 
and  SCS-6  composites  were  very  much  similar  to  that  shown  in  Figure  3  with  respect  to  the 
existence  of  a  thin  carbon-rich  layer  and  a  SiOj  layer  between  the  matrix  and  the  coating.  It  is 
believed  that  this  carbon-rich  layer  between  the  matrix  and  the  monofilament  coating  is 
responsible  in  large  part  for  the  extensive  monofilament  pullout  observed  in  these  composites. 

Auger  analysis  of  the  as-received  Sicabo  and  Borsic  monofilaments  indicated  that  they 
contained  -53-55  at%  carbon  and  -45-47  at%  silicon  in  the  interior  of  the  fiber,  with  small 
amounts  of  oxygen  (8-10  at%)  near  the  surface  of  the  fiber.  This  indicates  that  the  coating  is 
not  stoichiometric  SiC,  but  rather  a  carbon-rich  SiC.  The  coating  on  the  SCS-6  monofilament  is 
also  a  mixture  of  carbon  and  SiC  though  much  richer  in  carbon  the  the  coating  on  the  Borsic 


D#  (A) 

FIGURE  3  -  Auger  analysis  of  the  fiber-matrix  interfacial  region  in  the  Sicabo  reinforced 
composite,  Note  the  caibotwich  layer  at  the  interface  and  the  SlOj  interlayer  between  the 
carbon  and  (he  SiC  coaling. 
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and  Sicabo  monofilaments.  It  is  proposed  here  that  the  carbon  layer  formation  in  the 
composites  reinforced  with  the  Borsic,  Sicabo,  and  SCS-6  monofilaments  is  the  result  of  a 
solid-state  reaction  between  the  SiC  in  the  coating  and  oxygen  from  the  glass  and  the  fiber 
surface.  This  reaction  was  first  described  by  Cooper  and  Chyung  [12]  in  an  investigation  of 
carbon  layer  formation  at  the  fiber-matrix  interface  in  NICALQN™  SiC  yam  reinforced  glass- 
ceramics,  and  can  be  given  as  [12] 

SiC(s)  +  02(g)  ->  SiOafs)  +  C(s)  (1) 

The  SiOj  interlayer  that  was  observed  to  form  between  the  carbon  layer  and  the  SiC  coating  can 
also  be  explained  as  being  a  product  of  the  reaction  described  in  equation  (1).  Of  all  the 
chemical  equilibria  pertaining  to  the  oxidation  of  SiC,  equation  (1)  has  been  determined  to  have 
the  most  negative  Gibbs  free  energy  and  the  most  rapid  reaction  kinetics  since  it  does  not  require 
the  diffusion  of  gaseous  reaction  products  away  from  the  interface  [12].  It  seems  reasonable, 
then,  that  this  equation  would  most  accurately  explain  the  oxidation  mechanism  operative  at  the 
SiC-matrix  interface  within  these  composites. 

It  has  been  suggested  that  the  interfacial  carbon  layer  that  forms  in  NICALON™ 
reinforced  glass-ceramic  matrix  composites  consists  not  only  of  the  carbon  that  forms  from  the 
reaction  described  by  equation  (1),  but  also  is  made  up  of  the  free  condensed  carbon  that  is 
inherently  a  part  of  the  fiber  [12].  This  seems  very  plausible  in  light  of  additional  observations 
made  in  SiC  whisker  reinforced  composites  [13]  where  it  was  found  that  interfacial  carbon  layer 
formation  was  much  more  prevalent  in  composites  containing  SiC  whiskers  that  were 
nonstoichiometric  (carbon  rich)  than  in  composites  reinforced  with  very  pure,  stoichiometric 
SiC  whiskers.  This  corresponds  well  with  the  observations  made  in  this  investigation,  since  all 
of  the  monofilament  coatings  were  found  to  be  carbon-rich  rather  than  stoichiometric  SiC.  In 
light  of  all  these  observations,  it  seems  reasonable  to  conclude  that  the  formation  of  the  carbon 
layer  at  the  interface  between  SiC  and  the  glass  matrix  is  enhanced  significantly  by  the  presence 
of  excess  condensed  carbon  in  the  SiC 


SUMMARY 

Glass  matrix  composites  reinforced  with  uncoated  boron  monofilaments  demonstrated 
low  tensile  strengths  and  brittle  fracture  behavior.  The  use  of  a  carbon-rich  SiC  coating  on  the 
(boron  monofilaments  resulted  in  much  improved  composite  tensile  properties  and  substantial 
fiber  pullout.  Similar  results  were  obtained  through  the  use  of  C/SiC-coated  SiC  monofilaments 
(SCS-6).  The  fiber  pullout  characteristics  were  attributed  to  a  carbon-rich  layer  that  was  found 
to  form  at  the  interface  between  the  monofilament  coating  and  the  glass  matrix  during  composite 
fabrication.  This  carbon  layer  was  believed  to  form  largely  os  the  result  of  an  oxidation  reaction 
between  the  SiC  in  the  coating  and  oxygen  from  the  glass. 
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ABSTRACT 

Preliminary  creep  tests  were  performed  on  SiC  whisker  reinforced  and  matrix  Si3N4 
material  fabricated  by  the  NPS  technique.  The  material  was  extensively  crystallised  in  the  as 
received  material,  leaving  only  thin  amorphous  films  surrounding  the  grains.  No  improvement  in 
the  creep  resistance  could  be  detected  for  the  whisker  reinforced  material.  The  deformation 
mechanisms  were  found  to  be  that  of  cavitation  in  the  form  of  microcracks,  predominantly  at  the 
whisker/matrix  interfaces,  and  the  formation  of  larger  cracks.  Extensive  oxidation  of  the  samples, 
as  a  result  of  high  temperature  exposure  to  air,  was  observed  for  the  materials  tested  at  1375°C. 


INTRODUCTION 

In  recent  years  SiC  whiskers  have  been  added  to  Si3N4  based  ceramic  materials  in  order  to 
improve  the  mechanical  properties  of  the  material.  Evidence  exists  for  an  increase  in  the  room 
temperature  fracture  toughness  [1,2],  but  no  improvement  in  the  creep  resistance  at  elevated 
temperatures  has  as  yet  been  observed  [3,4].  The  strength  of  S13N4  materials  degrades  at  elevated 
temperatures  due  to  the  presence  of  an  intergranular  glassy  phase,  which  is  a  residue  of  the  liquid 
phase  sintering  medium.  This  glassy  phase  strongly  affects  the  creep  rate  at  elevated 
temperatures,  where  the  dominant  creep  mechanism  is  that  of  grain  boundary  sliding  resulting  in 
extensive  cavitation  [5,6].  At  lower  temperatures,  creep  rates  rapidly  decrease  due  to  a  strain 
hardening  effect  [6]. 

The  objective  of  this  investigation  was  to  perform  preliminary  creep  testing  of  SiC  whisker 
reinforced  Si3N4  materials  using  a  4-point  bending  test.  The  creep  mechanisms  of  the  whisker 
reinforced  Si3N4  material  as  well  as  the  matrix  material  were  investigated.  The  microstructures  of 
the  as-received  material  and  the  crept  material  were  characterised,  as  was  the  oxide  scale  which 
formed  during  creep  testing. 


EXPERIMENTAL 

Materials  goccaslng 

The  material  was  fabricated  by  the  nltrided  pressureless  sintering  technique  (NPS)  [7]  using 
10  wt-%  Y203  and  6  wt-%  AljOj  as  sintering  aids.  One  parameter,  the  whisker  content,  was 
varied  (0  and  30  vol-%).  The  NPS  technique  Involves  the  nitrldatlon  and  subsequent  pressureless 
sintering  of  compacts  of  submicron  Si  and  SijN4  powders  formed  with  sintering  aids  and 
whiskers.  The  whiskers  were  not  subjected  to  any  surface  treatment.  From  earlier  work  [2]  it 
was  found  that  the  whisker  containing  material  did  not  compact  sufficiently  when  pressed  prior  to 
sintering.  This  resulted  in  large  crack-like  porosity  of  the  sintered  composites.  The  fully  sintered 
whisker  reinforced  Si3N4  material  was  therefore  hot  isostadcally  pressed  (HIP)  for  one  hour  at 
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1600°C  using  a  pressure  of 200MPa.  The  HIPing  resulted  in  a  fully  dense  material. 


Creep  tests  were  performed  using  4-point  bending  in  air  at  1200, 1300  and  1375°C.  Both 
the  whisker  reinforced  and  the  matrix  material  were  tested  using  different  loads.  The  outer  span 
of  the  testing  rig  was  40  mm  and  the  inner  span  20  mm.  The  specimen  size  was  3.5x4x45  mm. 
The  deflection  was  measured  as  a  function  of  the  load  directly  on  the  loading  rod.  The 
deformation  effects  of  the  HIP  SiC  rollers  and  the  total  loading  system  was  thus  included  in  the 
deformation  measurements.  The  applied  bending  moment  is  given  as  the  elastic  outer  fibre  stress 
and  the  strain  as  the  outer  fibre  strain  [8].  The  deformed  samples  were  cooled  down  under  stress. 


The  microstructure  of  the  samples  was  studied  using  analytical  electron  microscopy  (SEM, 
TEM,  STEM  and  EDS)  in  combination  with  X-ray  diffractometry  (XRD).  The  TEM  specimens 
were  prepared  by  cutting,  grinding,  dimpling  and  ion  beam  thinning  of  the  samples.  Specimens 
for  electron  microscopy  were  prepared  from  the  as-received  material  as  well  as  from  material 
which  had  been  subjected  to  bend  testing  at  elevated  temperatures.  Samples  were  taken  both  from 
the  strained  region  and  the  unstrained  regions  of  the  specimens.  The  latter  were  considered  as 
pure  heat  treated  specimens.  The  major  crystalline  phases  were  identified  by  X-ray  diffractometry 
(XRD)  of  polished  sections.  Oxidation  of  the  samples  as  a  result  of  high  temperature  exposure  to 
air  during  testing  was  studied  by  X-ray  diffractometry  (XRD)  and  scanning  electron  microscopy 
(SEM)  of  the  surface  and  polished  transverse  sections.  A  TEM  specimen  of  the  oxide  scale  was 
prepared  by  ion  beam  thinning  from  the  matrix  side  only,  thereby  leaving  only  the  oxide  scale  to 
be  studied. 


RESULTS  AND  DISCUSSION 

.Creep  .Tssting 

A  strain  vs  time  creep  curve  for  the  different  materials  tested  at  1200°C  is  shown  in  Fig.  1. 
The  primary  creep  region  is  followed  by  a  region  with  decreasing  creep  rate,  strain  hardening 
behaviour,  and  no  steady  state  creep  region  was  observed.  An  increase  of  the  load  shifted  the 
curve  slightly  due  to  the  elastic  strain  of  specimen  and  the  testing  rig  and  the  settlement  of  the 
loading  rollers  into  the  specimen.  No  consistent  change  of  strain  rate  due  to  the  increased  load 
could  be  detected  since  the  strain  hardening  contribution  dominated  the  creep  curve  behaviour. 

The  traditional  creep  parameters  such  as  the  creep  exponent  (n)  and  the  creep  activation 
energy  (Q)  cannot  be  determined  directly  from  a  creep  curve  of  this  type.  Other  methods  of  creep 
characterisation  have  been  developed  by  Evans  et  al.[9],  and  Fett  et  al.{10]  for  this  type  of 
behaviour.  However  the  testing  rig  proved  to  be  inadequate  in  obtaining  data  which  was  accurate 
enough  and  also  in  obtaining  a  sufficient  amount  of  data  for  quantitative  analysis  according  to  the 
methods  proposed  by  the  latter  authors.  The  deflection  of  the  specimen  needs  to  be  measured 
directly  on  the  specimen  with  a  high  degree  of  precision  in  order  to  obtain  quantitative  results. 
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Fig.  1.  Strain  vs  time  diagram  for  the  different  composites  tested  at  1200°C.  An  outer  fibre  stress 
of  lOOMPa  was  used.  NPSO  =>  Si3N4  matrix  material,  NPS30  =  30%  SiC  whisker  reinforced 
Si3N4,  and  HIP30  =  30%  SiC  whisker  reinforced  Si3N4,  which  was  HIFed  to  full  density. 

A  number  of  mechanisms  have  been  proposed  to  explain  this  strain  hardening  behaviour  in 
Si3N4  materials:  1).  Cation  diffusion  during  creep  testing  results  in  a  high  viscosity  glassy  phase, 
which  reduces  the  creep  rate.  In  our  materials,  this  could  partially  explain  the  strain  hardening, 
as  a  high  concentration  of  sintering  additive  cations  were  detected  in  the  oxide  scale,  resulting  in  a 
cation  depletion  zone  below  the  scale.  2).  Oxidation  induced  crystallisation  of  the  glassy  phase 
which  results  in  a  decrease  in  the  volume  of  the  glassy  phase.  However,  the  material  subjected  to 
testing  in  this  investigation  was  already  extensively  crystallised  in  the  as-received  state. 
Furthermore,  strain  hardening  behaviour  has  been  observed  in  creep  experiments  performed  in  a 
nitrogen  atmosphere  [1].  Therefore  the  effect  of  oxidation  may  not  completely  account  for  the 
strain  hardening  behaviour.  3).  Microcracking  induced  strain  hardening.  Microcracks  were 
observed  in  this  work,  however  this  effect  has  not  as  yet  been  fully  evaluated. 

When  the  temperature  during  creep  testing  was  raised  to  1375°C  the  appearance  of  the  creep 
curve  changed  to  that  of  steady  state  behaviour.  However,  this  creep  region  was  not  studied 
further  due  to  specimen  failure.  The  strength  of  the  material  was  considerably  decreased  at  this 
temperature.  These  results  may  indicate  that  the  test  temperature  was  above  the  eutectic 
temperature  for  the  material  composition,  therefore  changing  the  creep  mechanism  as  weii  as  the 
specimen  strength.  Other  studies  have  reported  similar  behaviour,  where  a  eutectic  in  the  region 
of  1350°C  to  13?5CC  is  recorded.  The  strength  above  this  temperature  degrades  significantly 
while  the  oxidation  rate  increases,  thus  limiting  the  application  of  these  materials  to  temperatures 
below  ~1350°G 


Migasfflictutt 

The  general  microstructure  of  the  as  received  materials  is  shown  in  Fig.  2  a-b.  XRD 
analysis  showed  the  presence  of  a  major  (J-Si3N4  phase  and  secondary  crystalline  phases,  white 
no  o-Si3N4  was  detected.  The  main  secondary  phase  was  identified  as  a-YjSljOj.  Small  peaks, 
which  were  of  low  intensity  compared  with  the  main  phases  were  observed  on  the 
diffractograms.  These  peaks  however  could  not  be  Identified  with  precision  and  it  is  concluded 
that  small  quantities  of  other  phasefs)  were  present.  As  observed  by  TEM,  the  major  phase,  0- 
Si3N4,  was  mainly  present  as  rod  shaped  grains  with  the  diameter  less  than  1  inu.  The  (l*Si3N4 
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grains  were  surrounded  by  predominantly  crystalline  secondary  phases.  Intergranular  glassy 
phases  were  only  observed  as  thin  interfacial  films  of  l-10nm  in  thickness  surrounding  the 
grains.  Dislocations  were  only  observed  in  large  grains  and  regions  of  local  high  stress 
concentration.  The  effect  of  HIPing  upon  the  microstructure  of  the  whisker  reinforced  Si3N4  was 
examined  and,  apart  from  a  fully  dense  body,  no  major  microstructural  changes  were  observed. 
The  whiskers  were  randomly  oriented  and  from  1-10  pm  in  length.  The  whiskers  were  not 
homogeneously  dispersed  and  clusters  of  up  to  5  whiskers  were  observed.  The  whisker/Si3N4 
and  whisker/secondary  crystalline  phase  interfaces  always  contained  amorphous  material 

The  large  amount  of  sintering  additives  used  with  the  NPS  technique  increases  the  amount 
of  liquid  phase  during  sintering  and  decreases  the  fraction  of  silica  in  the  melt.  These  factors 
promote  the  crystallization  of  secondary  phases  during  cooling  as  was  observed  in  these 
materials.  This  is  a  major  microstructural  difference  between  this  and  other  work  on  creep  of  SiC 
whisker  reinforced  materials,  where  the  intergranular  phase  was  predominantly  amorphous  [6,7]. 
The  increased  crystallinity  of  this  material  may  strongly  influence  the  role  of  the  whiskers  during 
creep  deformation. 


Fig.  2.  TEM  image  of  the  whisker  reinforced  material  before  post  HIPing.  a)  Bright  field  image 
and  b)  Dark  field  image  showing  extensive  secondary  phase  crystallisation. 


The  microstructure  of  the  material  crept  at  1375°C  is  shown  in  Fig.  3a-b.  Fig.  3a  shows  the 
microstructure  of  the  material  below  the  oxidation  scale  in  the  region  of  maximum  strain. 
Secondary  crystalline  phases  were  found  to  be  present,  and  thin  amorphous  Aims  were  observed 
surrounding  the  grains.  No  change  in  the  volume  of  secondary  crystalline  phase  could  be 
detected.  Dislocations  were  observed  in  both  the  secondary  phase  crystals  and  the  Si3N4  grains. 
Debonding  and  nucrocrackin  gravitation  at  the  whisker/matrix  interface  was  commonly  observed 
(Fig.  3  a.).  Furthermore,  a  number  of  large  cracks  of  up  to  -50  pm  were  observed,  as  shown  in 
Fig.  3b.  The  specimen  taken  from  the  unstrained  region  had  similar  microstructural  features  but 
did  not  contain  either  large  cracks,  or  debonding  of  the  whisker/matrix  interfaces.  The  non- 
reinforced  Si3N4  material  tested  at  1200°C  was  observed  to  have  the  same  general  microstructure 
as  the  material  crept  at  1375°C  Microcracks  and  larger  cracks  were  also  found. 

The  creep  results  indicated  that  a  creep  temperature  of  1375°C  may  have  been  above  that  of 
the  eutectic,  however  this  was  not  confirmed  by  the  microstructural  examination.  No  increase  in 
glass  volume  was  observed,  and  cavitation  was  only  observed  in  the  form  of  elongated  interfacial 
cracks  (microcracks).  This  suggests  that  the  liquid  was  of  high  viscosity  and  therefore  brittle, 
enabling  fracture  along  its  length.  Alternatively,  the  secondary  phases  present  remained 
crystalline  during  testing. 


Fig.  3.  TEM  images  of  the  whisker  reinforced  post  HIFed  material  after  creep  testing  at  1 375°C, 
taken  from  the  zone  of  maximum  deformation,  a)  Bright  field  image  of  a  whisker  (W)  debonded 
from  the  matrix,  and  b)  Bright  field  image  of  a  large  crack. 


Fig.  4.  SEM  backscattered  electron  image  of  the  oxide  scale  forming  on  whisker  reinforced 
SijN^  material  creep  tested  at  1375°C  for  40h.  a)  The  oxide  surface  showing  an  yttrium  rich 
phase  (Y)  and  a  Si-rich  phase  (S)  in  an  amorphous  phase  which  was  rich  in  Al.  Y.  Si  and  O. 
Cracks  and  pores  were  frequently  observed  in  the  scale,  b)  Transverse  section  indicating  the 
formation  of  a  cation  depletion  zone,  resulting  from  the  outward  diffusion  of  the  cations  to  the 

scale  during  oxidation. 

Oxidation 

The  extent  of  oxidation  of  the  samples  was  observed  to  change  considerably  with 
temperature  and  time.  Very  little  scale  growth  was  observed  in  the  material  tested  at  1200°C 
indicating  a  slow  rate  of  oxidation.  For  specimens  tested  at  1375°C  an  oxide  scale  of  about  30-50 
pm  was  observed  with  SEM,  see  Fig.  4a-b.  Fig.  4a-b  shows  the  characteristics  of  the  oxide  scale 
for  the  material  tested  at  1375°C.  An  yttrium  rich  phase  (bright)  and  a  Si-rich  phase  (dark)  are 
seen  in  an  amorphous  phase  which  was  rich  in  AI,  Y,  Si  and  O.  Cracks  and  pores  were 
frequently  observed  in  the  scale.  A  zone  of  dark  contrast  of  -50  pm  was  found  below  the  oxide 
scale  indicating  the  formation  of  a  cation  depletion  zone,  resulting  from  the  outward  diffusion  of 
the  cations  to  the  scale  during  oxidation.  TEM  examination  of  the  bottom  part  of  the  oxide  scale 
showed  the  presence  of  SijN20  crystals  dispersed  in  amorphous  material  (Fig.  5).  In  this  layer 
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of  SijNjO  and  amorphous  phase,  partially  dissolved  (or  oxidised)  Si3N4  grains  and  SiC 
whiskers  were  detected. 


Fig.  5.  TEM  bright  field  image  of  the  oxide  scale  of  whisker  reinforced  SijN4  material  creep 
tested  at  1375°C  for  40h  showing  the  presence  of  Si2N20  (S)  and  other  crystalline  phases  in  an 

amorphous  layer  (A). 


CONCLUSIONS 

•  No  improvement  was  detected  in  the  creep  resistance  of  whisker  reinforced  SijN4  material. 

•  The  deformation  mechanisms  were  found  to  be  cavitation  in  the  form  of  mkm.tack' ng.  and 
the  formation  of  large  creeks  extending  -50  pm. 

•  The  m-tcnxracks  were  obterved  predominantly  si  the  whisket/maoix  intofacc, 

•  Extensive  oxidation  of  the  samples,  as  a  result  of  high  temperature  exposure  to  air,  was 
observed  far  the  treuerial*  tested  at  1373*C 
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ABSTRACT 

The  R-curve  behavior  of  SiC  whisker  /  Al203  matrix  composites 

was  evaluated.  Composites  were  fabricated  with  Silar  SC-9  and  Tateho 
SCW-1-S  SiC  whiskers.  The  properties  of  the  two  SiC  whiskers  were 
similar  in  all  aspects,  except  for  significant  differences  in  surface 
chemistry.  These  differences  were  found  to  be  a  key  factor  in 
determining  the  R-curve  behavior. 


BACKGROUND 

In  whisker  reinforced  ceramics,  the  reinforcements  are  primarily 
utilized  to  enhance  the  fracture  toughness.  Essentially,  the  whisker 
reinforcement  prevents  catastrophic  brittle  failure  by  providing 
mechanisms  that  dissipate  energy  during  the  fracture  process.  The 
operation  of  various  toughening  mechanisms,  such  as  crack  deflection 
[1-2],  whisker  pullout  [3-7],  and  whisker  bridging  [8-10],  to  a  large 
extent  depends  on  the  the  degree  of  chemical  and  /  or  mechanical 
bonding  at  the  whisker  /  matrix  interface.  The  chemical  bonding  is 
primarily  affected  by  the  matrix  chemistry,  tha  whisker  surface 
chemistry,  and  the  fabrication  parameters,  while  the  mechanical 
bonding  Is  primarily  affected  by  the  whisker  morphology  and  whisker  / 
matrix  thermal  expansion  mismatches.  It  Is  generally  believed  that  a 
strong  interfack!  bond  results  in  a  composite  exhibiting  brittle 
behavior.  These  composites  are  characterized  by  high  strengths  and  low 
fracture  toughnesses.  If  the  Interfacial  bond  is  weak,  then  the 
composite  will  not  fail  In  a  catastrophic  manner,  due  to  the  activation 
of  various  energy  dissipation  mechanisms,  These  composites  are 
characterized  by  high  fracture  toughnesses  and  low  strengths.  Thus,  it 
Is  necessary  to  control  the  interfaclal  bond  in  order  to  optimize  the 
overall  mechanical  behavior  of  the  composite. 

Recent  work  by  Homeny  and  Vaughn  [11)  and  Homeny  at  at.  [12]  on  30 
volume  percent  SiC  whisker  /  Al203  matrix  composites  illustrates  the 
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effect  of  whisker  surface  chemistry  on  the  fracture  toughness  and 
strength.  Two  whiskers,  Silar  SC-9*  and  Tateho  SCW-1-S**,  similar  in 
all  aspects  except  for  surface  chemistry,  were  used  to  reinforce 
polycrystalline  Al203.  As  determined  by  X-ray  photoelectron 
spectroscopy,  the  surfaces  of  the  Tateho  SCW-1-S  whisker  were  found 
to  consist  essentially  of  SiC,  while  those  of  the  Silar  SC-9  whisker 
contained  a  substantial  amount  of  SiOxCy  and  Si02,  in  addition  to  the 
expected  SiC.  Table  I  summarizes  the  mechanical  properties  of  the 
composites,  along  with  a  polycrystalline  Al203,  of  identical  grain  size. 
The  Silar  SC-9  SiC  whisker  /  Al203  matrix  composite  exhibited  a 
significant  increase  in  fracture  toughness,  while  the  Tateho  SCW-1-S 
SiC  whisker  /  Al203  matrix  composite  exhibited  only  a  modest  increase. 

Both  composites,  however,  exhibited  increases  in  strength.  Scanning 
electron  microscopy  examination  of  fracture  surfaces  and  crack  / 
microstructure  interactions  revealed  a  combination  of  inter-granular 
and  intra-granular  fracture  for  all  specimens.  However,  the  Silar  SC-9 
SiC  whisker  /  Al203  matrix  composite  also  exhibited  extensive  whisker 

pullout  and  bridging,  on  the  order  of  2  to  4  whisker  diameters.  A  minor 
amount  of  crack  deflection  was  also  seen  in  both  composites. 

Table  I  -  Summary  of  mechanical  properties  of  30  volume  percent  SiC 
whisker !  AI2Q3  matrix  composites. 


Polycrystalline  Composite  Composite 

Al803  (Siiar  SC-9)  (Tateho  SCW-1-S) 


Theoretical 
Density  {%) 

99.2 

100.0 

99.2 

Grain  Size  (pm) 

<2.5 

<2.5 

<2.5 

Strength  (MPa) 

456±40 

641134 

6061146 

Fracture 

3.3±Q.2 

8.710.2 

4.610.2 

Toughness  (MPaJm) 


•  ARCO  Metals  Company,  Greer,  SC. 

*'  Tateho  Chemical  Industries  Company,  Hyogo-Ken,  Japan. 
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Consideration  of  the  SiC  whisker  /  Al203  matrix  property 
mismatches  revealed  the  following: 

(1)  Thermal  Expansion  Mismatch  -  Since  the  thermal  expansion 
coefficient  of  SiC  (  4.7  x  10‘6/°C  )  is  less  than  that  of  Al203  (  8.8  x 

10'6/°C  ),  hoop  tension  and  radial  compression  existed  in  the  matrix, 
while  radial  compression  existed  in  the  whisker.  Along  the  axis  of  the 
whisker  there  was  avial  compression,  while  the  matrix  was  in  axial 
tension.  This  residual  stress  state  allowed  crack  deflection  toughening 
mechanisms  to  operate,  as  cracks  were  attracted  to  the  whiskers  and 
propagated  parallel  or  at  right  angles  to  them.  Interfaclat  compressive 
stresses  were  also  created,  which  increased  the  mechanical  bonding  at 
the  whisker  /  matrix  interface.  The  resultant  effective  interfacial 
shear  stress,  t,,  was  estimated  at  800  MPa  by  Becher  et  al.  [13].  The 
critical  whisker  length,  lc,  was  calculated  as  follows: 

l0«(o,wr)/t|  (1) 

where  r  -  whisker  radius  (0.3  pm)  and  ofw  -  whisker  tensile  strength  (7 
GPa).  Using  equation  (1)  yielded  a  critical  length  of  approximately  2.5 
pm,  in  agreement  with  observed  pullout  lengths  for  the  Silar  SC-9  SiC 
whisker  /  Al203  matrix  composite,  suggesting  a  lack  of  chemical  bond 

formation.  In  this  composite,  apparently  the  thin  surface  layer,  l.e.  20 
to  40  A.  of  SiO^Cy  and  Si08  prevented  a  strong  chemical  bond  from 

occurring.  In  the  Tateho  SCW-1-S  SiC  whisker  /  Al203  matrix 

composite,  there  apparently  was  an  enhancement  of  the  interfacial 
shear  strength  due  to  combined  mechanical  and  chemical  bonding. 

(2)  Young's  Elastic  Modulus  Mismatch  •  Slnoe  the  Ewhi|k#r/E 

ratio  was  approximately  2,  the  observed  strength  Increases  were  due  to 
the  load  transfer  mechanism.  Apparently  the  Interfacial  shear  stress 
was  sufficient  in  both  composites  to  enhance  the  strengths. 

The  research  reported  In  this  article  deals  specifically  with  the 
R-curve  behavior  of  the  composites  described  above.  It  was  performed 
to  determine  if  the  differences  in  toughening  behavior,  due  to  whisker 
surface  chemistry,  would  be  reflected  in  the  R-curve  behavior.  An 
increase  in  fracture  toughness  ns  a  function  of  crack  growth,  l.e.  rising 
R-curve  behavior,  reveals  that  the  resistance  to  crack  propagation 
increases  with  increasing  crack  growth.  From  the  engineering  point  of 
view,  rising  R-curve  behavior  is  an  important  consideration  in 
designing  a  composite  for  optimum  mechanical  behavior. 
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EXPERIMENTAL 

The  specimens  evaluated  for  R-curve  behavior  were  identical  to 
these  described  in  Table  I.  Specimen  fabrication  details  are  described 
by  Homeny  et  al.  [14].  R-curve  evaluation  was  performed  using  3  mm  x  4 
mm  x  60  mm  chevron-notched  bars  cut  from  hot  pressed  billets.  All 
surfaces  were  finished  with  a  320  grit  diamond  wheel  and  the  chevron 
notch  was  cut  with  a  0.228  thick  diamond  saw  so  as  to  produce  an  angle 
of  45°  at  the  base  of  the  triangle.  Room  temperature  load-displacement 
curves  were  measured  in  four  point  bending  on  a  stiff  mechanical  test 
machine.  The  test  was  performed  at  a  crosshead  speed  of  0.015 
mm/min,  so  as  to  achieve  stable  crack  propagation. 

The  R-curves,  i.e.  fracture  toughness  versus  crack  length,  were 
calculated  using  the  modified  model  of  Bluhm  [15-20].  The  fracture 
toughnesses,  K,  were  calculated  from  the  maximum  load,  Pmax,  and  the 

minimum  geometric  correction  factor,  Y*min,  as  follows: 

K  «  (  Pm«  '  B  W*  )  Y‘mln  (2) 

where  B  -  specimen  thickness  and  W  •  specimen  width. 


RESULTS  AND  DISCUSSION 

iQal-Displasamflnt  £udm& 

For  composites  fabricated  with  the  two  types  of  SiC  whiskers, 
typical  load-displacement  curves  are  shown  in  Figure  1.  For  the  Tateho 
SCW  1-S  SIC  whisker  /  Al203  matrix  composite,  the  load-displacement 

curves  showed  a  quasi-contlnuous  shape.  The  only  singularity  was  at 
the  end  of  the  linear  portion  of  the  curve  at  the  limit  of  elastic 
behavior,  which  represented  the  point  of  load  transfer  from  the  matrix 
to  the  whiskers.  For  the  Siler  SC-9  SiC  whisker  I  Al203  matrix 

composite,  the  load-displacemo  it  curves  showed  irregularities  In  the 
decreasing  load  portion,  In  audition  to  the  point  of  load  transfer. 
Figure  2  shows  the  details  of  the  saw  tooth  shape,  specifying  the 
points  of  crack  initiation  and  crack  arrest.  To  each  point  of  Initiation 
corresponded  a  point  of  arrest,  until  the  last  initiation,  where  the 
crack  propagated  catastrophically.  This  saw  tooth  behavior  Is  strong 
evidence  for  the  operation  of  a  crack  woke  toughening  mechanism,  e.g. 
whisker  pullout  and  bridging. 


Load  (N)  Load  (N) 
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Displacement  (pm) 


Rgure  1 .  Influence  of  SiC 
whisker  type  on  load- 
displacement  curve  for 
30  volume  percent  SiC  whisker 
/  A^CXj  matrix  composites. 


Othptacement  (pm) 


Rgure  2.  Saw  tooth  shape  of 
load-displacement  curve  for  30 
volume  percent  Sitar  SC-9  SiC 
whisker/ AljOj  matrix 

composite. 
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R-Cmves 

In  the  case  of  the  Tateho  SCW-1-S  SiC  whisker  /  AI2Q3  matrix 

composite,  the  R-curve  was  flat  (see  Figure  3).  The  composite 
exhibited  a  fracture  toughness  slightly  higher  than  that  of  the 
unreinforced  polycrystalline  Al203,  4.2  MPaVm  compared  to  3.9  MPaVm. 
The  flat  R-curves  indicate  that  no  crack  wake  toughening  mechanisms 
were  activated  during  crack  propagation. 

.  Opposite  to  the  previous  case,  the  Silar  SC-9  SiC  whisker  /  Al203 

matrix  composite  generated  rising  R-curves.  The  saw  tooth  shape 
allowed  for  the  calculation  of  two  R-curves;  one  for  crack  initiation 
and  one  for  crack  arrest.  In  agreement  with  the  derivation  of  the 
R-curve  calculation,  the  initiation  curve  was  associated  with  the 
higher  values  of  fracture  toughness  than  the  arrest  curve  (see  Figure 
4).  The  composite  exhibited  a  fracture  toughness  range  significantly 
higher  than  that  of  the  unreinforced  polycrystaliine  Al203,  8.3  to  9.3 
MPaVm  compared  to  3.9  MPaVm  (see  Figure  5).  Scanning  electron 
microscopy  examination  of  fracture  surfaces  and  crack  / 
microstructure  interactions  revealed  extensive  whisker  pullout  and 
bridging  in  the  crack  wake. 
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Figure  3.  R-curves  for  30 
volume  percent  Tateho  SCW 1-S 
SiC  whisker  /  AljOg  matrix 

composite  and  unreinforced 
polycrystaliine  Alj03. 


Fracture  Toughness  (MPaVm)  _  _  Fracture  Toughness  (MPaVm) 
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Relative  Crack  Growth 


Figure  4.  Crack  initiation  and 
arrest  R-curves  for  30  volume 
percent  Silar  SC-9  3iC  whisker 
/  A1203  matrix  composite. 


Figure  5.  R-curves  for  30 
volume  percent  Silar  SC-9  SiC 
whisker /AljOg  matrix 
composite  and  ur.relnforced 
polycrystailine  Al203. 
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CONCLUSIONS 

The  main  differences  between  composites  fabricated  with  Silar 
SC-9  and  Tateho  SCW-1-S  whiskers  were  related  to  the  shape  of  the 
R-curves  and  the  ultimate  values  of  the  fracture  toughness.  The  Silar 
SC-9  SiC  whisker  /  Al203  matrix  composite  exhibited  rising  R-curves, 

while  the  Tateho  SCW-1-S  SiC  whisker  /  Al203  matrix  composite 
showed  flat  R-curves.  The  Silar  SC-9  SiC  whisker  /  Al203  matrix 
composite  also  exhibited  significant  increases  in  fracture  toughness 
compared  to  the  unreinforced  polycrystalline  Al203,  while  the  Tateho 

SCW-1-S  SiC  whisker  I  Al203  matrix  composite  showed  little 
improvement  over  the  unreinforced  polycrystalline  Al203,  This 

observation  was  not  related  to  the  physical  or  mechanical  properties  of 
the  whiskers,  since  they  were  basically  equivalent,  but  rather  to  the 
surface  chemistry  differences.  The  presence  of  SiOxCy  and  Si02  on  the 

surfaces  of  the  Silar  SC-9  whiskers  was  a  critical  factor  in  allowing 
crack  wake  toughneing  mechanisms,  i.e.  whisker  pullout  and  bridging,  to 
operate  in  the  composites  fabricated  with  these  whiskers.  These  wake 
toughening  mechanisms  were  responsible  for  the  enhanced  fracture 
toughness  and  rising  R-curves  for  this  composite. 
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MECHANICAL  PROPERTIES  AND  GRAIN  GROWTH  INHIBITION  IN  THE  SYSTEM 
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Department  of  Materials  Science  and  Engineering,  Lehigh 
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ABSTRACT 


The  grain  coarsening  in  a  50:50  volume  percent  Al2a3:c-Zr02 
composite  is  shown  to  be  severely  limited  even  after  long  heat 
treatments  at  high  temperatures  (100  hours  at  1650'C) .  The 
strength  behavior,  measured  by  an  indentation-strength-in¬ 
bending  (ISIB)  method,  shows  a  "rule-of-mixtures"  type  behavior. 
The  microstructural  stability  at  high  temperatures  yields 
reliability  in  the  mechanical  properties  which  has  important 
implications  with  regard  to  fiber-reinforcement  technology. 


INTRODUCTION 


Duplex  interconnected  microstructures  have  been  used  for 
many  years  in  the  metals  field  for  the  generation  of  fine-grained 
materials  suitable  for  superplastic  forming. [1]  However,  this 
technique  has  not  been  exploited  in  the  field  of  ceramics  for 
producing  microstucturally  stable  materials.  Microstructural 
stability  implies  reliability  of  mechanical  properties,  since 
grain  growth  would  be  limited  during  high  temperature  service. 

To  study  the  microstructural  development  and  mechanical 
properties  of  dual  phase  interconnected  microstructures,  a 
suitable  system  must  be  chosen  in  which  there  is  (a)  limited 
solid  solubility  of  the  two  phases,  and  (b)  no  intermediate 
compounds  between  phases.  The  system  A120, :c-zr02  was  selected 
since  it  fulfils  both  these  criteria.  Although  there  has  been  a 
fair  amount  of  previous  work  in  this  system  [2,3],  the  emphasis 
has  been  on  highly  alumina-rich  and  zirconin-rich  compositions. 
Very  little  study  has  been  carried  out  with  compositions  near 
50:50  volume  percent. 


SKEEBIMEmL  PROCEDURE 


Commercial,  high  purity  powders*  were  mixed  in  200-proof 
ethanol  and  ball  milled  for  24  hours  then  air  dried  on  a  hot 
plate.  After  crushing  the  dried  cake,  specimens  for  mechanical 
testing  (25  mm  diameter,  3  mm  thickness)  were  produced  by  die 
pressing/isostatio  pressing  (30  MPa/350  MPa).  Single-phase 
specimens  were  fabricated  using  the  same  pressing  sohedulo.  The 
pellets  were  calcined  in  air  for  16  hours  at  lQOO’c  followed  by 
sintering.  Table  I  shows  the  sintering  times  and  temperatures 
for  the  three  compositions.  The  sintering  schedule  was  chosen 

*Suaitoao  AKP-HP  Al2o3,  Japan*  Tosoh  8V-Zr02,  Japan. 
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to  produce  a  final  average  grain  size  of  -5  urn.  Pellets  12  mm 
diameter,  5  mm  thickness  were  also  produced  for  microstructural 
development  studies.  Polished  cross-sections  were  characterized 
using  scanning  electron  microscopy  (SEM) ,  and  average  grain 
sizes  were  determined  using  a  lineal  intercept  technique.  Room 
temperature  strength  was  measured  using  an  indentation-strength- 
in-bending  (ISXB)  technique.  [4,5] 


TABLE  X.  Sintering  schedule  for  single  phase  and  dual-phase 
specimens  for  mecanical  testing. 


.Composition 


Tiaq nours 


A1  0,  1650 
AZoO  1650 
C-Zr02  1500 


3 

9 

2 


REsiaaa  md  QissHaaion 


Figure  1  shows  the  grain  growth  behavior  of  single  phase 
Al203,  single  phase  ZrO,,  and  the  duplex  AZ50  as  a  function  of 
sintering  time  at  1650*C.  The  sintering  kinetics  were  modelled 
using  the  relation; 


Gn-Gg  »  Kt  (l) 


where  G  is  the  average  grain  size  at  time  t,  n  is  the  grain 
growth  kinetic  exponent,  Gp  is  the  grain  size  at  t  =  0  and  K  is 
a  constant.  The  growth  rate  constants,  for  n  ■  3,  appear  in 
Table  II. 


FIGURE  1.  Effect  of  tiee,  at  1650*C,  on  the  average  grain  size 
of  single  phase  c-2rOa(a),  single  phase  A1203(A)  and  A250  - 
Al2o3  phase (A)  and  c-2r0j  phase (o). 
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TABLE  XI.  Grain  growth  constants,  for  n  =  3,  for  single  phase 
A1203,  single  phase  c-Zr02,  and  each  phase  in  A250. 

Composition  KxlQ23.  m3/s 


single  phase 
AZ50 


ai,o3 

c-zro2 

Al,0-> 

c-Zro2 


1200 

27000 

7.3 

7.6 


It  can  be  seen  that  the  presence  of  50  vol%  c-ZrO?  (AZ50) , 
lowers  the  grain  growth  constant  of  A1203  by  a  factor  of  160. 

It  should  be  noted  that  kinetic  exponents  from  2  to  6  all 
provided  a  reasonable  fit  (accounted  for  >90%  of  the  variation) 
to  the  data.  However  n  =  3  was  chosen  to  allow  comparison  with 
the  effect  of  MgO  on  the  grain  growth  of  Al203  (6)  ,  where  K  was 
observed  to  decrease  by  a  factor  of  50  at  1500  C.  A  typical 
microstructure  of  the  AZ50  composition  can  be  seen  in  Figure  2, 
where  the  dark  phase  is  A1203  and  the  light  phase  is  c-Zr02. 


FIGURE  2.  Typical  microatructur*  of  AZ50  after  100  hours  at 
1650*C. 


Clearly  the  AZ50  duplex  structure  exhibits  dr ana tic  inhibition 
of  grain  coarsening  relative  to  the  constituent  phases.  The 
underlying  physical  mechanise*  for  this,  togsther  with  grain 
growth  data  on  other  A2  compositions  will  be  discussed  in  future 
work.  (7) 

The  strength -indentation  load  results,  Figure  3,  show  a 
“rule-of-sixtures"  like  behavior,  i.e.  the  the  ASSS0  graph  or  log# 
-  log  P  la  linear  with  s  slops  of  -1/3,  and  falls  midway  between 
the  single  phase  data.  This  result  suggests  that  grain  boundary 
stresses  due  to  the  thermal  expansion  mismatch  between  Al2o3  and 
c-Zr02  play  a  relatively  minor  role  in  the  mechanical  properties 
of  the  composite  at  these  grain  sites. 
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FIGURE  3.  The  effect  of  composition  on  the  strength  behavior  of 
AI203:e-Zr02  composites. 


SUMMARY 


V  azso  shove  dramatic  coarsening  resistance  even  after  100 
h'avra  at  1650*0. 

i)  five  strength  data  (logs  -  log  P)  shove  a  "rule-of- 
mirtures"  type  behavior  vith  the  strength  of  the  A3 50 
intermediate  between  that  of  the  single  phases. 

3)  The  microstructural  stability  of  a  dual-phase 

microatruoture,  such  as  A3 50  could  he  applicable  to  fiber 
technology,  vhare  fiber  coarsening  could  be  controlled  or 
possibly  eliminated. 
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ABSTRACT 


The  influence  of  microstructure  on  the  crack  resistance  (R-curve)  behavior  of  a  commercial 
debased  alumina  containing  large  amounts  of  glassy  phase  ( 28  vol  %)  has  been  studied  using  the 
Indentation-Strength  test.  The  effect  of  two  microstructural  variables,  viz.  grain  size  and  the 
nature  of  the  intergranular  second  phase  (glassy  or  crystalline)  has  been  evaluated. 
Crystallization  of  the  intergranular  glass  was  carried  out  in  order  to  generate  residual  stresses  at 
the  grain  boundaries,  which  have  been  shown  to  enhance  R-curve  behavior  in  ceramic  materials. 
Enhancement  of  the  R-curve  behavior  was  observed  with  the  increase  in  grain  size.  However, 
no  effect  of  the  nature  of  the  intergranular  second  phase  on  the  R-curve  behavior,  in  small  and 
large  grain  materials,  was  observed.  The  results  from  characterization  of  these  materials  using 
various  analytical  techniques  is  presented,  together  with  possible  explanations  for  the  observed 
effects. 


INTRODUCTION 


Recently  several  researchers  [1  to  4]  have  reported  considerable  increase  in  toughness  of 
debased  (liquid-phase-sintered)  aluminas,  containing  10  to  30  vol  %  intergranular  glass,  by 
crystallization  of  the  glass  via  simple  heat-treatments.  However,  it  should  be  noted  that  the 
toughness  measurements  in  the  above  studies  were  performed  at  single  crack  length  values, 
whereas  recent  work  has  shown  that  many  alumina  ceramics  show  increase  in  toughness  with 
crack  length,  i.e.  crack  resistance  or  R-curve  behavior  [5  to  10).  The  effect  of  crack  resistance 
has  been  attributed  to  die  phenomenon  of  microstructural  grain-localized  bridging  of  the  crack,  in 
the  wake  of  its  tip,  and  is  very  sensitive  to  the  microstructurc  of  the  material  [5, 11].  In  the 
present  study  we  have  set  out  to  evaluate  the  effect  of  grain  size  and  crystallization  of  the 
intergranular  glass  on  the  mechanical  properties  (R-curve  behavior)  of  these  materials  over  a 
wide  range  of  crack  lengths. 

The  grains  bridging  the  crack,  in  non-cubic  polycrystalline  ceramics,  have  been  postulated 
to  be  clamped  in  the  matrix  by  compressive  residual  stresses  generated  during  cooling  from 
processing  temperatures,  due  to  thermal  expansion  anisotropy  present  in  these  materials  [12]. 
These  residual  stresses  play  an  important  role  in  the  bridging  phenomenon.  The  grain  size  of  the 
polycrystalline  ceramic  is  also  known  to  influence  R-curve  behavior  of  these  materials  [7,1 3). 

Indentation-strength  [7,  8]  is  a  very  convenient  way  of  monitoring  R-curve  behavior  in 
ceramic  materials.  Bending  over  of  the  fracture  stress  versus  indentation  load  curve  at  the  low 
indentation  load  end  is  a  direct  consequence  of  R-curve  behavior  exhibited  by  the  material,  and 
gives  rise  to  a  region  where  the  fracture  stress  is  independent  of  the  indentation  load  (and  hence 
crack  size)  [15, 16).  An  important  implication  of  R-curve  behavior,  therefore,  is  that  it  suggests 
a  degree  of  flaw  tolerance,  which  is  very  useful  in  terms  of  engineering  design.  R-curve 
behavior  also  has  great  significance  in  the  wear  properties  of  materials,  since  this  is  governed  by 
fracture  charactenstics  at  low  flaw  sizes.  More  recently  it  has  been  postulated  that  R-curve 
behavior  increases  the  Weibull  modulus  of  ceramic  materials  which  exnibit  such  behavior  [17, 


Mat,  Rat.  Soc.  Symp.  Pros.  Vol.  170.  *1900  Matariala  Rataareh  Social* 


SS@5 


-  ■  a^.M  .  './j 


246 


18]. 

The  purpose  of  this  study  was  to  determine  the  separate  and  combined  influences)  of  grain 
size  and  second  phase  crystallinity  on  the  R-curve  behavior  of  debased  ceramics.  The  material 
chosen  was  Coon  AD85  alumina  containing  about  28  vol  %  glass.  This  material  was  subjected 
to  carefully  designed  heat-treatments  so  as  to  increase  the  grain  size  and  increase  residual  stresses 
at  the  graut  boundaries  by  crystallization  of  the  intergranular  glass.  It  was  envisaged  that  in 
doing  so,  it  would  be  posable  to  enhance  R-curve  behavior  in  these  materials. 


EXPERIMENTAL 


About  300  samples  of  AD85  alumina  in  the  form  of  disks  (25mm  dia  x  3mm)  were 
obtained  from  Coon  Ceramic  Company.  A  series  of  beat- treatments  was  carefully  devised  in 
order  to  produce  four  sets  of  samples  of  differing  microstructures.  Tables  I  and  II  show  the 
details  of  the  heat-treatments  and  the  resulting  microflructures  respectively.  The  denotation  S  or 
L  refers  to  small  or  large  gran  size  respectively,  and  C  or  G  refen  so  crystalline  or  glassy  second 
phase  respectively. 


Material 

AD85-S-G 

AD85-S-C 

AD85-L-G 

AD85-L-C 


Table  I  Various  heat-treatments.  AD85  subjected  so. 
Hcai-trcattacnts 
a)  As-received 

a)  1400°C  for  6  hours,  quenched 

b)  1150°C  for  130  hours 

a)  1550“C  for  250  hours 

b)  1200“C  for  130  hours 


Homogenize  intergranular  glass 
Crystallize  intergranular  glass 
Increase  grain  «<» 

Crystallize  the  intergranular  glass 


Table  II  Microstnictural  aspects  of  AD85  after  the  heat-treatments. 


Material 

Chain  size 

AD85-S-G 

3pm 

Glassy 

AD85-S-C 

3pm 

80%  crystalline 

AD35-L-G 

18pm 

Glassy 

AD85-L-C 

18pm 

80%  crystalline 

Specimens  for  Transmission  Electron  Microscopy  (TEM)  were  prepared  from  the  above 
samples  using  a  (Simpler  and  that  ion-beam  milling  until  perforation.  TEM  investigation  was 
performed  on  a  Phillips  EM  400T  at  an  accelerating  voltage  of  120  keV.  Chemical  composition 
of  the  intergranular  glass  was  determined  using  Scanning  Transmission  Electron  Microscopy 
(STEM)  and  Energy  Dispersive  Spectroscopy  of  x-rays  (EDS)  on  the  same  instrument  Sample* 
were  prepared  for  Scanning  Electron  Microscopy  (SEM)  by  polishing  sections  to  l|im  grade 
followed  by  thermal  etching  at  1500  °C  for  15  minutes 

Mechanical  testing  of  AD85-S-G,  AD85-S-C,  AD85-L-G  and  AD85-L-C  was  carried  out 

as  follows.  About  50  disk  samples  of  each  were  polished  to  1pm  grade  on  the  prospective 
tensile  side.  A  Vickers  indentation  was  made  at  the  center  of  the  polished  surface  with  loads 
varying  from  2  to  300  N.  Some  samples  were  left  unindented.  The  samples  were  broken  in 
biaxial  flexure  using  the  3-point  support  and  punch  fixture.  Details  of  tins  particular  method  of 
mechanical  testing  have  been  described  elsewhere  [7], 
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RESULTS  AND  DISCUSSION 


Table  ID  shows  the  composition  of  the  intergranular  glass  of  AD85-S-G  samples  after 
homogenization  heat-treatment,  as  determined  by  STEM  and  EDS.  This  is  an  average  of  many 
different  spectra  obtained  from  different  regions  of  the  sample.  The  compositions  were  observed 
to  be  fairly  consistent,  which  implies  that  the  glassy  phase  is  homogeneous.  The  composition 
obtained  agrees  closely  with  that  determined  by  Weiderhom  et  al.  [19]  for  AD85  with  the  same 
heat-treatment.  Using  this  composition  as  the  basis,  the  heat-treatment  given  in  table  I  was 
devised.  Figure  1  show  SEM  micrographs  of  AD85-S-G  (grain  size  3jrm)  and  AD85-L-G 

(grain  size  18nm).  Figures  2  and  3  show  TEM  micrographs  of  AD85-S-G  and  AD85-S-C 
showing  glassy  and  crystalline  intergranular  phases  respectively.  The  grain  size  did  not  change 
appreciably  during  crystallization  heat-treatment  The  crystalline  intergranular  phase  in 
AD85-S-C  was  observed  to  be  mostly  anorthite.  With  this  composition  it  was  not  possible  to 
achieve  100%  crystallinity,  thus  pockets  of  residual  glassy  phase  were  observed  at  the  triple 
points. 


F»|ure  1  SEM  Secondary  dectron  images  of  polished  and  esched  sections,  of  AD8S  aluminas 
a)  AD85-S<3  (fine  grained  maieriai) ,  b)  AD85-L-C  (coarse  grained  material). 


*'  Mil 


Figure  2  TEM  bright  field  image  of  AD85-S-G 
showing  intergranular  glassy  pockets 
(A- Alumina,  Q-  Glass). 


i 

si 

*  1 


.•1  Mill 


Figure  3  TEM  bright  field  image  of  AD85-S-C 
showing  crystalline  intergranular 
phase  (A-Alumlna,  C-  Crystalline). 


Figure  4  Plot  of  indentation  lead  versus  fracture  stress  for  four  different  materials,  derived  from 
AD85.  The  error  bars  for  all  the  data  are  shown  in  the  left  The  hatched  region 
represents  failures  from  natural  flaws. 
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Figure  4  shows  indentation  load  versus  fracture  stress  for  AD85-S-G,  AD85-S-C,  AD85-L- 
G,  and  AD85-LrC.  It  can  be  seen  that  all  the  data  essentially  falls  on  two  graphs  corresponding 
to  1)  fine  gained  materials  (AD85-S-G  and  AD85-S-Q  and  2)  coarse  grained  materials  (AB85-L- 
G  and  AD85-L-C).  It  can  be  clearly  seen  that  coarse  grain  aluminas  show  much  more 
pronounced  R-curve  behavior  than  fine  grain  aluminas. 

Because  the  curves  for  materials  with  glassy  and  crystalline  intergranular  phases  show 
similar  behavior,  this  indicates  marginal  or  no  effect  of  crystallization  on  the  R-curve  properties 
of  these  materials.  The  effect  of  grain  size  on  the  R-curve  behavior,  however,  is  much  more 
marked,  and  this  is  in  agreement  with  results  obtained  by  Cook  et  al.[7]  for  single  phase 
aluminas,  and  Bennison  et  al.  [20]  for  debased  aluminas.  Given  that  grain-bridging  processes 
must  be  dependent  on  the  residual  stresses  in  the  grain  boundary  regions,  the  lack  of  effect  of 
crystallization  on  the  R-cmvc  behavior  is  somewhat  surprising. 

Possible  explanations  tor  the  lack  of  effect  of  crystallization  of  the  intergranular  glass  arc 
thought  to  be  as  follows: 

1.  Stress  relaxation  by  residual  glass 

2.  Fracture  through  the  residual  glass 

3.  Stress  relaxation  by  high  temperature  deformation  (twinning)  of  anorthite. 

Work  is  currently  underway  to  determine  which  of  the  above  mechanisms  (if  any)  are  correct 


CONCLUSIONS 


The  major  conclusions  from  the  above  study  can  be  summarized  as  follows; 

1.  The  effect  of  grain  size  on  the  R-curve  behavior  predominates. 

2.  Crystallization  of  the  intergranular  glass  has  relatively  little  or  no  effect  on  the  R-curve 
behavior  of  AD85.  Possible  explanations  attributing  to  the  observed  behavior  have  been 
described  above. 

3.  An  important  conclusion  can  however  be  drawn  form  the  observed  behavior.  Coots  AD85 
can  be  subjected  to  prolonged  heat-treatment  cycles  up  to  1200®C  without  having  any 
significant  effect  on  room  temperature  mechanical  properties  (pertaining  to  fast  crack 
growth).  This  property  of  AD85  can  be  very  useful  in  prolonged  high  temperature  structural 
applications  and  in  metallization  applications  Imparting  heat-treatment  tolerance  along  with 
flaw  tolerance. 
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ABSTRACT 

Interfacial  adhesion  in  metal  matrix/metallic  glass  composites  can  be 
Improved  by  two  methods:  either  by  shifting  the  original  interface  into 
the  glassy  material  by  interface  induced  crystallization  or  by  creating 
new  crystal! ine/amorphous  interfaces  during  glass  formation  by  solid  state 
reactions  between  two  crystalline  materials. 


INTRODUCTION 

Within  the  last  decades  the  economic  Importance  as  well  as  the  techno¬ 
logical  development  of  metal  matrix  composites  has  shown  a  strong  increase. 
This  led  to  the  development  of  new  types  of  composite  materials.  An  inter¬ 
esting  new,  in  literature  nearly  unknown  kind  of  composite  is  the  combination 
of  metallic  glasses  within  a  metallic  matrix. 

Metallic  glasses  are  amorphous  materials.  Due  to  their  amorphous  state 
they  often  exhibit  extraordinary  properties  such  as  high  strength  (up  to 
4000  MPa)  along  with  good  ductility  Cl 3  or  good  corrosion  resistance  [2). 
Using  the  melt  spinning  technique  metallic  glasses  can  be  directly  produced 
as  a  ribbon  with  a  high  surface- to-volurv*  ratio  at  low  production  costs. 

Beside  the  melt  spinning  technique  metallic  glasses  can  be  formed  by 
solid  state  reactions  from  crystalline  materials.  This  amorphisation  tech¬ 
nique  has  been  developed  by  Schwarz  and  Johnson  r33  in  the  la-Au  system. 
Between  thin,  alternating  tayers  of  two  crystalline  components  an  amorphous 
Interphase  will  grow  during  annealing.  Schultz  [4j  modified  this  thin  film 
technique  by  using  Ni  and  Zr  foils  which  were  rolled  into  one  another,  cold 
welded  and  subsequently  annealed.  This  treatment  led  again  to  the  formation 
of  an  amorphous  interphase.  Using  this  method  Schultz  was  even  able  to  obtain 
amorphous  wires. 

Good  adhesion  between  fibre  and  matrix  is  the  main  determinating  factor 
for  any  technical  application  of  composites.  Previous  efforts  tS-Tj  of  incor¬ 
porating  metallic  glass  ribbons  into  a  metallic  matrix  usually  failed  due  to 
a  severe  lack  of  adhesion.  Our  previous  investigations  (SJ  have  shown  that 
good  adhesion  can  only  be  obtained  with  clean,  e.q.  oxide  free,  surfaces  of 
both  components.  There  are  two  ways  to  produce  amorphous/crystalline  composi¬ 
tes  with  improved  adhesion  at  the  interface: 

-  shifting  the  former  amorphous/crystalline  interface  into  the  glassy 
material  by  interface  induced  crystal lizatioo, 

•  creating  new  amorphous/crystalline  interfaces  during  glass  formation  by 
solid  state  reactions. 

The  mechanisms  of  both  methods  are  shown  schematically  in  tig.  1  and  will  be 
explained  In  more  detail  later,  tn  this  Investigation  micmtructural  changes 
in  the  interfaciat  region  of  the  composites  as  produced  by  both  methods  have 
been  studied  systematically  by  microscopical  analysis. 
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by  primary  crystallization 


( Blank-  Bemrtdorff .  Koittr  , 

Mat  Set  Lttt  .  1949  I 

by  omorphizotion  due  to 
solid  stats  reactions 
(crystalline  /  crystalline  ) 

1  Schrodtr.  Sommer .  K otter . 

Phy»  Brr  Lett  .  1945  ) 


by  amorphization  due  to 
solid  slat  reactions 
(crystollme  /  amorphous ) 


Fig.  1:  Formation  (schematically)  of  metal  matrix/metallic  glass  composites 
with  Improved  Interfaclal  adhesion:  (a)  by  Interface  Induced  crys¬ 
tallization;  (b),(c)  by  solid  state  reactions. 


RESULTS  AND  DISCUSSION 


Shifting  the  amorphous/crystalllne  Interface  Into  the  glassy  material 
Interface  Induced  crystallization 


The  primary  crystallizing  glass  Fe„jN1k?RJt  was  produced  by  melt  spin¬ 
ning  under  30  hPa  helium  giving  a  ribbon  with  a  thickness  of  20-25  pm  and  a 
width  of  1-1.5  mm.  On  these  ribbons  nickel  was  electrolytleally  deposited 
using  Watt's  bath  [9].  To  obtain  reasonable  adhesion,  the  oxide  layer  on  the 
ribbon  surfaces  had  to  be  removed  by  etching  prior  to  the  electrolytic  depo¬ 
sition  of  nickel.  These  composites  were  annealed  between  1  and  5  h  under  high 
vacuum  at  temperatures  between  300*400'C.  Adhesion  was  indirectly  measured 
by  tensile  tests,  while  the  interfaclal  reactions  were  studied  by  means  of 
microscopical  methods  (OH,  SEH,  TEH),  in  particular  by  cross-sectional  TEH. 

The  adhesion  between  the  components  was  relatively  poor  in  the  unan¬ 
nealed  composites.  Looking  at  the  fracture  surface  after  tensile  testing, 
a  separation  of  the  coaiponents  was  observed  due  to  a  lack  of  adhesion  between 
fibre  and  matrix.  The  adhesion  was  Improved  by  annealing.  Fig,  2  shows  the 
fracture  surface  of  an  annealed  composite  (30  min  at  350*C).  No  gaps  can  be 


observed.  Whereas  the  fracture  surface  of  an  unprocessed  ribbon  after  the 
same  heat  treatment  exhibits  the  typical  vein  pattern,  the  fracture  surface 
of  the  ribbon  embedded  In  the  metallic  matrix  shows  a  quite  different  appear¬ 
ance  with  a  less  developed  pattern  of  very  fine  veins,  running  rectangular 
from  the  Interfaces  accumulating  Into  the  middle  of  the  ribbon. 


Fig.  2:  Fracture  surface  after  tensile  testing  of  an  Fe4JNi4?Blt/N1 
composite  (annealed  for  30  Bin  at  350°C). 


The  primary  crystallizing  glass  FeujN^jBjg  was  chosen  for  this  experi¬ 
ment,  because  after  early  annealing  embrittlement  of  the  amorphous  structure 
It  Is  known  to  regain  strength  and  ductility  during  further  annealing  into 
the  partially  crystallized  state  CIO],  Fig.  3  shows  the  tensile  strength  as 
a  function  of  annealing  time  at  360*0  for  the  primary  crystallizing  glass 
Fe84B.6  as  well  as  for  the  eutectic  crystallizing  glass  Fe,0Bso.  With  in¬ 
creasing  annealing  time  the  amount  of  free  volume,  which  Is  responsible  for 
the  localized  ductility,  will  be  reduced  by  relaxation  processes  and  the 
material  becomes  brittle,  In  the  Fe>4B,6  glass,  however,  further  annealing 
leads  to  primary  crystallization  of  a-Fe  accompanied  with  an  Increase  In 
strength  and  ductility.  The  reason  for  the  reductlllzatlon  is  probably  an 
increase  of  free  volume  at  or  near  the  interfaces  of  the  soft  a-Fe  crystals, 
internal  stresses  due  to  the  different  thermal  expansion  coefficients  of  the 
amorphous  and  the  crystalline  phase  will  build  up  during  too’tng  down  from 
annealing  temperature  and  might  also  cause  such  an  effect.  In  contrast,  the 
eutectic  crystallizing  glass  Fe,0B.0  as  well  as  polymorphic  crystallizing 
glasses  exhibit  only  annealing  embrittlement.  Simitar  reductlllzatlon  effects 
Have  been  observed  for  the  primary  crystallizing  glasses  when  embedded  in  a 
metallic  matrix. 

To  obtain  furthar  Information  about  the  reason  behind  the  improved  ad¬ 
hesion,  cross-sectional  transmission  electron  microscopy  has  been  performed. 
Fig.  4  shows  the  Influence  of  annealing  at  350*C  on  the  microstructure  of 
the  interfaclat  region  in  a  Fe4JN14j8.t/N1  coaposfte.  Nickel  crystals  are 
deposited  as  columnar  grains  perpendicular  to  the  ribbon  surface.  From  these 
crystalline  M-1ayers,  fine  y-{Fe,Hi)  crystals  grow  epitaxially  Into  the 
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Fig.  3:  Influence  of  annealing  on  tensile  strength  for  Fe80B20  and  Fe0uBl6 
ribbons  [10]. 


amorphous  ribbon  and  shift  the  crystal line/amorphous  boundaries  Into  the 
original  glass  (see  fig.  1).  After  short  annealing  (30  min)  In  the  bulk  as 
well  as  at  the  interface  the  first  few  very  small  v-(Fe.NI)  crystals  were 
formed.  Along  the  Interface  a  number  of  very  small  holes  can  be  seen.  Because 
surface  as  well  as  Interface  Induced  crystallization  usually  starts  earlier 
than  the  crystall ization  of  the  bulk,  we  can  assume  that  some  regrowth  of 
the  deposited  nickel  crystals  nay  have  occurred.  On  further  annealing  these 
crystals  form  a  crystallization  front  and  after  150  min  the  original  amor- 
phous/erystalllne  Interface  has  been  shifted  by  70  to  80  no  on  each  side  into 
the  ribbon.  The  growth  rate  of  the  crystallization  front  Is  time-dependent. 
Using  the  activation  energy  for  growth  of  Y-(fe,N1)  crystals  In  the  bulk  of 
the  same  glass  C1U  a  thickness  of  60  n»  can  be  calculated,  which  is  in  good 
agreement  to  our  experimental  results. 


Fig.  4:  Influence  of  annealing  at  350*C  on  the  Mierostructure  of  the  inter- 
facial  region  in  Feh}htk}8u/hi  cbnposites;  (a)  30  win;  (b)  ISO  Min. 
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By  measuring  the  mechanical  properties  the  improved  adhesion  between 
the  glassy  ribbon  and  the  matrix  could  be  confirmed.  Stress-strain  diagrams 
show  that  due  to  the  embedding  in  a  ductile  metallic  matrix,  the  glassy  rib¬ 
bon  was  able  to  withstand  plastic  deformation  up  to  Z%  without  rupture;  the 
metallic  glass  itself  exhibits  only  elastic  elongation  under  similar  condi¬ 
tions.  Optical  micrographs  of  longitudinal  sections  exhibit  that  the  plastic 
deformation  of  the  ribbon  did  not  take  place  homogeneously,  but  on  several 
activated  shear  bands. 


Formation  of  Metal  Hatrix/Hetallic  Glass  Composites  by  Solid  State  Reactions 

After  careful  cleaning  and  etching  N1-  and  Zr-folls  (HI ;  d  =  0.5  mm; 
Zr:  d  *  0.11  ntn)  were  alternatingly  packed  and  subsequently  cold-rolled.  The 
thickness  reduction  was  about  70  t.  Unannealed  this  composite  shows  a  reason¬ 
able  adhesion  just  due  to  the  formation  of  clean  metallic  surfaces-  After 
annealing  at  temperatures  between  250  and  3809C  for  0.?5  to  100  h  the  inter- 
facial  regions  have  been  analyzed  by  cross-sectional  TEM. 

Fig.  5  shows  a  TEN  micrograph  of  a  Ni/Zr  composite  after  annealing  for 
25  h  at  270°C.  8etween  the  crystalline  Ni-  and  Zr-1ayers  an  amorphous  inter¬ 
phase  (see  fig.  1)  has  been  formed.  Such  a  reaction  can  proceed  by  Interdif¬ 
fusion  if  the  free  energy  of  the  amorphous  phase  is  lower  than  that  of  the 
crystalline  sandwich.  The  time-dependent  growth  of  the  amorphous  layer  indi¬ 
cates  that  the  reaction  is  diffusion  controlled  with  an  activation  energy  for 
diffusion  of  (L  ■  100  kj/taole,  which  is  in  good  agreement  to  measurements  by 
Kcng  (133  in  Iti/Zr  thin  film  diffusion  couples.  The  formation  of  the  amor¬ 
phous  Interphase  led  to  a  strong  increase  of  adhesion  between  the  components; 
only  a  few  KirkendaU  voids  could  be  observed.  After  the  amorphous  phase  has 
reached  a  critical  thickness  of  about  0,1  pm  (12,133  further  annealing  leads 
to  the  formation  of  a  crystalline  phase,  probably  NIZr. 


Fig.  5;  Amorphous  InterBase  between  cold-rolled  (it-  and  *r- foils  after 
annealing  for  25  h  at  270*C  (12). 
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The  method  of  producing  amorphous/crystalline  metallic  composites  by 
solid  state  reactions  should  also  work  using  Zr-rlch  Nl-Zr  metallic  glasses 
instead  of  the  pure  Zr-foils  in  contact  with  Ni-foils.  Thermodynamically  it 
should  be  possible  to  enlarge  the  amorphous  section  by  moving  the  interface 
into  the  crystalline  layer,  i.e.  by  formation  of  an  amorphous  phase  with  less 
Zr  content  due  to  Interdiffusion  of  the  nickel  at  elevated  temperatures  (see 
fig.  1).  However,  as  yet  this  has  not  proved  successful.  Only  the  formation 
of  a  thin  crystalline  interphase  with  unknown  structure  was  observed. 
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ABSTRACT 

Varying  die  composition  of  the  matrix  alloy  was  a  useful  technique  for  tailoring  the 
interfacial  structure  of  MMC.  In  this  paper,  the  influence  of  different  interfacial  states  on  the 
tensile  strength  of  Gr/Al  composites  were  investigated.  Three  aluminum  alloys,  pure  Al,  Al-Ti 
alloy  (Ti  oversaturated)  and  LY12  (an  Al-Cu-Mg  alloy)  were  chosen  as  the  matrix  materials.  The 
results  showed  that  the  composites  with  Al-Ti  matrix  tuui  excellent  tensile  properties,  even  after 
heat-treatment  at  600°C,  while  with  LY12  matrix  exhibited  poor  properties  compared  with  pure  Al 
matrix.  Microanalysis  revealed  that  the  interfacial  structures  of  the  composites  with  the  above 
matrices  were  different  In  addition,  an  initial  study  of  mechanism  of  these  matrix  effects  on  the 
properties  of  the  composites  was  also  carried  out 


INTRODUCTION 

Graphite  fiber  reinforced  aluminum  matrix  composites  are  candidate  materials  for  aerospace 
applications  because  of  both  the  high  specific  strength  and  modulus.  However,  major  problems 
encountered  in  the  fabrication  of  such  composites  include  wetting,  bonding  and  interfacial  reaction 
at  the  fiber-matrix  interface  [1-4].  So,  surface  treatment  of  the  fiber  with  coatings  and  matrix 
alloying  are  widely  used  to  improve  wettability  and  inhibit  the  reaction  at  interface,  and  then,  to 
modify  the  interfacial  state  and  affect  the  final  mechanical  properties  of  the  composites  [5-7]. 

In  this  paper,  we  were  dealing  with  the  influence  of  three  aluminum  matrices,  pure  Al,  Al- 
Ti  alloy  and  LY12  (an  Al-Cu-Mg  alloy),  on  the  tensile  properties  of  the  Gr/Al  composite  wires 
with  Ti-P  coating  on  the  fibers.  The  interfacial  structure  of  the  composites  and  the  mechanism  of 
the  effects  of  these  matrices  were  also  studied  initially. 


EXPERIMENTAL  PROCEDURE 

The  composite  wires,  with  commereialy  pure  aluminum  (99.9wt%Al),  Al-Ti  binary  alloy 
(0.40wt%Ti)  and  LY12  (an  aluminum  alloy  with  3.8-4.9wt%Cu,  1  J2-1.8wt%Mg  and  0.3- 
0.9wt%Mn)  matrices,  were  produced  by  Ti-B  CVD  coating  and  infiltration  with  molten  aluminum 
matrix.  All  composite  wires  contained  approximately  50  vol%  of  continuous  and  unidirectional 
Toray  graphite  fiber  M40  (its  tensile  strength  was  about  1860  MPa,  modulus  of  elasticity  was 
about  3.6x10s  MPa  and  diameter  was  about  6.5  pm). 

The  composite  wires,  M40/A1,  M40/Al-Ti  and  M40/LY12,  were  examined  in  as-received 
and  heat-treated  conditions.  Heat  treatment  was  carried  out  at  400“C,  490° C,  550°C,  580°C  and 
600°C  for  1  hour  in  a  vacuum  environment  (less  than  5x10"*  Ton).  Tensile  tests  of  the 
composites  and  the  fibers  after  the  matrix  was  leached  away  were  performed  at  room  temperature 
by  XLL-50  universal  testing  maching  at  a  25  mm/min  crosshead  speed.  The  fracture  surfaces  of 
the  composites  were  observed  by  SEM. 

Microanalyses  were  earned  out  by  TEM,  SAM  and  XPS.  The  TEM  specimens  of  the 
composites  were  prepared  by  ion  milling  and  examined  in  a  Hitachi  H-700  transmission  electron 
microscope  with  a  beam  size  of  approximately  100  nm.  The  fracture  surfaces  of  M40/A1  and 
M4Q/Al-Ti  fractured  in-situ  were  examined  by  a  Perkin- Elmer  PHI-610  scanning  Auger 
microscope  in  vacuum  environment  (about  5x10’ 10  Tore)  with  a  beam  size  of  approximately  500 
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nm.  Specimens  for  XPS  were  prepared  by  leaching  away  the  matrix  carefully  and  the  surfaces  of 
the  fibers  which  were  extracted  from  the  composites  were  examined  using  a  NP-1  X-ray 
photoelectron  spectroscope. 


RESULTS  AND  DISCUSSION 
Tensile  Strength  of  Composites 

The  effects  of  temperature  on  the  tensile  strength  of  the  composites  and  the  graphite  fibers 
after  the  matrix  was  leached  away  are  shown  in  Table  L 

Table  I.  The  effects  of  temperature  on  the  strength  of  the 
composites  and  the  leached  fibers. 


tensile  strength  (MPa) 


A.R.* 

580°C 

nsi 

M4CKA1 

948.6 

997.6 

1051.5 

1020.2 

824.2 

1078.2 

(1960.0) 

(1996.3) 

(1996.3) 

(1976.7) 

(1670.9) 

M4fVAl-Ti 

934.1 

1095.6 

1131.9 

1086.8 

1002.5 

1078.2 

(1965.9) 

(2034.5) 

(2005.1) 

(2037.4) 

(1970.8) 

M4(VLY12 

523.3 

619.3 

583.1 

610.5 

493.9 

351.8 

1193.1 

(1949.2) 

(2023.7) 

(2012.9) 

(2028.6) 

(1793.4) 

(1612.1) 

:  as-received 

(  ):  the  strength  of  the  fibers  after  the  matrix  was  leached  away 


Tensile  strength  of  M40/A1-H  almost  readied  the  value  calculated  by  the  rule-of-mix turns  (ROM) 
even  after  heat-treatment  at  600°  C,  while  die  strength  of  M4CVLY1 2  was  much  lower  than  the 
ROM  UTS  value.  Below  550°C,  the  strength  of  the  fibers  in  M4Q/LY12  after  the  matrix  was 
leached  away  was  unchanged  compared  with  the  original  fibers,  which  meant  no  fiber 
deterioration  occurred.  The  change  in  extensive  pull-out  fracture  morphology  in  M40/A1-T1  even 
at  600°C  to  flat  fracture  across  fibers  in  M4CKLY12  suggested  that  M4fVLY12  had  a  much  higher 
interfacial  bonding  strength  [Figure  1(a)  and  1(b)].  Comparatively,  M40/A1  also  exhibited  pull¬ 
out  fracture  surfaces  below  55 (rC  After  heat-treatment  at  600°C,  the  tensile  strength  of  both 
M40/A1  and  the  fibers  after  the  matrix  was  leached  away  was  reduced  and  the  pull-out  length  of 
the  fibers  in  composite  fracture  surfaces  decreased  greatly.  This  was  due  to  the  chemical  reaction 
at  the  interface  and  the  increase  of  the  intefacial  bonding. 


Microftnalvsis  and  Mechanisms  of  the  Matrix  Effects 

The  in-si tu  fracture  erf  both  M4GKA1  and  M4Q(A1-Ti  as-received  occurred  along  the  fiber- 
matrix  interface,  making  it  possible  to  examine  the  composition  of  both  matrix  troughs  and  fiber 
surfaces  by  SAM.  Spectra  taken  from  a  matrix  trough  and  the  surface  of  a  fiber  in  M40/Al-Ti  are 
presented  in  Figure  2(a)  and  2(b).  The  difference  of  elements  in  trough  and  fiber  surface 
suggested  that  the  fracture  path  was  between  the  fiber  surface  and  the  interfacial  zone.  SAM 
spectra  of  M4Q/A1  as-received  were  very  similar.  The  existence  of  original  oxygen  at  the  interface 
may  relate  to  the  fabrication  process  of  composites  or  residue  in  the  original  graphite  fibers.  Initial 
XPS  study  of  the  fiber  surface  revealed  some  chemical  compounds  such  as  AI2O3,  A10*,  T1O2 
and  TIB2  existing  at  the  interface,  among  which  the  HBj  was  the  original  surface  coating.  From 
the  observation  by  TEM,  it  was  evident  that  the  thickness  of  this  original  interface  was  thin  and 
the  structure  seemed  looser  than  die  matrix;  no  chemical  reaction  products  were  observed  in  both 
M4Q/A1  and  M40/A1-H  as-received.  After  heat-treatment  at  600°  C,  M40/Al-Ti  still  retained  this 
interfacial  structure  to  a  large  extent,  but  for  M40/A1,  most  of  this  interfacial  layer  disappeared  and 
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Fig. 2  SAM  spectra  of  M40/A1-T1  as-received t  2(A),  i'w  a 
matrix  trough;  2( b X  from  the  surface  of  a  fitwr. 
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some  reaction  products  could  be  observed  (Figure  3(a)  and  3(b)).  EDS  results  (Table  II)  showed 
the  content  of  Ti  at  the  interface  in  M4G/A1  decreased  after  heat-treatment  at  600°C. 


3(a)  3(b) 

Fig.  3  Transmission  electron  micrograph  of  composites 

3(a)  M40/A1-TI  after  heat-treatment  at  600°C  showing 
interfacial  layer  remaining; 

3(b)  M4Q/A1  after  heat-treatment  at  6CKTC  showing 
some  reaction  products  appearing. 


Table  DL  EDS  results  of  Ti  content  in  the  near- interface  region  of  the 
composites  as-received  and  after  heat-treatment  at  600°C. 


as-received 

[25535Bfc® 

M4CKA1 

1.16 

0.76 

M4fVAl-Ti 

1.21 

1.18 

So,  it  could  be  postulated  that  the  interfacial  layer  of  M4Q/A1  and  M40/Al-Ti  as-received  consisted 
of  TiCh,  TiB2,  AI2O3  and  A10*.  The  stability  of  this  interface,  which  could  prevent  excessive 
interfacial  reaction  and  provide  a  suitable  interfacial  bonding,  was  probably  related  to  the  high 
content  of  Ti  at  the  interface.  Ti  oversaturated  in  the  matrix  could  inhibit  the  diffusion  of  Ti  from 
interface  to  matrix,  thus  protecting  this  interfacial  state.  Therefore,  excellent  properties  of 
M40/A1-H  even  at  high  temperature  were  obtained.  The  further  study  of  this  hypothesis  is 
presently  underway. 
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In  M4IVLY12,  no  such  original  interfacial  structure  was  observed  but  some  Cu-rich 
phases  including  CuAh  existed  at  the  interface  or  between  the  libers;  additionally,  the 
accumulation  of  Cu  around  fibers  was  also  found.  This  caused  the  strong  interfacial  bonding  and 
deteriorated  the  strength  of  the  composites  [8]. 

Therefore,  the  interfacial  states  had  a  significant  effect  on  the  mechanical  properties  of 
Gr/Al  composites.  It  was  very  useful  for  obtaining  high-performance  composites  to  choose  a 
suitable  matrix  and  tailor  the  interfacial  structure  of  the  composites.  In  addition,  from  the  above 
results,  we  found  the  interfacial  bonding  strength  of  M40/A1-H  which  exhibited  excellent 
properties  was  rather  weak  compared  with  M4C/LY12.  This  phenomena  may  support  the 
principle  of  the  weak  bonding  theory,  that  mechanical  properties  of  MMC  could  be  improved  by 
appropriately  weakening  the  bonding  strength  to  meet  an  optimal  bonding  state. 


CONCLUSIONS 

1 .  Matrix  alloying  has  a  significant  influence  on  the  interfacial  state  of  Gr/Al  composite  and 
consequently  on  the  final  properties  of  the  composite.  It  is  very  important  for  obtaining 
high-performance  Gr/Al  composite  to  tailor  the  inteifacial  state. 

2.  Aluminum  matrix  with  0.4  wt%Ti  can  improve  the  longitudinal  tensile  properties,  especially 
at  high  temperatures  of  about  600°C,  while  LY 12,  with  high  Cu  content,  greatly  deteroriates 
the  properties  of  the  composites 
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ABSTRACT 

The  use  of  fibre  coatings  to  enhance  adhesion  between  fibres  and  polymers  normally 
means  that,  in  the  fibre  composite,  some  residue  of  the  coating  is  present  at  the  fibre-matrix 
interface.  This  constitutes  the  inteiphase.  The  mechanical  properties  of  this  material  may  be 
measured  using  simple  fibre  pull  out  tests.  These  tests  have  the  advantage  of  revealing  the 
interphase  failure  mode  (i.e.  brittle  or  ductile)  as  well  as  providing  such  data  as  work  of 
fracture,  yield  stress,  interfacial  pressure  and  die  coefficient  of  friction  for  post-debonding 
slip.  Results  obtained  so  far  indicate  some  ductility  and  yielding  with  thermoplastic 
interphases,  although  final  failure  is  brittle.  Thennoset  interphases  appear  to  be  universally 
brittle,  with  small  works  of  fracture  <10-200  Jm'2).  The  change  in  Young's  modulus  across 
the  interphase  may  be  a  factor  influencing  brittle  fracture,  the  biggest  change  giving  the  most 
britde  interphase.The  ideal  inteiphase  should  probably  have  a  modulus  intermediate  between 
that  of  the  fibre  and  the  polymer,  together  with  moderate  yield  stress,  to  give  the  composites 
adequate  shear  strength  and  good  Impact  resistance  through  promotion  of  fibre  pull  outs. 

INTRODUCTION 

The  main  objective  of  fibre  treatments  has  been  to  provide  good  adhesion  between  the 
fibre  and  matrix.  For  example,  coatings  developed  for  glass  fibres  have  a  silane  group  which 
interacts  strongly  with  the  glass,  to  provide  a  water  resistant  bond,  and  another  group  that 
reacts  with  the  polymer,  with  theimosets  at  least,  to  form  a  strong  bond  with  the  polymer  [1]. 
Another  function  of  the  fibre  treatment  is  to  facilitate  processing,  and  protect  the  fibre  from 
damago  during  handling.  The  net  result  of  this  is  to  introduce  an  interphase  between  fibres  and 
matrix  with  properties  which  are  different  from  each  of  the  other  two  phases,  i.e.  fibre  and 
polymer. 

Since  most  reinforced  polymers  are  not  ductile  there  have  been  many  attempts  to 
increase  roughness  by  modifying  the  inteiphase.  Harris  et  ai  (2}  showed  that  a  weak  interface 
Improved  toughness,  but  at  the  expense  of  toss  of  shew  strength.  Since  then  many  fibre 
coatings  have  been  investigated:  rubbers  [3,4],  soft  epoxies  [5],  other  deformable  polymen  16] 
and  also  viscous  layers  [7],  They  all  improved  toughness  but  decreased  shear  strength. 

In  this  paper  we  discuss  measurements  made  on  the  interfacefimerphase,  and  their 
Implications  for  reinforced  polymen.  In  particular  the  posiiblity  of  designing  an  inteiphase 
will  be 


1  MECHANICAL  PROPERTIES  OF  THE  INTERPHASE  AND  INTERFACE 

In  experiments  to  measure  Interphase/interface  properties,  a  fibre  or  the  polymer  is 
manipulated  so  that  very  high  shears  develop  at  the  fibre  surface.  Failure  of  the  interphase  can 
occur  by  yielding  and/or  by  brittle  fracture.  After  failure,  further  shearing  may  be  governed  by 
further  yielding  or  by  friction  across  the  failed  surfaces. 

Thus  we  can  rccognite  at  least  five  possible  parameters  which  govern  the  process:  I) 
the  yield  strength  %,  2)  the  ultimate  strength,  t|U,  and  3)  the  work  of  fracture  of  the 
intesphaie,  Of,  alio  4)  the  friction  coefficient  of  (i  and  5)  the  pressure  P  across  the  interface. 
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Fig.  1.  Methods  presently  used  for  measuring  properties  of  fibre-txutru  interphases 


In  principle,  iho  simpler  way  to  introduce  s  known  amount  of  shew  into  the  interphtsc 
is  the  puli  out  test,  see  fig.  1.  With  thermosetting  polymen  the  plot  of  force,  F,  applied  to  the 
fibre  vs  distance,  x,  moved  by  the  system  pulling  the  fibre  is  as  shown  in  fig.  2.  (8).  The 
force  increases  approximately  lineariv  u  the  fibre  is  stretched.  At  some  maximum  force.  Fa 
the  intarphasc  fails.  Subsequent  sliding  is  governed  by  friction.  Using  fig.  2  as  our  model, 
we  will  discuss  the  five  parameters. 


U  Yhrtdlag  tad  Skat  Stem  Mm* 

If  the  matruUelastic-petfecdypUstic  the  pull  out  curve  would  have  no  frictiond  part. 

Once  Fa  1*  reached,  uniform  yielding  takes  place  along  the  whole  fibre  surface,  and  F  then 
decreases  linearly  with  x.  Thus 


FA.2ttLV 


O) 
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and  after  F  =  Fa 

F  =  2joLxiy(L-xy(L-x,)  (2) 


where  2  r  is  the  fibre  diameter,  L  is  the  embedded  length,  and  x*  is  the  value  of  x  for  F  =  Fa- 
(The  value  of  x»  depends  mainly  on  the  stiffness  of  the  testing  machine,  including  its  gnps,and 
tiie  free  lengthof  fibre,  i.e.  the  length  not  embedded  in  the  matrix,  oc  held  by  the  gnp  of  the 
testing  machine.)  A  plot  of  Fa  vs  L  should  thus  be  a  straight  line.  Such  plots  have  been 
obtained  with  metals  [9];  see  fig.  3. 


Embedded  length  (nm) 


Fit.  3.  Stress  required  to  pull  a  tungsten  Fi*.4.  Debonding  force  v«  embedded 

wire  out  of  copper  length  for  glass  fibres  in  polyester  resin 

If  the  matrix  work  hardens,  to  that  tj*>%  we  expect  equation  1  to  be  obeyed  with  t*y 
replaced  by  tfe. 

If  failure  oecun  when  the  maximum  interfacial  their  stress  exceeds  the  shear  strength 
of  the  iareiphasc,  then  (10) 


(3) 

A  plot  of  Fa  vs  L  will  thus  have  the  asymptote 

Fa«  Tsrkja  (4) 


and  to  long  as  tt*  (or  taw)  <  MfJt,  pud  out  of  indefinitely  tang  lengths  of  fibre  should  be 

possible,  WlletS  wittm  inlV»  pwtf  iMiMumn  ^ifiiiiyl 
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13.  Work  of  Fracture 

When  the  interphase  Ms  by  brittle  fracture  the  Fa  vs  L  plot  is  not  expected  to  be  linear. 
An  equation  which  has  been  found  to  &  many  results  obtained  with  glass,  carbon  and  Kevlar 
fibres  in  thennosets  very  well  [1 11  is 


Fa  »  2*t jBfif  V nstanh(ns)  (5) 

where  s  =  Ur  and 


n^EJEja+v^lodVr)  (6) 


Here  Em  and  vm  are  the  Young’s  modulus  and  Poisson's  ratio  of  the  polymer,  and  2R  is  the 
diameter  of  the  polymer  bar  in  which  the  fibre  was  embedded.  Fig.  4  shows  an  example  of 
suchafit 

Equation  5  was  based  on  tbs  strain  energy  in  the  embedded  fibre  and  immediately 
adjacent  polymer  being  enough  to  cause  complete  fibre  debonding.  However,  no  mechanism 
for  crack  initiation  was  suggested.  A  more  recent  analysis  [12],  based  on  an  initial  ciack  at  the 
polymer  surface  propagating  down  the  fibre  gives 


Fa  tanhfns)  (7) 


The  similarity  of  equation  7  and  equation  3  thould  be  ooted.(No*e;  U  was  given  in  a  different 
form  in  the  paper  this  form  is  equivalent  to  that) 

Both  equations  3  and  5  reduce  ® 


Fa  -  2jd^EmGir/<l+v(XRfrj  (8) 

for  small  embedded  lengths  (up  to  about  0.1  mm  for  glass,  carbon  and  Kevlar  fibres).  At 
lengths  of  about  1  mm  or  more  equation  3  gives  Fa  •»  VL,  Lc. 

Fa  «  Tiu^EJJ.lAl+vJlnfRfr)  (9) 


while  equation  7  gives  Fa  independent  of  L.Le. 

PA«2tt/E#r  (10) 

Equation  5  appears  to  fit  some  results  far  carbon  qualitatively  at  least,  star*  a  plateau  region 
was  often  observed  (12).  Equation  10  wasfiisr  obtained  by  Outwaseraud Murphy  [13] for 
fibres  bridging  cracks. 

Results  for  C|  in  table  1  were  estimated  using  equation  5  It  will  be  observed  that  they 
am  low,  especially  wiA  Kevlar  and  carbon  fibma. 
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2.3  Pressure  and  Friction 

The  high  stresses  applied  to  fibres  with  moderate  Young's  moduli,  such  as  glass  and 
Kevlar,  cause  significant  Poisson's  shrinkages.  This  is  a  disadvantage  of  fibre  pull  out  type 
tests.  However,  it  can  be  put  to  good  use  for  estimating  the  cure  and  thermal  shrinkage  stress 
Po- 

After  debonding  at  Fa,  as  shown  in  fig.  2,  F  decreases  non  linearly,  and  the  greatest 
slope  in  this  part  of  the  curve  is  at  the  instant  when  the  fibre  emerges  from  the  polymer.  This 

slope  gives  the  frictional  shear  stress,  if,  where 


tf  =  HPo 


(ID 


Before  the  fibre  has  pulled  out,  the  pressure,  and  hence  the  frictional  shear  stress  is  reduced; 

P  =  Po-v,cf  (12) 


where 


V,  =  vfEm/(l+vm)Ef 


(13) 


and  Of  is  the  fibre  stress,  i.e.  F/icr2 

An  analysis  of  the  pull  out  process,  when  the  free  length  is  small  [14],  gives 
F  =  (wJP0/4vJ(l-exp(2vjKI^xVr)) 


(14) 


Thus  a  curve  fit  [8]  using  equation  14  yields  both  P0  and  p.  The  solid  circles  in  fig.  2  are  the 
results  of  such  acurve  fit. 

2.4  ,  Estimated  Valuta  of  firaadcra 

There  is  a  great  deal  of  evidence  that  debooding  is  often  a  brittle  fracture  process.  1)  In 
pull  out  tests  Fa  is  not  a  linear  function  of  embedded  length,  see  fig.  4.  2)  In  pull  out  tests 
with  glass  in  polyester,  for  the  longer  embedded  lengths  (2-3  mm).  Fa  exceeds  the  value 
estimated  from  equation  3  with  tju  =  xma  by  more  than  a  factor  of  2  [15].  3)  In  other 
debonding  tests,  values  of  Tju  estimated  from  the  results  are  often  too  high.  For  example,  in 
some  work  with  glass  in  epoxy,  fragmentation  tests  gave  tj  values  ranging  from  33  to  51  MPa, 
according  to  fibre  surface  treatment  when  Tju  was  29  MPa  [16].  These  results  were  shown  to 

be  compatible  with  Gj  =  180±  5  Jnr2.  In  the  literature,  values  of  tj  of  as  much  as  100  MPa 
can  be  found  [17]  in  cases  where  the  shear  strength  of  the  polymer  is  highly  unlikely  to  exceed 
40  MPa. 

Representative  values  for  Gj  estimated  from  pull  out  tests  are  given  in  table  1.  Recent 
results  obtained  with  polyethylene  are  included.  Although  the  force-distance  plot  was  not 
linear  in  this  case,  and  yielding  appeared  to  take  place  before  complete  bond  failure.  Fa  vs  L 
was  not  linear.  It  was  therefore  fitted  to  equation  3  to  get  the  results  shown. 

The  only  test  which  gives  data  on  p  and  P0  separately  is  the  pull  out  test  carried  out 
with  a  short  free  length  (-  1mm)  and  with  the  fibres  embedded  only  a  short  distance  in  a  solid 


block  of  polymer.  The  microtension  and  microcompression  tests  may  be  used  to  estimate  Xf 
(see  equation  9)  but  P  should  be  corrected  for  the  fibre  Poissons  effect  (see  equation  10:  note 
that  the  microcompression  test  overestimates  Xf  (Of  <  0)  while  the  microtension  test 
underestimates  it  (Of  >  0):  also  the  long  free  length  normally  used  in  the  microtension  test 
'  means  that  the  fibre  pulls  through  the  bead  for  a  considerable  distance  when  the  fibre  stress 
suddenly  drops  after  de bonding;  this  could  well  damage  the  interphase  and  reduce  friction  still 
further.) 

Representative  values  for  p  and  P0  estimated  from  pull  out  tests  are  given  in  table  1 . 

Table  1. 

Iniemhasc/Iaterface  Data  Proa  P.11  Out  Teets 


Fibre 

Polymer 

Poet  Care 

Temp  (°C)  Time  (h) 

G|1 

(Jar2) 

1> 

P« 

(MPa) 

«112 

(%) 

Epoxy 

none 

so 

0.83 

23 

1.6 

Epoxy 

60 

24 

80 

0.86 

26 

2.0 

Epoxy 

130 

6 

140 

2.4 

23 

2.7 

Glass 

Polyester 

none 

60 

0.55 

11 

1.7 

Polyester 

80 

6 

190 

0.54 

21 

3.1 

Polyester3 

80 

12 

45 

0.6 

17 

1.5 

Polyethylene 

none 

95 

2.2 

Polyethylene4 

none 

50 

- 

- 

1.6 

Epoxy5 

none 

14 

9 

7 

Kevlar 

Epoxy6 

80 

24 

42 

3 

14 

Polyethylene 

none 

28 

- 

Epoxy 

none 

25 

. 

1.0 

Carbon 

Epoxy 

60 

24 

25 

- 

- 

1.0 

Steel 

Epoxy 

40 

36 

200 

. 

_ 

Notes: 

1  Estimated  using  equation  3. 

2  Estimated  using  equation  IS;  tfu  values:  Glass;  5%;  Carlton  1.4%. 

3  23.000h  immersion  in  water  at  60°C  reduced  Gj  to  25Jnr2,P  to  9  MPa  and  p  to  0.6 

4  Fibre  pyrolysed  to  remove  silane  coating  and  processing  aids,  etc. 

5  Fibre  immersion  in  water  at  20°C  reduced  Gj  to  7  Jm'2. 

6  fibre  immersion  in  water  at  20°C  reduced  Gj  to  20  Jm'2. 

3.  Implications  for  Fibre  Coni  nosites 

2J — Fibre  composite  stress-strain  curves 

Brittle  fracture  debonding  occurs  at  higher  values  of  Fa  than  would  have  been 
estimated  based  on  equation  3.  Thus  the  interphasial  yielding  criterion  used  for  the  analysis  of 
stress-strain  curves  [18]  is  probably  not  valid.  Consequently  we  expect  debonding  to  occur  at 
higher  applied  stresses.  So,  for  aligned  short  fibre  composites,  the  linear  part  of  the  stress- 
strain  curve  is  expected  to  be  much  longer. 

We  can  estimate  the  composite  strain  ejj  at  the  instant  of  debonding  from  the  equation 


(15) 
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at  least  when  ns  S  5,  i.e.  for  fibre  lengths  greater  than  about  0.5  mm.  The  derivation  of 
equation  15  is  given  in  the  appendix.  (A  more  approximate  equation  was  given  previously 

Values  of  en  are  given  in  table  1.  Although  Gi  values  are  small  eh  can  be  as  much  as 

one  half  of  the  fibre  breaking  strain,  £fu  at  which  point  most  composites  will  break  anyway. 
Thus  debonding  is  probably  not  such  an  important  contributor  to  failure  in  well  made 
composites  as  was  previously  thought  [19],  at  least  for  high  modulus  fibres. 

3.2  AcroM-tht-erain  toughness 

When  an  aligned  fibre  composite  is  fractured  with  the  fibres  normal  to  the  fracture 
plane,  fibres  fracture  some  distance  from  the  plane,  and  pull  out  To  do  this  they  must  first 
debond.  We  may  use  the  value  of  Gi  to  estimate  the  contribution  of  debonding  energy  to  the 
fracture  energy. 

For  brittle  fibres,  we  may  estimate  the  work  of  fracture  (on  the  assumption  that 
debonding  can  take  place)  from  the  average  fibre  pulled  out  length  [20]. 


_  -  mah 

^~2^(Pc-vJ 


(16) 


where  the  fibre  strength  ctfu  is  measured  on  a  moderate  fibre  length  (a  few  cm)  and  m  is  a 
parameter  representing  the  decrease  in  fibre  strength  with  lengths  tested  [21].  (This  equation  is 
only  valid  for  PG  >  VjOfu).  The  work  of  fracture  due  to  frictional  pull  out  is 

CtP  =  VP‘>x2/r  (17> 


for  a  composite  having  a  fibre  volume  fraction  of  Vf.  The  work  of  fracture  due  to  debonding  is 


(18) 


and  so 


*  2  G* o‘vi°fUX' j/Potnra^  (19) 

Values  for  Gid/Gip  estimated  from  this  formula,  using  data  from  table  1,  range  from  about 
0.8%  for  carbon  to  2%  for  glass.  (For  Kevlar  equation  1 6  is  not  valid.)  Far  carbon  and  glass, 
therefore,  debonding  work  is  usually  only  a  small  fraction  of  pull  out  work  For  Kevlar,  if  we 
assume  xj,  is  ~  1  mm,  or  longer  as  observed  in  practice  [22]  we  find  G\tfG\v~  1% 

3J  The  Tailored  Intemhase 

Since  our  measurements  suggest  that  the  interphase  is  brittle,  and  with  carbon  and 
Kevlar,  much  more  brittle  than  the  polymer,  the  first  step  in  tailoring  the  interphase  is  to  make 
it  tougher. 

The  use  of  rubber  layers  has  not  been  entirely  successful  because  the  rubber  has  a  low 
shear  modulus,  and  so  reduces  the  shear  strength  of  the  composite.  Thermoplastic  ir.terphases 
tested  so  far  have  not  been  notably  successful  either. 
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It  will  be  observed  that  the  works  of  fracture  of  the  interphases  are  less  for  carbon  than 
for  glass  fibres,  see  table  1.  Yet  in  both  these  cases,  some  sort  of  chemical  bonding  is 
postulated  [23, 24],  This  suggests  that  there  could  be  a  Young’s  modulus  effect  (Kevlar  does 
not  fit  this  pattern  very  well,  probably  because  chemical  bonding  is  more  difficult  to  achieve  in 
this  case  [25])  The  degree  of  stress  concentration  depends  on  the  change  in  Young's  modulus 
across  the  interphase,  being  greater  for  a  greater  modulus  change.  Thus,  there  is  possibly  a 
correlation  between  stress  concentration  and  work  of  fracture. 

It  is  therefore  suggested  that  interphases  be  developed  which  have  Young’s  moduli 
intermediate  between  that  of  the  fibre  and  the  polymer.  They  should  have  moderate  yield 
.  stresses,  so  that  fibre  pull  out  is  not  suppressed  in  across-the-grain  fracture.  At  the  same  time 
the  yield  stress  should  be  high  enough  to  ensure  adequate  yield  strength. 

CONCLUSION 

The  interphase  between  fibres  and  thermosetting  polymers  is  brittle,  and  normally  fails 
by  fracture  rather  than  yielding.  With  thermoplastics  there  is  some  indication  of  yielding,  but 
this  also  is  followed  by  brittle  fracture.  Thus,  to  improve  interphases  they  should  be  less  prone 
to  fracture.  There  is  a  possibility  that  using  material  with  a  much  higher  Young’s  modulus  may 
inhibit  brittle  failure  by  reducing  stress  concentrations.  If  this  is  the  case,  materials  should  be 
sought  which  have  Young's  modulus  E;  ~  VEfEm.  At  the  same  time  the  material  should  be 
ductile. 
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APPENDIX 

Dt  bonding  in  Fibre  Compoaitca 

We  estimate  the  strain  energy  due  to  the  fibre  tensile  stress,  and  that  associated  with  the 
shears  in  die  polymer  adjacent  to  the  fibre.  The  treatment  given  here  follows  that  in  the  Chapter 
5  of  writers  book  [26]  to  whom  the  reader  is  referred  for  the  development  of  the  expressions 

used  for  fibre  stress  (or)  and  matrix  shear  stress  (te).  The  unit  of  composite  considered  is  a 
fibre,  length  2L,  surrounded  by  polymer  over  the  whole  of  its  length,  having  diameter  2R. 
The  origin  of  the  x  axis  is  the  fibre  centre,  see  fig.  Al. 


Fig.  Al.  Unit  of  composite  used  for  elastic  analysis. 
The  strain  energy  in  the  fibre  Uf  is 


U, 


.sir 


ojdx 


^|[Efe1(  l-cosh(nxAVcosh(ns»  j*  ^ 
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«  yjo^Eje*  {L(  1 + l/2cosh2(ns)-3rt»nh(ns  V2n } 

To  estimate  the  shear  strain  energy  in  the  polymer,  Um>  we  use  [15,  equation  22]  with 
/»dx  and 


so  that 


T,  -  nE(£,sinh(nxA)/2cosh(ns) 


le 

Um  -  ^(l+vJlndVrVEjJ^dx 


which  on  substitution  and  integration  gives 


U, 


rtanh(ns)/n-IVcosh' 


!(ns)| 


Since  the  total  energy,  Ut,  is  the  sum  of  Uf  and  Um 


U,  =  i  [L-rtanh(ns)] 
The  condition  for  a  crack  to  grow  is 

d(2wLGrUl)/dL  S  0 


which  gives 

2icrC,  Sy  to^E^l-l/cosh^ns)] 

Thus  the  critical  strain  for  the  initiation  of  debonding  is  Cji,  obtained  by  re-arranging  the  above 
equation: 

e„  -  2/G/Ejr  /i/l-l/coshJ(ns) 


For  ns  ■  3,  corresponding  to  a  fibre  length  of  about  0.3  mm,  the  denominator  comes  to  0.?9. 
Thus  we  write 


for  fibre  lengths  greater  than  0.3mm. 
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INTRINSIC  MATERIAL  LIMITATIONS  IK  USING  INTERPHASE  MODIFICATION  TO  ALTER 
FIBER-MATRIX  ADHESION  IN  COMPOSITE  MATERIALS. 

LAURENCE  T.  DRZAX. 

Department  of  Cneraical  Engineering  and  Composite  Materials  and  Structures 
Center,  Michigan  State  University,  East  Lansing,  MI  48824-1326 


ABSTRACT 

A  very  large  percentage  of  studies  seeking  to  improve  fiber-matrix 
adhesion  to  alter  composite  properties  are  directed  at  the  formation  of 
primary  chemical  bonds  between  the  reinforcement  surface  and  the  matrix. 

The  dynamic  events  that  occur  when  the  fiber-matrix  interface  is  formed  lead 
to  the  creation  of  an  interphase  which  can  have  properties  quite  different 
from  the  matrix  in  addition  to  any  chemical  bond  formation. 

This  study  has  been  directed  at  elucidating  the  role  of  these 
interphase  properties  themselves  on  fiber-matrix  adhesion.  A  reinforcement 
(AS-4  carbon  fiber)  with  a  quantifiable  surface  chemistry  and  an  epoxy 
matrix  have  been  kept  constant  through  a  series  of  experiments  in  which  the 
distance  between  crosslinks  of  the  matrix  has  been  changed.  The  wettability 
of  the  fiber  and  the  degree  of  chemical  bonding  to  the  fiber  have  not 
changed  but  the  interfacial  shear  strength  measured  for  each  of  these 
systems  has  decreased  with  decreasing  matrix  modulus.  It  will  be  shown  that 
the  properties  of  the  matrix  and  the  residual  stresses  created  during 
processing  limit  the  maximum  interfacial  shear  stress  that  can  be  supported 
by  the  fiber-matrix  interphase. 


BACKGROUND 

The  subject  of  adhesion  between  fiber  and  matrix  and  how  the  degree  of 
adhesion  affects  composite  properties  has  been  the  subject  of  continuing 
study  since  the  early  1960's,  At  first,  "acceptable"  adhesion  between  fiber 
and  matrix  was  a  "necessary"  criterion  for  producing  a  composite  with 
"acceptable”  mechanical  properties.  Many  of  the  early  microroechanical 
attempts  at  describing  composite  behavior  relied  on  the  assumption  that 
perfect  adhesion  existed  between  fiber  and  matrix.  As  the  potential  use 
of  composite  materials  expanded  however,  the  advent  of  now  polymeric 
matrices  and  new  higher  performance  reinforcing  fibers  led  to  the  need  for 
fundamental  investigation  of  the  mechanisms  of  adhesion  between  fiber  and 
matrix  and  its  effect  on  composite  properties. 

The  literature  is  full  of  proposed  models  of  adhesion  but  none  are 
effective  in  predicting  the  type  of  fiber  surface  treatment  required  for  a 
given  fiber-matrix  combination  or  coupling  the  degree  of  adhesion  to 
observed  composite  properties  [1],  The  major  reason  for  this  lack  of 
theoretical  development  lies  in  the  oversimplification  of  the  fibor-matrix 
interface,  Undue  attention  has  been  given  to  single  mechanisms  which  were 
reputed  to  be  solely  responsible  for  fiber-matrix  adhesion.  Attempts  at 
explaining  adhesion  solely  by  chemical  forces,  electrostatic  interactions, 
surface  enerj  itic  considerations,  etc.  are  largely  unsuccessful.  A  review 
of  the  model  .  proposed  compared  against  the  growing  experimental  evidence  of 
the  structure  and  composition  of  the  region  including  and  near  to  the  fiber- 
matrix  interface  leads  to  the  conclusion  that  the  interrelationships  between 
fiber,  interface  and  matrix  create  a  complex  region  not  easily  amenable  to 
predictive  analysis  based  solely  on  a  single  mechanism  approach. 

The  concept  of  a  two-dimensional  interface  between  fiber  and  matrix  has 
given  way  to  the  evolution  of  a  three-dimensional  region  more  proporly 
termed  an  Interphase  [2].  Figure  1  is  a  schematic  representation  of  an 
interphase  illustrating  some  of  the  possible  components.  This  interphase 
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includes  the  two  dimensional  region  of  contact  between  fiber  and  matrix  (the 


INTERPHASE 


thermal. 

chemical, 

mechanical 

environment 


bulk  adhesive 

polymer  of 
different  properties 
•adsorbed  material 
surface  layer 
bulk  adherend 


Figure  1.  A  schematic  diagram  showing  a  magnified  view  of  a 
cross-section  of  the  fiber-matrix  interface  and  all  of  its  components, 
the  entire  region  is  taken  as  the  * interphase". 


interface)  but  also  must  incorporate  a  region  of  some  finite  thickness 
extending  on  both  sides  of  the  interface.  The  boundaries  are  defined  as 
being  the  point  in  the  matrix  where  the  local  properties  start  to  change 
from  the  bulk  properties  moving  in  a  direction  toward  the  interface.  This 
region  Includes  matrix  that  may  have  chemical  and  morphological  features 
different  from  the  bulk  matrix.  It  can  include  impurities,  unreacted 
polymer  components,  non-polyaerized  matrix  additivies,  etc.  At  the 
interface ,  not  only  can  there  be  chemical  and  physical  interactions  between 
fiber  and  matrix,  but  also  voids,  adsorbed  gases  and  surface  chemical  groups 
can  be  concentrated.  On  the  reinforcement  side,  morphological  and  chemical 
features  can  be  different  from  the  bulk.  Imposed  on  this  region  are  the 
processing  conditions  which  allow  chemical  reactions,  volumetric  changes  and 
stresses  to  be  generated.  The  resultant  "interphase"  can  be  a  very  complex 
material  which  does  not  easily  lend  intself  to  analysis  by  single  parameter 
models . 

Recent  studies  on  the  effect  of  the  fiber  surface  treatment  (3)  and  the 
effect  of  fiber  finish  (4]  on  adhesion  between  graphite  fibers  and  epoxy 
matrices  has  shown  that  the  interphase  concept  provides  a  conceptual 
framework  in  which  the  phenomena  of  adhesion  should  be  studied.  In 
particular,  recent  results  have  shown  that  it  is  the  properties  of  the 
matrix  region  in  close  proximity  to  the  fiber  surface  that  seem  to  control 
the  level  of  fiber-matrix  adhesion  and  the  failure  mode  of  the  interphase 
region,  The  research  reported  in  this  paper  is  part  of  an  on-going  effort 
to  investigate  the  role  of  the  composition  and  structure  of  polymer  matrix 
Interphases  in  order  to  provide  the  underpinnings  for  a  predictive 
description  of  fiber-matrix  adhesion  and  its  relation  to  composite 
performance  (14] [15] [16] ,  In  this  study,  attention  was  directed  at 
elucidating  the  effect  of  the  matrix  properties  itself  on  fiber-matrix 
adhesion.  Since  the  matrix  functions  as  a  stress  transfer  agent  between 
fibers,  Its  stress  transfer  capability  could  be  expected  to  affect  a 
mechanical  measurement  of  fiber-matrix  adhesion  independent  of  the 
interphase  structure,  Knowledge  of  an  explicit  dependence  of  this  type 
could  define  the  intrinsic  limitations  of  coatings  and  finishes  used  to 
control  and  improve  fiber-matrix  adhesion. 
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EXPERIMENTAL  MATERIALS  AMD  METHODS 


Salnfgrglng  Fiber 

One  carbon  fiber  representative  of  the  majority  of  polyacrylonitrile 
based  carbon  fibers  was  chosen  for  this  study.  It  is  an  AS-4  fiber 
(Hercules,  Inc.)  whose  fiber  tensile  modulus  is  238  GPa  and  tensile  strength 
is  3.6  GPa  when  measured  at  a  25mm  gage  length.  The  fiber  was  surface 
treated  by  the  manufacturer  with  an  oxidation  process  which  optimizes  the 
adhesion  to  epoxy  matrices.  The  surface  chemistry  and  energetics  of  PAN 
based  carbon  fibers  have  been  studied  and  reported  previously  [6],  This  AS- 
4  fiber  is  is  circular  in  cross-section  and  has  a  microscopically  smooth 
surface . 


falmeric  Matrices 

An  amine-epoxy  matrix  system  was  selected  for  this  study.  This 
chemistry  is  the  foundation  for  the  majority  of  aerospace  applications  [7], 
The  reactants  can  be  processed  at  low  temperatures  and  the  properties  of  the 
resultant  matrix  are  typical  for  a  high  performance  matrix.  A  di-functional 
epoxy,  diglycidyl  ether  of  Bisphenol-A  (DGEBA)  (Epon  828,  Shell  Chemical 
Co.)  and  a  tetra-functional  epoxy,  tetraglycidylmethylenedianiline  (TGMDA) 
(MY720,  Ciba-Giegy  Co.)  were  processed  at  stoichiometric  conditions  with  any 
of  a  series  of  difunctional  amines.  The  amines  were  selected  to  provide  a 
series  with  increasing  distance  between  amine  groups  ranging  from  the  small 
aromatic  meta-phenylene  diamine  (MPDA)  and  diamino,  diphenyl  sulphone  (DDS) 
to  linear  polyether  amines  (Jeffamines,  J-230,  J400,  J403  and  J700,  Texaco, 
Co.).  This  series  of  diamine  curing  agents  created  an  epoxy  crosslinked 


Figure  2.  Stress-Strain  Behavior  for  Di-  and  Tetra-  Functional  Epoxy 
Systems  Cured  with  Diamines  of  Various  Chain  Lengths. 

network  with  increasing  length  between  crosslinks  thereby  providing  matrices 
with  increasing  compliance.  Figure  2  is  a  plot  of  the  stress-strain 
behavior  of  these  materials  showing  the  progression  of  properties 
attainable.  An  Important  factor  in  selecting  to  increase  the  polyether 
amine  length  as  opposed  to  the  epoxy  length  Is  the  preservation  of  epoxy¬ 
amine  chemistry  throughout  the  series  by  the  use  of  the  polyether  diamines, 
If  epoxy  oligomers  are  selected,  additional  hydroxyl  functional  groups  are 
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present  along  the  oligomer  backbone.  These  hydroxyls  could  interact  with 
each  other  and  complicate  the  analysis. 

Because  of  the  complexity  of  the  state  of  stress  applied  in  most 
composite  testing  protocols,  a  single  fiber  method  was  selected  to  evaluate 
adhesion  at  the  fiber-matrix  interphase,  In  this  technique,  the  fiber  is 
totally  encapsulated  in  a  matrix  coupon,  a  tensile  load  is  applied  to  the 
coupon,  and  an  interfacial  shear  stress  transfer  mechanism  is  relied  upon  to 
transfer  the  coupon  tensile  forces  to  the  encapsulated  fiber  through  the 
interface. [8] [9]  As  the  load  is  increased  on  the  specimen,  shear  forces 
are  transmitted  to  the  fiber  along  the  interface.  The  fiber  tensile 
strength  <*>  increases  to  the  point  where  the  fracture  strength  is  exceeded 
and  the  fiber  breaks  Inside  of  the  matrix.  This  process  is  repeated 
producing  shorter  and  shorter  fragments  until  the  remaining  fragment  lengths 
are  no  longer  sufficient  in  size  to  produce  further  fracture  through  this 
stress  transfer  mechanism.  The  fragment  critical  length-to-diameter  ratio 
(lc/d)  is  measured.  A  shear- lag  analysis  is  completed  on  the  fragments  in 
order  to  calculate  an  interfacial  shear  strength  (T).  In  practice,  there  is 
a  distribution  of  critical  lengths  and  tfeibull  statistics  ara  used  to  fit 
the  data. 


X  -  &<}->  (1) 

c 

The  embedded  single  fiber  technique  has  several  advantages.  A  large  number 
of  data  points  can  be  gathered  in  each  observation,  the  failure  process 
itself  can  be  observed  in  transmitted  polarized  light,  the  locus  of  failure 
is  identified  and  the  process  replicates  the  in-situ  events  in  the  actual 
composite  itself.  A  large  amount  of  experimental  data  has  been  generated 
with  this  method  and  published  elsewhere  [3] [4] [9], 


RESULTS  AND  DISCUSSION 


Wettability 

The  surface  free  energy  of  the  AS -4  carbon  fibers  and  the  epoxy  amine 
matrix  has  been  measured  and  reported  [6],  The  thermodynamic  criterion  for 
wetting  of  the  fiber  by  the  matrix  is  in  general  that  the  surface  free 
energy  of  the  fiber  surface  must  be  greater  than  that  of  the  matrix.  This 
condition  was  achieved  for  all  of  the  fiber  matrix  combinations.  Since  the 
matrix  materials  also  possess  low  viscosity,  and  the  viscosity  also 
decreases  with  increasing  temperature  before  the  crosslinking  reaction  has 
progressed  early  in  the  processing  cycle,  fiber  wettability  is  will  be 
achieved  and  is  not  a  concern  in  this  study. 


Chemical  Bonding 

Modern  surface  analytical  techniques  allow  the  chemical  nature  of  the 
carbon  fiber  surface  to  be  determined.  Xray  Photoelectron  Spectroscopy  in 
particular  provides  not  only  atomic  information  but  molecular  information 
about  the  surface  sites.  Of  far  more  importance  than  the  surface 
composition  of  the  fiber  aurfaoe  is  the  determination  of  the  type  and  extent 
of  chemical  bonding  between  the  matrix  and  the  reinforcing  fiber.  Solid 
state  analysis  of  the  actual  fiber-matrix  interface  is  impossible.  However, 
selection  of  appropriate  model  compounds  may  be  useful  in  defining  the  upper 
bounds  on  the  extent  of  chemical  Interaction. 

In  a  series  of  experiments,  monofunctional  epoxy  compounds,  amines  and 
epoxy-amine  adducts  were  dissolved  in  an  inert  aromatic  solvent  and  placed 
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In  contact  with  carbon  fibers  under  the  same  temperature  conditions 
experienced  in  the  solid  state  processing  of  the  composite  [5] [10]. 
Afterwards,  the  fibers  were  extracted  in  the  pure  solvent,  dried  and  then 
their  surface  composition  was  determined  with  XPS  analysis.  Comparison  of 
the  carbon  fiber  spectra  before  and  after  this  exposure  to  the  matrix 
constituents  confirmed  that  chemical  adsorption  had  taken  taken  place.  Both 
the  epoxy  group  and  the  amine  group  can  chemically  react  with  the  surface 
oxygen  groups.  Chemical  bonding  would  be  expected  to  create  a  stronger 
interaction  than  physical  bonding.  On  an  absolute  basis  only  about  5%  of 
the  surface  sites  of  the  carbon  fiber  are  involved  in  chemical  bonding,  the 
magnitude  of  the  bond  strength  for  chemical  bonds  is  very  high  but  the 
quantity  of  bonds  is  low  resulting  in  a  small  difference. 

For  the  epoxy-amine-earbon  fiber  system  studied  here,  it  is  expected 
that  chemical  bonding  would  be  identical  for  all  systems  and  because  of  the 
small  number  of  chemical  bonds  formed,  it  is  expected  that  the  role  of 
cheaclal  bonding  between  the  fiber  and  the  matrix  would  be  small.  At  most, 
under  the  processing  conditions  of  this  study,  4-51  of  the  available  carbon 
fiber  surface  sites  can  chemically  react  with  the  epoxy  matrix.  Indeed, 
another  study  has  shown  that  chemical  bond  formation  between  fiber  and 
matrix  is  of  itself  a  minor  component  in  promoting  increased  fiber-matrix 
adhesion  .  In  that  study,  the  surface  of  a  similar  carbon  fiber  was 
stripped  of  all  functional  groups.  The  reduction  in  interfacial  shear 
strength  attributed  to  removal  of  chemical  bonding  per  se  amounted  to  less 
than  10  percent  of  the  attainable  level  of  interfacial  shear  strength  [5). 


InlarfflaiflL Shear  Strength 

Table  1  contains  the  material  properties  (l.e.  tensile  and  shear 
modulus  of  the  various  matrices)  and  the  measured  Inter facial  shear  strength 
of  each  matrix  with  the  AS-4  carbon  fiberusing  the  embedded  single  fiber 
technique.  The  matrix  properties  were  measured  as  0.5  mm/mln  orosshead 

Table  1.  Tabulation  of  the  Matrix  Tensile  Modulus,  Shear  Modulus,  and 
Interfacial  Shear  Strength  for  the  AS-4  Fiber. 


Ruin 

Curing 

Tensile 

Shaar 

Interfacial 

Agent 

Modulus 

Modulus 

Shear. Strength 

DC  BAA 

mPDA 

3.30  GPa 

1.17  GPa 

77.9  MPa 

DOS 

3.40  OPa 

1.30  OPa 

64.3  MPa* 

J230 

2.95  GPa 

1.09  GPa 

56.7  MPa 

J400 

2.73  GPa 

1.01  GPa 

51.3  MPa 

J403 

2.31  GPa 

0.85  GPa 

46.9  MPa 

J700 

0.67  OPa 

0.23  GPa 

38.6  MPa 

TGMDA 

J700 

1.26  GPa 

0.45  GPa 

40.8  MPa 

J700/J403 

2.67  GPa 

0.99  GPa 

48.8  MPa 

J700/J400 

2.92  GPa 

1.08  GPa 

53.8  MPa 

displacement.  Poisson1 

'a  ratio  was 

measured  vlth  a 

•train  gage  and  the  shear 

modulus  was  computed  by  the  relationship  G-8/2(l+v)  where  K  is  the  tensile 
modulus  and  v  is  the  Poisson's  rstio.  There  are  statistically  significant 
differences  in  the  lntsrfaolal  shear  strength  for  saoh  fiber-matrix 
combination  even  though  the  interfaolal  chemistry  has  been  kept  constant. 
In  general  the  Interfaolal  shear  strength  decreases  with  decreasing  matrix 
stiffness.  Since  stress  transfer  between  matrix  and  fiber  occurs  in  shear, 
there  should  be  a  dependency  on  the  shear  modulus  of  the  matrix.  Figure  3 
is  a  plot  of  the  average  interfacial  shear  strength  as  a  function  of  the 
matrix  sheer  modulus.  It  can  be  seen  that  all  of  the  matrix  formulations 
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fall  on  a  single  smooth  curve  which  shows  an  increasing  interfacial  shear 
strength  with  increasing  shear  modulus  of  the  matrix. 
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Figure  3. 


Plot  of  the  Interfacial  Shear  Strength  Versus 
the  Matrix  Shear  Modulus. 


Rosen  [11],  Cox  (12]  and  others  have  predicted  that  a  dependency  of 
interfacial  shear  stress  on  matrix  properties  should  ^xist.  They  developed 
micromechanical  models  of  the  Interfacial  stress  around  a  single  fibor 
fragment  as  a  function  of  position  along  the  fragment  length,  as  well  as  the 
fiber  and  matrix  properties.  Cox  proposed  the  following  equation  assuming 
perfect  bonding  of  a  fiber  fragment,  1,  embedded  in  an  elastic  matrix,  under 
a  general  strain,  «. 


V.  t 


2Efln(*b 


-]0.5  sinhdf0.5i.-xi 


cosh^j 


(2) 


This  relationship  expresses  the  interfacial  shear  stress  distribution  around 
the  fiber  fragment  as  a  function  of  position.  The  B'a  are  tensile  moduli  of 
the  fiber  and  matrix,  G  is  the  shear  modulus  of  the  matrix,  R  is  the  fiber 
radius  and  t  is  the  distance  in  the  radial  direction,  and  B  is  a  scaling 
factor.  Examination  of  this  relationship  shows  that  in  general  it  consists 
of  three  components.  There  are  metrix  dependent  material  terms  denoted  by 
the  subscript  (m),  fiber  dependent  material  tarns  denoted  by  the  subscript 
(f)  and  geometry  dependent  terms.  The  geometrical  and  fiber  dependent  terms 
are  oonatant  for  this  set  of  experiments  where  the  fiber  remains  the  samo 
throughout  all  of  the  experiments.  Therefore  a  plot  of  the  product  of  the 
square  root  of  the  shear  modulus  of  the  matrix  times  the  strain-to-falluro 
of  the  matrix  against  the  lnterfsclal  shear  stress  should  produce  a  montonic 
relationship. 

Figure  4  is  a  modified  version  of  such  a  plot.  Since  the  matrix 
undergoes  a  atrain  only  up  to  the  point  of  the  last  fiber  fragment  fracturo, 
a  plot  of  the  product  of  the  square  root  of  the  shear  modulus  times  the 
strain  of  the  matrix  at  last  fiber  fragment  fracture  has  been  made  against 
the  lnterfsclal  shear  strength.  It  is  obvious  that  this  formulism 
successfully  models  the  variation  of  the  lnterfsclal  properties  with  matrix 
properties  down  to  values  of  lnterfsclal  shear  strength  of  35  MPa.  The  lack 
of  dependence  detected  at  values  of  interfacial  shear  strength  below  about 
35MPa  la  attlrbutad  to  the  plastic  nature  of  the  matrices  below  this  point. 
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These  matrices  have  very  large  elongations  at  failure  and  very  low  shear 


STRAIN  TO  BREAK  *  SQRTfSHEAR  MODULUS) 

(MPq)  **  0.5 

Figure  A.  A  plot  of  the  single  fiber  interfacial  shear  strength 
?igKia*t  the  product  of  the  square  root  of  the  matrix  shear  modulus 


times  the  matrix  strain  at  the  critical  length. 


moduli.  Necking  of  the  specimen  has  also  been  observed. 


In  addition  to  chemical  and  structural  considerations,  the  state  of 
stresses  which  result  from  the  processing  of  the  material  Itself  can 
Influence  the  degree  of  fiber-matrix  adhesion.  In  the  ease  of  carbon 
fibers,  the  coefficient  of  thermal  expansion  is  quite  small  and  can  actually 


Figure  5.  A  plot  of  the  tingle  fiber  Interfacial  ahear  strength 
and  the  radial  component  of  the  Inter facial  shear  stress 
against  the  shear  moduli  of  various  epoxy -amine  matrices. 


be  negative.  The  fiber  itself  is  anisotropic  and  the  radial  and 
longitudinal  thermal  expansions  can  be  quite  different.  The  matrix  is 
isotropic  but  has  a  factor  of  thirty  larger  coefficient  of  thermal  expansion 
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than  the  fiber.  This  mismatch  becomes  increasingly  significant  as  higher 
processing  temperatures  are  reached.  The  absolute  difference  between  the 
glass  transition  temperature  and  use  temperature  determines  the  magnitude  of 
these  stresses. 

Epoxy  matrices  also  reduce  their  volume  as  they  crosslink.  This 
volumetric  shrinkage  contributes  to  the  state  of  stress  at  the  fiber-matrix 
interphase.  For  fibers  surrounded  by  matrix,  the  resulting  cure  shrinkage 
produces  a  compressive  interfacial  force  while  for  matrix  confined  between 
an  array  of  fibers,  a  net  tensile  Interfacial  state  of  stress  may  exist. 
The  resulting  state  of  stress  can  reduce  the  level  of  adhesion  attainable 
between  fiber  and  matrix.  Figure  5  also  contains  the  calculation  of  the 
interfacial  stress  for  the  fiber-matrix  combinations  used  in  this  study. 
(13]  It  can  be  seen  that  the  radial  component  of  the  stress  changes  in  the 
same  manner  as  the  measured  interfacial  shear  stress.  The  change  in  the 
radial  component  of  the  stress  changes  in  an  identical  manner  to  the  change 
in  the  interfaclal  shear  stress.  While  there  does  seem  to  be  a  one-to-ono 
correspondence  between  the  data,  it  is  not  possible  to  state  at  this  tlmo 
that  the  changes  in  radial  compressive  stress  are  entirely  responsible  for 
the  increase  in  the  interfacial  shear  strength. 

A  more  important  extrapolation  can  be  made  by  viewing  the  results  of 
this  study  in  light  of  the  interphase  between  fiber  and  matrix.  When 
“coatings"  or  “finishes"  are  used  to  modify  the  adhesion  between  fiber  and 
matrix,  a  layer  of  material  is  placed  at  the  interphase.  The  results  oi 
this  study  suggest  that  it  is  the  properties  of  this  interphase  region  which 
will  provide  a  limitation  to  the  degree  of  adhesion  which  can  bo  obtained 
from  this  fiber-finish-matrix  combination. 


CONCLUSIONS 

The  conclusions  which  can  be  drawn  as  a  result  of  this  work  are: 

Flret,  there  are  intrinsic  material  limitations  in  the  maximum  level  of 
shear  strength  attainable  for  e  given  fiber-matrix  combination.  This  level 
depends  on  the  shear  modulus  of  the  interphese  material  Itself. 

Second,  the  formulation  presented  by  Rosen  which  la  based  on  linear 
elastic  mechanics  appears  to  adequately  describe  the  lnterfaaisl  dependency 
on  matrix  properties. 

Third,  the  results  presented  here  Indicate  that  It  la  possible  to 
develop  a  predictive  methodology  for  Interfaclal  performance  based  on  some 
Intrinsic  properties  of  the  Interphese  material.  Title  Implies  that  when 
“coatings*  or  “flniahss"  are  placed  at  the  interface  to  alter  fiber-matrix 
adhesion,  the  properties  of  the  costing  Itself  may  be  the  limiting  factor. 
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INTRODUCTION 

In  organic  matrix  composites  the  properties  of  the  matrix 
in  the  vicinity  of  the  reinforcing  fiber  are  of  interest  [ 1 ] . 
It  has  been  suggested  that  a  volume  of  material  surrounding 
the  fiber  is  significantly  different  from  the  bulk  matrix  (2- 
6].  Recent  work  has  indicated  that  the  interphase  layer  may 
be  softer  than  the  normal  matrix  material  (6).  For  a  model 
composite  with  a  single  fiber  embedded  in  an  epoxy/amine 
matrix  this  layer  was  observed  to  be  about  SOOnm  thick  and  the 
material  had  an  average  elastic  modulus  of  about  1/4  of  that 
of  the  normal  matrix  material.  The  objective  of  the  present 
work  is  to  observe  the  effect  of  fiber  treatment  on  the 
elastic  properties  of  the  interphase. 


EXPERIMENTAL  PROCEDURE  AND  RESULTS 
Hfl-tSElfll 

The  resin  used  in  this  work  was  Epon  S28  cured  with  the 
stoichiometric  weight  of  seta  phenylene  diamine.  The  resin 
was  commercial  grade  material  and  the  amino  was  laboratory 
grade  material  and  they  were  mixed  In  stoichiometric  amounts. 
The  specimens  were  cured  at  100°C  for  1  hr  in  the  presence  of 
a  small  quantity  of  free  amine.  This  was  placed  so  as  to 
saturate  the  local  environment  with  amine  to  reduce  the 
possibility  of  loss  of  amine  through  volatalisation. 

The  fiber  was  commercial  carbon  fibsr,  Fiber ite  AS-4, 
purchased  froa  Hercules  in  ths  surface-treated  condition.  One 
sample  was  suppliad  coatad  with  an  apoxy  compatible  size  and 
one  sample  was  unsized.  One  sample  of  fiber  was  coated  with  a 
phenolic  resin  (Karbon  941  froa  Flberite:  elastic  modulus  3.9 
GPa)  froa  toluol  solution.  The  coating  thickness  was 
determined  froa  a  scanning  electron  micrograph  to  be  about 
lOOnm.  Tha  process  for  application  of  this  coating  and  the 
characterization  of  the  phenolic  coated  fiber  have  been 
described  (7). 

Typical  properties  for  the  matrix  resin  (8,9}  and  fiber  (10) 
are  shown  In  Tabls  X. 


Mat  Hm.  toe.  8yap.  Pwe.  Vol  1T0.  Malwiato  lUmtch  Soctty 
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TABLE  I 

Properties  of  the  Matrix  Resin  and  Fiber 

Resin:  Epon  828  (100  pt  wt) -Beta  Phenylene  Diamine(15.5  pt  vt) 
Fiber:  Fiberite  AS4-G  (Surface  treated) 


Property 

Matrix 

value 

Fiber 

Value 

Class  transition  temperature 

160°C 

- 

Specific  Gravity 

1.165 

1.80 

Tensile  Strength  (MPa) 

85 

3795 

Young's  Modulus  (GPa) 

3.3 

235 

Elongation  to  failure  (%) 

6.1 

1.53 

Diameter  (p) 

- 

7 

Coef  of  expansion  (m/m/°C) 

4 .8X10“® 

5.5X10“** 

Tensioned  Fiber  Method 

Small  xautMaUan 

The  tensioned  fiber  aethod  is  a  technique  for  neasuresent 
of  surface  displacements  in  a  disk  of  resin  containing  a 
single  fiber  when  the  fiber  is  loaded  in  tension.  The  resin 
is  supported  by  a  holder  illu  t rated  in  Figure  1.  The  upper 
surface  was  polished  by  hand  vising  aooof  s&c  paper  and  the 
surface  decorated  with  S»i  KaO  smoke .  A  gold  coating  was 
applied  to  prevent  charging  in  the  microscope. 


Pig.  1  Diagram  of  in-aitu  loading  frame.  The  polymer  matrix 

sample  has  a  diameter  of  SOOp.  and  a  thickness  of  180*1 
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High-  Spatial  Resolution  -Displacement  Measurement  Techniques 

Stereoimaging  displacement  analysis  was  used  to  obtain  sub- 
micron  spatial  resolution  and  high  displacement  sensitivity, 
with  this  technique,  differential  displacenent  is  measured 
using  pairs  of  SEH  or  optical  nicrographs,  one  taken  before 
and  one  taken  after  the  application  of  a  mechanical  load 
[6,11,12]. 

During  developnent  of  the  technique  large  tine  dependent, 
transient  displaceaents  were  observed  in  the  specimens  [6]. 

The  present  studies  exposed  the  samples  to  six  cycles  of  load 
to  0.6%  fiber  strain  in  order  to  relax  out  the  time  dependent 
component  of  the  displaceaents.  After  the  total  of  six 
loading  cycles  were  completed,  the  dominant  matrix  movement 
within  3p  of  the  fiber  was  positive  with  respect  to  the  fiber 
surface,  and  was  essentially  reversed  on  unloading. 

Interface  microgrephs  were  recorded  at  20, ooox  at  a  30° 
viewing  angle  to  obtain  the  out-of-plane  displacements  at  0.4% 
fiber  strain.  The  surface  displacements  shown  in  Figure  2 
were  obtained  along  typical  fiber  diameters. 


Fig.  2  out-of -plane,  elastic  displacements  of  the  matrix  (ns) 
relative  to  the  distance  from  the  fiber  (p)  after 
elimination  of  the  time  dependent  deformation.  Data 
shown  as  points.  Also  shown  ere  the  predicted  surfece 
displacements. 
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DISCUSSION 

A  recent  publication  has  described  the  use  of  a  shear  lag 
model  for  calculation  of  surface  deformations  in  the  sample 
used  here  [13).  Shear  lag  analysis  predicts  that  the  surface 
displacement  relative  to  the  fiber  surface  should  be  linear 
with  distance  from  the  fiber  if  the  matrix  has  a  constant 
modulus.  The  predicted  displacements  for  a  uniform  modulus 
matrix  with  properties  shown  in  Table  1  is  similar  to  the  line 
drawn  for  the  coated  fiber  displacements  in  Figure  2.  For  the 
treated  and  unsized  fiber  and  for  the  treated  and  sized  fiber, 
at  all  points  the  observed  displacement  is  higher  than  the 
predicted  displacement.  For  the  fiber  coated  with  the 
phenolic  resin  the  displacements  observed  are  very  similar  to 
those  predicted  by  the  shear  lag  model  without  interface.  At 
a  distance  from  the  fiber  the  slope  of  the  predicted  and 
observed  displacement  lines  are  approximately  equal  far  *1! 
specimens.  The  slope  is  proportional  to  the  elastic  modulus. 
If  it  is  assumed  that  the  fiber  is  surrounded  by  an  interphase 
of  constant  modulus  it  is  possible  to  estimate  values  for  the 
modulus  and  thickness  of  ths  interphase  material.  Best  fit 
vslues  for  the  treated/unsized  fiber  indicate  a  modulus  of  1/4 
of  the  modulus  of  the  quoted  value  for  the  matrix  and  a 
thickness  of  about  500  nm.  For  the  treated/sized  specimen  the 
modulus  was  about  1/5  of  ths  quoted  value  and  the  thickness  of 
the  layer  was  about  3000ns.  The  phenolic  coated  fiber 
specimen  did  not  show  the  presence  of  an  interphase  with 
material  properties  different  from  the  quoted  oata. 

This  data  suggests  that  the  fiber  is  surroundsd  by  a  region 
of  matrix  which  is  capable  of  high,  viscoelastic  deformation. 
The  obssrvations  indicate  that  the  application  of  a  commercial 
sizing  agent  to  the  fiber  enhances  the  formation  of  the 
interphase.  The  application  of  s  thin,  cured  phenolic 
material  appears  to  eliminats  ths  formation  of  the  soft 
interphase  material. 

The  observation  of  a  soft  interphase  is  consistent  with  the 
analysis  of  fiber  push-out  tests  reported  in  the  literature 
(6)  and  with  the  observations  of  Piggott  (3j.  Large  matrix 
deformations  have  been  reported  in  other  work  (12, 14,1$, 16) . 

The  dependence  of  the  interphase  properties  on  the  surface 
treatment  of  the  fiber  is  consistent  with  a  mechanism  of 
formation  of  the  interphase  through  modification  of  the  matrix 
cure  mechanism  near  the  fiber  am  a  result  of  the  fiber  surface 
treatment,  it  has  been  postulated  earlier  (6,17)  that  the 
interphase  is  formed  due  to  the  interference  of  the  surface- 
active  fiber  in  the  polymerisation  of  the  matrix  during  the 
cure.  The  carbon  surface  is  oxidised  during  manufacture  to 
improve  adhesion  of  ths  fiber  to  the  matrix.  The  chemical 
functionality  on  the  surface  is  primarily  acidic  in  nature 
(carboxylic  and  hydroxyl  grow pa) (16, 19).  it  has  the  effect  of 
adsorbing  amine  from  the  mixed  resin  onto  the  fiber  surface 
and  interfering  with  the  cure  chemistry  of  the  matrix.  The 
interaction  must  be  complex,  however,  am  the  concentration  of 
acidic  groups  on  the  fiber  surface  is  insufficient  to  cause 
such  a  reduction  in  modulus  (16,20).  The  commercial  size 
added  to  ths  fiber  appears  to  enhance  the  formation  of  the 
interphase.  k  similar  soft  imtmrphase  does  not  appear  to  be 


formed  when  a  single  fiber  is  coated  with  phenolic  resin, 
possibly  due  to  the  action  of  the  phenolic  coating  as  a 
barrier  between  the  free  acidic  groups  on  the  surface  of  the 
fib&r  and  the  free  amine  in  the  uncured  matrix. 


CONCLUSIONS 

1.  in  model  polymer  composites  made  with  a  single  carbon 
fiber  and  Epon  828  cured  with  metaphenylene  diamine  there 
exists  an  interphase  region  between  the  fiber  and  the 
matrix, 

2.  The  formation  of  the  interphase  is  dependant  on  the  fiber 
surface  and  is  negligible  if  the  fiber  surface  is  coated 
with  a  protective  phenolic  coating,  surface  oxidised  and 
oxidised  and  sised  fibers  show  pronounced  interphase 
layers.  The  interphase  thickness  was  about  500  nm  for  the 
unsised  fiber  and  about  30QQna  for  the  sised  fiber. 

3.  At  this  time  it  cannot  be  determined  if  a  similar 
interphase  would  exist  in  e  normal  composite  whore  the 
interfiber  distance  is  about  1.2p  (65%  resin  volume 
fraction) .  Consequently,  the  significance  of  these 
observations  for  normal  composites  is  unknown. 
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THE  PRODUCTION  OF  MODULUS  GRADIENTS  AT  INTERFACES 
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Connecticut,  Box  U-136,  Storre,  CT  06269-3136 

ABSTRACT 


We  have  developed  a  range  of  "antiplasticizing"  additives 
for  epoxy  and  polyimide  resins  which  can  increase  the  modulus  of 
the  cured  polymers  by  >  40%,  increase  their  tensile  and  shear 
strengths,  modify  their  fracture  behavior,  and  decrease  their 
water  uptake.  These  additives  may  be  used  alone  or  in  conjunc¬ 
tion  with  rubber  modifiers.  The  optimum  additive  formulations 
are  complex  mixtures,  but  we  describe  here  two  relatively  pure 
model  systems.  The  epoxy  additive  is  the  reaction  product  of 
4-hydroxyacetanilide  (HAA)  and  vinyleyclohesene  dioxide  (VCD) , 
while  the  polyimide  additive  is  the  reaction  product  of  epoxy- 
phenoxypropanc  (EPF)  and  HAA  .  Those  additives  are  mixed  with 
the  epoxy  resin  and  curing  agent  (or  polyamic  acid  solution  in 
the  case  of  polyimides),  before  curing,  and  the  mixture  ia  then 
cured  in  the  conventional  fashion.  We  describe  here  some 
physical  properties  of  the  modified  epoxies  and  polyimides  and 
their  use  in  adhesive  formulations.  These  materials  offer  the 
potential  for  constructing  modulus  gradients  at  interfaces 
through  their  use  as  primers,  so  as  to  allow  testing  of  the  many 
hypotheses  concerning  desirable  interphase  properties.  Soma 
initial  experiments  in  this  area  aro  described. 

INTRODUCTION 

We  have  decribed  previoualy  a  range  of  low  molecular  weight 
additives  for  epoxy  reains,  given  the  descriptive  name  "epoxy 
fortifiers"  (1-4).  These  additives  increase  the  modulus  of 
cured  epoxy  formulations  through  a  decreet*  in  the  free  volume 
of  the  eroswlinked  network.  Tha  occurrence  of  u  surprising 
degree  of  localised  yielding  during  tensile  testing  of  modified 
epoxies  was  attributed  to  an  anoma'oualy  high  increase  in  free 
volume  with  strain  (3-T).  A  commercial  variant  of  these 
materiel*  is  produced  by  Polyaer  Ltd.,  of  Sarnie,  Ontario, 
Canada.  The  purpose  of  this  communication  is  to  describe  some 
nechanistic  studies  involving  relatively  pure  model  systems,  end 
their  relevance  to  the  concept  of  "controlled  interphases" .  We 
dsmonstrate  that  It  is  possible  to  produce  an  interphase  with  a 
modulus  exceeding  that  of  the  bulk  polymer.  The  occurrence  of  a 
high  modulus  interphase  has  been  postulated  as  a  mechanism  for 
improved  atreaa  transfer  across  matrix- reinforcement  interface* 
(6,7).  We  resile*  that  tha  opposite,  l.e.  flexible,  ductile, 
intarphaaaa,  has  also  bean  proposed  to  improve  composite  and 
adhesive  performance  (8,9).  The  use  of  modulus -modi tying 
additives  of  the  type  described  here  provides  one  route  to  teat 
these  conflicting  hypotheses. 

EXPERIMENTAL  SECTION 

.  the  epoxy  and  polyimide  resins  and  the  additive  structures 
ere  described  in  Table  I.  The  epoxy  formulation  is  e  well  known 
amine-cured  dlglycldlyl  system  on  which  comparative  date  have 
been  obtained  for  at  least  twenty  years.  The  polyimide  data 
were  obtained  on  a  commercial  variant  of  LARC-TPI  (Durlmld  100, 
Rogers  Corporation),  but  qualitatively  similar  date  have  been 

Urn.  We*.  See,  tymp.  Stec.  Vet  lie.  «lMe  mnxltii  Xwiwutedwy 
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obtained  with  the  Pyralin  series  of  resins  (2540  and  2545, 
Dupont,  based  on  pyromellltic  dianhydride/oxydianiline) .  The 
additive  EPPHAA  was  prepared  by  reacting  epoxyphenoxypropane 
with  4-hydroxyaeetanilide  at  1.1:1  mole  ratio  [5].  The  additive 
VCDHAA  was  prepared  by  reacting  vinylcyclohexene  dioxide  with 
4-hydroxyacteanilide  at  1.5:1  mole  ratio  [5].  Both  materials 
were  purified  by  solvent  extraction  and  reprecipitation,  and 
their  structures  confirmed  by  infrared  spectroscopy,  liquid 
chromatography  and  nuclear  magnetic  resonance  spectroscopy.  The 
additive  EPPHAA  is  >95%  pure,  while  VCDHAA  contains  >65%  of  the 
listed  structure,  with  the  major  impurities  being  oligomeric 
species  (e.g.  YCD-HAA).  No  claim  is  made  that  the  additive 
formulations  described  here  are  optimized.  In  particular,  we 
recognize  that  additives  containing  methylene  functionality  will 
oe  insufficiently  thermally  stable  for  use  in  polyimides  for 
high  temperature  applications.  Instead,  we  intend  only  to 
illustrate  the  magnitude  of  property  variation  obtainable  by 
this  route,  and  to  explore  the  molecular  mechanism. 


Table  I 


Polyimlda  films  (2,5-6  mils  final  thickness)  were  prepared 
from  the  polyamic  acid  solutions  by  casting  oh  glass  plates 
using  a  doctor  blade.  The  films  were  allowed  to  dry  overnight 
in  e  glove  box.  Thermal  lmidlsation  then  took  place  at  100*C 
for  lh  followed  by  200*C  for  30  minutes  (low  temperature  cure 
system),  and  in  some  caste  en  additional  30  minutes  at  300*C 
(high  temperatura  cure  system).  The  epoxy  system  is  relatively 
conventional  end  hae  been  described  previously  (S).  For  some 
epoxy  adhesive  formulations,  the  resin  wee  prereacted  with  ISphr 
(parts  per  hundred  of  resin)  of  s  carboxy- terminated  nitrile 
rubber  (B,F,Coodrleh  1300KB).  so  as  to  improve  the  fracture 
toughness  of  the  adhesive,  in  accordance  with  conventional 
|  practice.  Adhesive  bonding  characteristics  were  determined 

using  e  steel  torsional  joint  geoetetry  deerlbed  by  Bell  1 10) . 

|  The  steel  surfaces  ware  degreased  and  treated  with  citric  acid. 

Tensile  moduli  were  determined  at  lHt  in  e  nitrogen 
1  atmosphere  using  a  Polymer  Laboratories  Dynamic  Mechanical 

|  Analyser  (DMA) .  Water  uptake  data  ware  determined  graviaet- 
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rically.  Attempts  were  made  to  modify  interphase  moduli  by  the 
use  of  the  epoxy  additive  as  a  primer  (relying  on  interdiffusion 
of  the  resin  and  additive  to  set  up  a  gradient),  and  by  casting 
thin  layers  of  resin/additive  mixtures  on  metal  surfaces,  then 
allowing  them  to  partially  cure  before  applying  the  unmodified 
adhesive. 

RESULTS  AMD  DISCUSSION 


We  have  shown  previously  that  additive  EPPHAA  increases  the 
room  temperature  modulus  of  the  epoxy  system  by  >  40%,  lowers 
the  T  and  suppresses  the  low  temperature  relaxations  (3,4). 
Figures  1  and  2  show  that  a  similar  phenomenon  occurs  with  a 
polyimide  resin.  We  note  that  although  the  magnitude  of  the 
effect  is  similar  for  the  two  cure  conditions,  other  data  for 
the  Pyralin  polyimides  points  to  a  greater  effect  at  lower  cure 
temepratures.  We  attribute  this  to  the  volatility  and  poor 
thermal  stability  at  300°C  of  the  additive,  which  contains  an 
unstable  methylene  sequence.  It  should  also  be  noted  that 
although  the  modulus  of  the  polyimide  was  increased,  the  tear 
strength  wae  in  some  cases  decreased,  which  would  limit  the 
usefulness  of  these  materials  as  free  standing  thin  films.  The 
additive  EPPHAA  was  shown  to  be  almost  totally  unreacted  with 
the  epoxy  resin  (i.e,  it  was  solvent  extractable),  and  experi» 
ments  are  underway  to  determine  the  chemical  reactivity  of 
EPPHAA  with  the  polyimide. 


Figure  1.  DMA  at  lHt  of  polyimide  film  (300*c  cure) 

Figure  3  shows  that  in  addition  to  modifying  the  modulus  of 
the  epoxy  system,  the  additive  VCOHAA  can  also  reduce  the  water 
uptake,  consistent  with  the  proposed  reduction  in  free  volume. 
The  reduction  in  the  magnitude  of  the  effect  with  increaeing 
temperature  implies  that  there  is  a  balance  between  the 
reduction  in  free  volume  associated  with  VCOHAA  addition,  end 
the  increase  in  hydrophilicity  associated  with  ths  incorporation 
of  ths  polar  additive.  However,  those  results  indicate  that 
these  materials  should  .allow  us  to  test  the  hypothesis  thst 
hygothetmal  durability  can  be  Improved  by  restricting  diffusion 
of  water  to  the  interface. 
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Figure  2.  DMA  at  1Hz  of  polyiaide  film  (200°C  cure) 


Figure  3.  Water  uptake  for  cured  epoxy  reein 

0  a  control 
e  0  *iOphr  VCOHAA 


Table  II  euMarlcee  aoee  adhaeive  Joint  data  we  have 
reported  In  detail  elsewhere  (5).  The  shear  stresses  at  failure 
are  close  to  the  shear  strength  of  the  resin,  and  so  order  of 
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magnitude  improvement  cannot  be  expected.  However,  the  table 
shows  that  adhesive  bond  strength  can  be  improved  by  incorpora¬ 
tion  of  VCDHAA  and  EPPHAA  into  the  bulk  of  the  adhesive.  One 
interesting  point  not  immediately  apparent  from  the  table  is 
that  the  rubber  modified  epoxy  shows  the  greatest  potential  for 
improvement.  The  addition  of  the  rubber  improves  the  fracture 
properties  but  decreases  the  shear  strength  and  modulus.  The 
addition  of  20phr  (parts  per  hundred  of  resin)  VCDHAA  to  the 
rubber  modified  epoxy  increases  the  shear  strength  appreciably, 
and  improves  the  modulus  to  about  that  of  the  unmodified 
control.  A  further  point  described  elsewhere  (S)  is  the 
catalytic  effect  of  VCDHAA  and  EPPHAA  which  allows  these  high 
strengths  to  be  achieved  with  cure  temperatures  as  low  as  80°C. 
The  joint  properties  should  therefore  really  be  compared  to 
conventional  low  temperature  cure  systems,  where  the  improvement 
is  much  more  noticeable  (e.g.  the  same  joint  prepared  with  Epon 
823/DETA  has  a  normalised  shear  strength  of  less  than  half  those 
reported  here). 

Table  II  Properties  of  Adhesive  Joints 
(normalised  shear  strengths  under  torsional  loading,  average  of 
at  least  six  specimens) 


150°C  cure  80°C  cute  rubber  modified 


control 

100 

control 

<10 

control  74 

♦20phr  EPPHAA 

120 

+30phr  EPPHAA 

106 

+20phr  VCDHAA  89 

♦30phr  EPPHAA 

117 

♦20phr  VCDHAA 

128 

figure  ♦,  Shear  strength  (normalised)  of  torsional  joints 

vs  concentration  of  primer  solution.  Prieer  applied 
by  dipping  steel  joint  into  acetone  solution  of  primer 
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Figure  4  shows  some  initial  data  for  the  use  of  these 
additives  as  interphase  modifiers.  The  form  of  the  gradient  was 
controlled  by  interdiffusion  of  the  VCDHAA  primer  and  the  epoxy, 
and  so  this  is  a  poorly  controlled  experiment,  but  there  appears 
to  be  an  optimum  at  which  the  joint  shear  strength  is  improved, 
but  then  too  thick  a  layer  of  primer  forms  a  weak  boundary  and 
the  joint  strength  falls.  We  are  presently  performing  a  series 
of  more  controlled  experiments  where  an  interphaae  gradient  is 
produced  by  casting  (and  partially  curing)  layers  of  polymer 
with  different  additive  concentrations.  It  is  necessary  to 
optimize  the  extent  of  cure  of  these  layers  (if  the  preceding 
layer  ie  over-cured  then  the  next  layer  will  adhere  poorly.  If 
the  preceding  layer  is  under-cured,  then  the  additive  will 
equilibrate  between  the  two  layers).  Using  this  technique  we 
have  obtained  improvements  in  joint  strength  comparable  with 
those  produced  by  modification  of  the  bulk  adhesive,  but  until 
we  have  better  control  over  the  variables  mentioned  above  it 
would  be  unwise  to  present  quantitative  data.  We  also  recognize 
that  the  optimum  interphase  structure  will  probably  depend  on 
the  parameter  which  is  being  tested  (e.g.  peel  test  vs  shear 
test),  but  feel  that,  despite  these  difficulties,  some  experi¬ 
mental  verification  would  be  of  value  to  the  continuing  debate 
over  polymer  interphases. 
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ABSTRACT 

The  thermomechanlcal  stability  of  organosllane  surface  treatments  for 
E-glass  fibers  used  In  fiber  reinforced  composites  was  evaluated.  The 
effect  of  molecular  structure  of  40  to  80  namceieter  coatings  on  the  force 
transmission  across  the  flber/matrlx  Interface  was  measured  as  a  function 
of  temperature  and  exposure  to  water  using  a  fiber  fragmentation  test.  It 
was  found  that  phenyl -substituted  amino  silanes  exhibited  better  thermal 
stability,  but  were  less  resistant  to  boiling  water,  than  the  commerlcally 
available  y-amlno  propyl  silanes,  A  bls-trlmethoxy  y-amlno  propyl  silane 
showed  an  Increase  In  both  the  hydrolytic  and  thermal  stability  when 
compared  to  the  commercial  product,  A  good  balance  of  thermal  and  hydro¬ 
lytic  stability  was  also  obtained  with  a  methylamlnopropyltrlmethoxy 
silane  coating. 

The  strain  energy  released  from  the  glass  fibers  upon  decoupling  from 
the  epoxy  matrix  or  silane  coating  was  found  to  be  In  the  range  of  145  to 
186  /»and  varied  no  more  than  20  percent  over  a  temperature  range  of  25 
to  75*C  or  when  exposed  to  boiling  water  and  then  redried.  It  also  varied 
very  little  with  the  silane  coating  used.  In  addition,  the  average  shear 
stress  attained  at  the  fiber-matrix  Interface  In  an  Imbedded  single  fiber 
test  at  25*C  was  as  much  as  two  times  higher  than  the  shear  strength  of 
the  epoxy  matrix  and  as  much  as  five  times  higher  at  elevated  temperature. 
These  data  lead  ont  to  the  conclusion  that  the  Interphase  failure  In  these 
composites  Is  controlled  by  a  plana  strain  fracture  In  the  constrained 
region  of  the  organic  Phase,  near  the  fiber  surface,  rather  than  by  the 
maximum  shear  strength  in  the  Interphase. 


INTRODUCTION 

The  properties  of  glass  fiber  reinforced  composites  are  dependent 
upon  the  stability  of  the  Interfacla!  region  between  the  matrix  and  the 
fiber  surfaces.  The  primary  function  of  the  flber/matrlx  Interface  Is  to 
transmit  stress  from  the  polymer  mitrlx  to  the  high  strength  reinforcing 
fibers.  The  ability  to  transmit  strass  depends  upon  the  mechanical 
propertlaa  of  the  matrix,  the  load  bearing  ability  of  the  fibers  and  the 
strength  of  the  flber/matrlx  Interface,  A  strong  chemically  stable 
Interface  can  be  obtained  by  application  of  a  coupling  agant  on  the  fiber 
surface  which  Interacts  either  chemically  or  physically  with  both  the 
fiber  end  matrix.  The  most  widely  used  coupling  agents  for  glass  are  the 
organoslltnes  having  the  general  formula  XaS1R,  where  the  R  Is  an  alky  or 
aromatic  functional  group  and  the  X  are  readily  hydrolyzable  groups  that 
react  In  the  presence  of  water  to  form  both  slloxene  linkages  and  poly- 
tlloxtne  coatings  on  the  gU;«  surfaces, 

Considerable  evidence  suggests  that  rather  than  a  monomolecutar 
Interface,  a  coating  cf  volysfloxana,  as  much  as  40  to  80  monomaters 
thick,  forms  an  Interbhatn  between  the  fiber  and  the  matrix  material.  The 
stress  transmission  characteristics  of  this  InterBase  are  critical  to  the 
mechanical  performance  of  the  composite.  After  many  years  of  study  there 
Is  still  speculation  as  to  whether  it  Is  batter  to  leava  an  Interphase 
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with  graded  properties  as  a  buffer  between  fiber  and  matrix  or  to  have  a 
monolayer  of  a  reactive  coupling  agent  to  strongly  bond  the  fiber  to  the 
matrix.  In  this  study  we  report  results  on  the  effect  of  the  molecular 
structure  of  silane  agents  on  the  stress  transmission  characteristics  of 
polyslloxane  Interphases  as  a  function  of  temperature  and  exposure  to 
boiling  water. 


EXPERIMENTS 

The  thermal  and  hydrolytic  stability  of  a  series  of  cotrmerclal  and 
experimental  silane  coupling  agents  for  glass  fiber  reinforced  composites 
were  evaluated  using  an  Imbedded  single  fiber  composite  tension  test  [1]. 
A  series  of  silane  coupling  agents  were  synthesized  at  the  Specialty 
Chemical  Division  of  Union  Carbide  Corp.  In  Tarrytown,  NY  [2,3],  All  were 
variations  of  the  widely  used  compound  3-aml nopropyl trlmethoxy  silane 
(APS).  The  materials  used  In  this  study  are  3-(phenyl  amino)  propyltrl- 
methoxy  silane  (PAPS),  3-(4  hydroxy-3  methoxyphenyl )  propyl trlmethoxy 
silane  (HHPS),  3-(methyl  amino)  propyl  trlmethoxy  silane  (HAPS),  3-(am1no 
ethylamlno)  propyl  trlmethoxy  silane  (AAPS)  and  a  b1s(3-tr1methoxy  sllyl- 
propyl)  amine  (BTA).  The  reactive  groups  were  systematically  changed  to 
provide  either  wet  strength  retention  (as  with  BTA)  or  high  temperature 
stability  (as  with  HNPS),  The  E-glass  fibers  were  spun  from  the  melt  at 
2200eC  and  water  washed.  The  silanes  were  applied  as  a  primer  solution  of 
5s  silane  and  52  water  In  either  methanol  or  toluene,  as  appropriate. 
After  5  minutes  of  contact  wl.th  the  primer  solution  the  fibers  were 
air-dried  for  5  minutes,  heated' In  vacuum  at  100*C  for  30  minutes,  boiled 
In  water  for  one  hour  and  then  redried  In  vacuum  at  100*C  for  another 
hour.  FTIR  was  used  to  confirm  the  presence  of  silane  on  the  surface  and 
scanning  electron  microscopy  was  used  to  observe  the  topography  of  the 
coating.  After  the  final  water  washing  the  coating  appeared  to  be  smooth 
and  uniform,  Thermooravlmetrlc  analysis  Indicated  that  Its  weight  was  of 
the  order  of  0.5  to  1,0  percent,  signifying  average  coating  thicknesses  of 
40  to  BO  nanometers. 

Fiber  tensile  strength  distributions  were  obtained  using  ASTN  Stand¬ 
ard  03379-5  at  a  crosshead  speed  of  0,51mm  per  minute.  As  reported 
previously  [3],  the  distribution  of  fiber  breaking  strengths  conformed  to 
a  doubla  box  distribution  over  wide  ranges  of  fiber  length.  At  fiber 
gauge  lengths  of  0.2  to  2.0  m,  which  covert  the  range  of  measured  criti¬ 
cal  langths,  the  fiber  strength  can  be  represented  within  ♦  101  by  the 
following  equation: 


of(tc)  -  400 

and  i.  are  In  units  of  MPa  and  millimeters  respectively, 
filaments  were  selected  at  random  from  the  coated  bundles  and 
a  silicone  rubber  mold.  Epon  828  epoxy  resin  and  lOOpph 
Versaalde  125  amine  curing  egent  were  mixed  and  poured  Into  the  cavities. 
The  simples  were  cured  for  two  hours  at  100*C  followed  by  e  two  hour 
postcure  at  1S0*C,  left  In  the  oven  overnight  to  cool  and  then  stored  In  a 
desslcator  until  used.  The  single  fiber  composite  samples  were  loaded  In 
tension  on  an  NTS  880  servohydraullc  loading  machine  at  0.51  mm  per  minute 
to  elongations  of  up  to  10  percent.  Fragmentation  was  complete  at  about  7 
percent  elongation.  Tht  samples  were  observed  and  photographed  under  e 
microscope  equipped  with  cross  polarizers.  The  lengths  of  the  fiber 
fragments  were  measured  using  a  micrometer  eyepiece.  Enough  samples  were 
tested  to  obtain  80  to  100  fragments  for  each  fiber  type. 

Upon  tensile  deformation,  stress  Is  transferred  through  sheer  at  the 
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Interface  to  the  fiber  fragments.  At  some  point  either  a  shear  or  a 
tensile  component  will  reach  a  limiting  value  and  cause  either  a  debonding 
at  the  Interface,  a  shear  yielding  of  the  matrix  or  crack  propagation  In 
either  phase.  The  purpose  of  the  fiber  fragmentation  test  Is  to  measure 
quantitatively  the  maximum  load  transfer  and  to  determine  optically,  If 
possible,  the  limiting  fracture  mechanism. 

The  maximum  load  per  unit  of  circumference,  (F),  transferable  to  a 
fiber  of  critical  length  can  be  calculated  from  a  force  balance  as: 


F  -  [of(l  )  -  d2] 
irdf  T  c  4  T 


ofUc)df 

4 


/c/2x(x)dx 

o 


(2) 


where  cAl  )  Is  the  strength  of  the  fiber  at  the  critical  length  and  d-  Is 
the  f1b£r  diameter.  The  shear  stress  at  the  fiber/matrix  Interface,  t(x). 
Is  Integrated  from  the  center  to  the  end  of  the  fiber.  The  shear  stress 
distribution  Is  determined  by  the  mechanical  properties  of  the  silane 
coating  and  the  matrix  material  near  the  Interface  and  the  maximum  attain¬ 
able  value  of  t(x)  Is  determined  by  the  state  of  stress  and  the  mechanism 
of  failure.  In  certain  Ideal  situations  the  stress  distribution  can  be 
determined  [4.5],  but  In  most  cases  It  Is  necessary  to  evaluate  numeri¬ 
cally  the  multlaxlal  stress  field  around  the  fiber  ends.  A  mean  value  of 
t(x)  can  be  estimated  by  assuming  uniform  shear  along  the  fiber  surface 
and  Integrating  equation  (2). 


RESULTS  AND  DISCUSSION 


A  typical  fragment  length  distribution  for  coated  E-glass  fibers  In 
the  epoxy  resin  Is  shown  In  Figure  1.  The  mean  critical  lengths  were  used 
to  calculate  the  maximum  force  transferable  per  unit  of  circumference,  F, 
and  an  "average"  Interfaclal  shear  transmission  parameter,  <t>.  Also,  a 
minimum  debonding  energy  per  unit  of  surface  area,  G,  was  obtained  by 
estimating  the  elastic  strain  energy  released  from  the  fiber  end  upon 
debonding: 


Ef(«lf)  Uc/2) 


df  Ef 


(3) 


where  Ex  Is  the  elastic  modulus  of  the  fiber. 

The  force  transmission  properties  as  a  function  of  temperature  are 
shown  In  Table  I.  At  room  temperature, 2F  Is  equal  to  13.6  +  0.2  kN/m,  the 
minimum  energy  release  G  Is  180  +  5  J/irr,  and  both  are  Insensitive  to  the 
silane  coating  used.  On  the  oTher  hand,  the  average  shear  transmission 
varies  Inversely  with  the  critical  aspect  ratio,  with  HMPS  promoting  the 
highest  value  (51.2MPa)  and  the  absence  of  silane  resulting  In  the  lowest 
value  (32.9MPa).  The  phenyl  substituted  silanes  support  higher  shear 
stress  at  room  temperature,  probably  Indicating  a  higher  rigidity  of  these 
coatings.  All  values  of  <t>  are  higher  than  the  shear  strength  of  the 
bulk  epoxy  (25.1MPa),  which  Indicates  that  either  the  shear  strength  of 
the  Interphase  material  Is  higher  than  that  of  the  bulk  epoxy  or  the  force 
transmission  Is  not  limited  by  yielding  of  the  material  near  the  Inter¬ 
face.  While  In  all  cases  the  shear  stress  transmission  decreases  sub¬ 
stantially  with  temperature,  the  minimum  strain  energy  release  drops  only 
slightly  (75  to  21X  maximum).  Values  of  G  In  the  range  145  to  186  are  of 
the  order  of  the  plane  strain  energy  release  rates  G.c  of  epoxy  type 
materials  which  leads  one  to  the  conclusion  that  the  mechinlsm  of  "inter- 
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Fragment  Length  (mm) 

Figure  1.  Fragment  length  distribution  for  HMPS  coated  E-glass  fibers. 

phase"  failure  Is  probably  a  plane  strain  fracture  somewhere  on  the  matrix 
side  of  the  interface. 

One  can  see  substantial  differences  In  the  thermal  stability  of  the 
coatings.  It  appears,  for  example,  that  the  substitution  of  phenyl  groups 
on  the  polyslloxane  promotes  thermal  stability.  The  HMPS  coating,  and  to 
a  lesser  extent  the  PAPS  coating,  retains  much  of  Its  ability  to  transmit 
load  even  30®  above  the  glass  transition  temperature  of  the  bulk  epoxy. 
The  uncoated  and  the  APS  coated  fiber  material  show  the  poorest  thermal 
stability,  while  the  BTA  and  MAPS  silane  coatings  exhibit  a  thermal 
stability  Intermediate  to  the  others. 

The  single  fiber  composite  samples  were  also  exposed  to  boiling  water 
for  periods  of  2  and  24  hours.  Samples  were  tested  both  wet  and  after 
drying  for  48  hours  In  vacuum  at  100®C.  Table  II  Illustrates  the  effect 
of  boiling  water  treatment  on  the  force  transmission  properties.  After  2 
hours  exposure  the  critical  lengths  of  all  samples  tested  wet  were  higher 
than  the  initial  values,  indicating  a  degradation  of  the  force  transmis¬ 
sion  ability  of  the  Interfaces.  The  material  with  uncoated  fibers  showed 
the  most  degradation,  while  the  BTA  and  AAPS  coated  fibers  showed  the  most 
resistance  to  boiling  water.  The  increased  functionality  of  these  two 
coupling  agents  appears  to  provide  slightly  better  Initial  hydrolytic 
stability.  Upon  drying,  the  uncoated,  BTA  and  MAPS  coated  samples  recov¬ 
ered  nearly  completely  their  force  transmission  characteristics,  while  the 
APS  and  WPS  coated  samples  showed  clear  signs  of  permanent  deterioration. 

After  24  hours  of  exposure  to  boiling  water  none  of  the  materials 
exhibited  any  Interfacial  strength  when  tested  wet.  Upon  loading,  the 
fibers  merely  slip  In  the  matrix  and  cannot  be  broken  In  tension.  This 
Indicates  penetration  of  water  Into  the  epoxy  resin  and  probably  the 
Interface.  The  swelling  of  the  bulk  epoxy  and  the  Interphase  material 
results  In  very  high  swelling  stresses  that  could  easily  rupture  the 
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Interface.  Water  In  the  Interphase  region  win  also  cause  hydrolysis  of 
the  silane  coatings.  Either  factor  could  cause  Interphase  failure.  After 
drying,  the  material  with  uncoated  fibers  recovered  nearly  completely. 
Indicating  little  permanent  damage  to  either  the  epoxy  matrix  or  the 
fibers.  The  epoxy  also  recovered  Its  Initial  yield  strength.  Of  the 
silane  coated  materials,  those  containing  methyl  substituted  silane  coated 
fibers  (MAPS)  appear  to  have  recovered  completely  their  load  transmitting 
ability.  The  bls-methoxy  compound  8TA  was  also  reasonably  stable,  losing 
only  11*  of  its  shear  transmission  capability.  The  phenyl  substituted 
coatings  PAPS  and  HMPS  lost  571!  and  19%  respectively  of  their  shear 
transmission  capability  and  the  amine  compounds  APS  and  AAPS  lost  15%  and 
34%  respectively.  Incomplete  recovery  Indicates  a  degree  of  Irreversibil¬ 
ity  In  the  integrity  of  the  interphase  and  perhaps  the  hydrolysis  of  the 
polyslloxanes. 

The  fiber  fracture  at  the  fiber-matrix  Interface  was  observed  under 
cross  polarized  light  revealing  stress  birefringence  patterns  around  the 
coated  fibers  [2,3].  At  room  temperature  both  the  Interface  and  the 
matrix  are  stable  and  can  sustain  the  strain  concentration  around  the 
broken  fiber  ends.  At  higher  temperature  the  matrix  and/or  Interface 
weaken  and  the  fibers  appear  to  slip  In  the  matrix.  As  the  force  trans¬ 
mission  at  the  interface  diminishes  as  a  result  of  exposure  to  boiling 
water,  the  birefringence  patterns  decrease  In  Intensity  as  slippage  of  the 
fibers  In  the  matrix  becomes  apparent,  confirming  the  conclusions  drawn 
from  the  data  of  Tables  I  and  II. 
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INTRODUCTION 

The  study  of  the  type  and  strength  of  the  filler-polymer 
linkages  is  of  great  importance  in  understanding  the 
reinforcement  of  elastomers.  Silicone  rubbers  are  weak 
elastomers  and  the  addition  of  reinforcing  fillers  is  essential 
in  order  to  obtain  useful,  strong  materials.  The  best 
reinforcing  filler  for  these  elastomers  are  fumed  silicas. 
These  fillers,  like  reinforcing  carbon  blacks,  have  very  complex 
structures.  Both  have  fractal  characteristics,  3mall  particles 
fused  together  forming  open  aggregates  that  can  cluster  by 
physical  forces.  Silicas  have  sometimes  more  complex  structures 
than  carbon  blacks,  but  have  a  better  understood  surface 
chemistry.  Interactions  between  polydimethylsiloxanes  and 
silica  surfaces  have  been  studied  using  heat  of  adsorption 
measurements  of  mostly  low  molecular  weight  analogs  or  inferring 
the  strength  of  the  adsorption  by  the  shift  of  particular  peaks 
in  the  infrared  spectrum  [1]  .  Here  we  will  present  a  new 
technique  that  measures  directly  the  strength  of  the  adsorption 
of  the  polymer  segments  onto  glass  and  between  themselves.  It 
also  allows  for  comparison  of  the  strength  of  such  bonds  with 
the  strength  of  a  polymer  entanglement  "link". 

MATERIALS 

The  polydimethylsiloxanes  used  in  this  work  are  vinyl 
terminated  and  have  molecular  weights  ranging  from  Mn-  8900  to 
146000  (Table  I),  thus  below  and  above  the  critical  molecular 
weight  for  entanglements  (Me-  25000,  [2]).  PDMS2  and  PDMS3  are 

from  Dow  Corning  (Midland,  MI)  and  PDMS1  was  bought  from 
Petrarch. 


Table  I 


Molecular  Weights  and 

Polydispersity  of  the 
Work. 

PDMS  Used  in  This 

PDMS1 

PDMS2 

PDMS3 

PDMS4* 

Mn  146,000 

66, 400 

8,900 

22600 

Mw/Mn  2 . 2 

1.8 

1.9 

3.9 

(*)  mixture  70  to  30  by  weight  of  PDMS2  and  PDMS3 

Fumed  silica  (Aerosil  130,  Degussa)  and  chemical 
modifications  of  it  were  used  in  this  work,  in  order  to  keep 
approximately  the  same  structure  and  surface  area.  Table  II 
presents  the  silicas  used,  their  surface  area  and  the  type  of 
surface  treatment. 

Fumed  silicas  are  manufactured  using  a  flame  process  that 
produces  droplets  of  SiO*  of  about  7  to  30  nm  that  fuse  together 
to  form  aggregates.  These  aggregates  are  of  colloidal  site 
(less  than  lp. )  and  can  agglomerate  in  the  dry  state  due  to 
physical  forces  (van  der  Waals  or  hydrogen  bonding) . 
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Table  II 

Fumed  Silicas  Treatment  and  Surface  Area 


Aerosil 

130 

Surface  Area  (rt&'g)  1 33 
Surface  Treatment  none 


Fraction  of  SUanols  *  1 


Aerosil  Modified 


R972  Silica  1 

108  112 

dimethyl  hexamethyl 

dlchlorosilane  dlstlazane 


0.08  0 


Modified 
Silica  2 

114 

tetramethyldlvlnyl 
dlsilazane  (30%wt.) 

+  hexamethyldlsHazane 
(70%  wt) 

0 


*  The  hydroxltated  area  of  Aerosil  130  is  taken  to  be  1  as  reference  (.measured  using  the  methyl  red 
technique). 


The  FTIR  spectra  of  the  silicas  show  that  commercial 
Aerosil  R972  is  a  partially  treated  silica,  the  peak 
corresponding  to  isolated  silanols  (3750  cm*1)  is  small  but 
noticeable.  The  other  two  modified  silicas  were  treated  in  our 
laboratory  using  the  technique  detailed  by  Maxson  and  Lee  [3] 
and  the  spectra  showed  complete  treatment.  This  degree  of 
treatment  was  also  confirmed  more  quantitatively  by  adsorption 
of  a  dye  such  as  methyl  red,  that  is  adsorbed  only  onto 
hydroxylated  surfaces.  These  results  are  shown  in  Table  II. 


EXPERIMENTAL 


The  composites  were  prepared  by  mechanical  mixing  of  the 
polymer  and  filler  without  the  addition  of  any  mixing  aids.  The 
apparatus  used  was  a  Rheomixer  Haake  600  with  a  chamber  capacity 
of  60  to  80  cm3.  The  mixing  was  done  at  room  temperature  using 
sigma  blades  at  35  rpm.  The  addition  pf  silica  to  the  polymer 
took  about  30  minutes  to  form  a  master  batch' of  20  to  -40  phr 
(parts  of  silica  per  hundred  parts  of  polymer)  depending  of  how 
stiff  the  materiel  became.  The  torque  signal  reached  a  constant 
value,  about  30  minutes  after  the  silica  incorporation  *  but  the 
total  time  of  mixing  was  3  hour-5,  The-,  composite  mode  from 
Aerosil  R972  ;and  PDMS4  vds  prepaid  in  a  Bakisr  Perkiua  miser  (18 
capacity)  using  the  sawn  procedure  as  above, 

diffuse  -reflectance  infrared  spectroscopy  (DRIFT)  was  u a<d. 
to  characterise  the  silica  surfaces- before  and  after  the  polymer 
adsorption.  We  used  an  11*44  spectrometer  with  a  diffuse 
reflectance  cell  from  Hsrriefc'  (Praying  Mant,ta  .  model)  .  'fhe 
^apples  for  the  IR  study  were  prepared  by.  mixing  1  part  (by 
volume)  of  silica  that  had  been  dried , for  1  hour  at  108*6' with  7 
to  10  parts  of  NaCl  (prvtously  dried  for  1  hVor  flu  120*0.  The 
.  spectra  were  obtained  At  room  temperature,  at  the  average  cf  500 
-  scans-  with  2  cm'-’  resolution.  The  spectra  verb  laces  modified  - 
using  the  Kubelks-HUnfc  correction.  *  -  .  /. 

Bound  rubber  in  defined  aa  the  amount  of  polymer  that ' is 
not  dissolved  by  a  good  solvent  in  the  uncured  iKcteriai.  .  We 
measured  this  quantity  at  room  temperature  with  chloroform,  In 
this  way,  only  the  strongly  adsorbed  chains  remain  after  the 
extraction  and  any  entangled  free  chains  or  polymer  occluded 
inside  of  the  aggregates  is  probably  washed  out.  2  g  of  uncured 
silicone  rubber  wore  put  into  contact  with  20  ml  of  chloroform 
for  2  to  3  days.  The  supernatant  w as  separated  and  the  solids 
left  behind  were  subject  to  the  above  procedure  a  couple  of 
times.  The  separation  of  the  solid  from  the  polymer  solution 
was  attained  by  conirlfugation  at  13000  rpm  for  45  minutes. 


The  surface  force  measurements  were  done  using  the 
technique  described  by  Israelachvili  and  Adams  [8],  but 
replacing  mica  by  smooth  glass  surfaces  [9] .  A  glass  bubble  was 
formed  by  blowing  a  heated  sealed  Pyrex  glass  tube.  The  bubble 
is  later  broken.  Pieces  of  about  1  cm2  and  2  to  3  H  thickness 
are  silvered  and  glued  onto  glass  lenses  with  the  silvered  side 
down.  The  polymer  was  later  adsorbed  onto  either  one  or  on 
both  the  surfaces  by  immersing  the  lenses  into  a  solution  of 
PDMS2  in  toluene  (0.05g/ml)  for  12  hours.  Then,  the  surfaces 
were  washed  in  toluene  and  used  for  the  measurements.  A  spot 
was  considered  suitable  for  the  test  if  after  the  surfaces  jump 
into  adhesive  contact,  further  compression  resulted  in  no 
movement  of  the  fringes  indicating  smooth  surfaces.  At  this 
spot  the  surfaces  were  kept  in  contact  under  no  compress.'ve  load 
for  different  time  intervals  between  measurements.  When  the 
gradient  of  the  attractive  portion  of  the  force  vs.  distance 
profile  exceeded  the  spring  constant  the  surfaces  jumped  apart 
to  a  distance  »hich  when  multiplied  by  the  spring  constant  of 
the  dou‘  le  plate  cantilever  leaf  spring  yielded  the  adhesive 
fo_~e.  This  force  was  measured  by  separating  the  surfaces  in 
air,  whereas  the  radius  of  curvature  of  the  undeformed  surface 
was  measured  by  immersing  the  surfaces  in  toluene.  The  adhesive 
force  as  measured  in  the  experiment  was  divided  by  3*R  in  order 
to  obtain  y,  the  surface  energy. 

RESULTS 

.he  DRIFT  spectra  of  the  untreated  silica  Aerosil  130 
before  and  after  compounding  with  the  PDMS  is  shown  in  Figure  1 . 
The  D«ak  et  3V50  cm*'  disappears  indicating  that  adsorption  is 
strongly  related  to  the  presence  of  isolated  siOH  on  the  silica 
surface.  This  single  observation,  however,  ia  not  enough  to 
determine  if  the  adsorptior  is  physical  or  chemical  in  nature. 
Previous  work  published  in  the  area  [4]  indicates  that  a 
chemical  reaction  involving  the  surface  SiOil  takes  place  at 
temperatures  abov~  130  o.  In  fact  an  irreversible  increment  in 
the  modulus  of  the  unoured  cor .oaites  was  detected  after  heating 
t  composite  at  153*C.(5)  The  .measurement  was  done  using  a 
Rheoraetrics  System  IV  by  measuring  the  storage  modulus,  G*,  vs. 
frequency  et  small  deformations.  Wo  changes  were  detected  at 


-Figure  1  DhlFT  spectra  of  Aerosil  130  before  (dashed  line)  and 
after  (continuous  line)  adsorption  of  PbH$4 
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temperatures  S110°C.  Thus,  we  think  that  the  adsorption  is 
mainly  physical  and  due  to  the  H  bonding  of  the  POMS  chains  to 
the  isolated  silanols  of  the  silica. 

The  results  from  the  bound  rubber  measurements  are  limited 
by  the  way  in  which  the  solids  separation  is  done.  Table  III 
shows  these  results.  The  higher  the  PDMS  molecular  weight  the 
larger  the  amount  of  adsorbed  polymer.  Problems  arise  in  the 
solid  separation  at  Mn-  146000,  because  during  the 
centrifugation  step,  part  of  the  free  chains  also  sediment.  The 
trend,  however,  is  valid.  We  also  noticed  that  the  larger  the 
OH  concentration  in  the  silicas,  the  larger  the  amount  of 
adsorbed  polymer.  Again  some  problems  appear  during  the 
centrifugation  of  completely  treated  silica.  The  centrifugation 
is  not  strong  enough  to  sediment  some  small  clusters  and  the 
results  show  zero  or  negative  amounts  of  adsorbed  polymer 
indicating  that  some  silica  is  lost  in  the  supernatant. 

Table  III 

Bound  Rubber  Results 


Silica:  Aerosil  R972 


PDMS  Mn 

PDMSau/PDMStoutMOO 

PDMS4(i*/3ili.ca 

♦ 

146000 

66400 

(high) 

6.9 

0.219 

0.12 

22600 

5.3 

0.263 

0.12 

8900 

1.8 

0.064 

0.08 

Polymer:  PDMS  (Mn-  22600) 

Modified  Silica  1  <-  0) 

t-  0) 

0.08 

Aerosil  R972 

5.3 

0.263 

0.08 

Aerosil  130 

8.1 

0.407 

0.08 

where  +  is  the  volume  fraction  of  silica,  calculated  using  p,n. 
■  2.2  g/cmJ  and  Pwo  ■  0972  g/cm1.  +-  0.12  corresponds  to  30  phr 
and  +"0.06  to  20  phr. 

The  results  could  be  later  improved  using  elemental  carbon 
determination  for  both,  the  silicas  in  the  dry  state  and  the 
silicas  onto  which  the  polymer  is  adsorbed.  Using  similar 
materials,  Cohen-Addad  observed  the  same  trends  as  those  seen 
here.  Further,  based  on  the  assumption  that  the  whole  silica 
surface  is  wetted  by  the  polymer,  they  observed  that  the  amount 
of  polymer  adsorbed  per  unit  of  weight  of  silica  is  independent 
of  the  silica  concentration  [6) . 

Figure  2  shows  the  preliminary  results  of  the  direct 
measurement  of  the  forces  between  the  Pyrex  glass  surfaces,  and 
PDHS  (i<n»66400) .  In  the  first  case,  the  polymer  was  adsorbed 
only  onto  one  of  the  surfaces,  hence  facilitating  bridge 
formation  when  the  two  surfaces  were  put  into  contact.  The 
surface  on  which  the  polymer  was  adsorbed  was  washed  for  only  1 
hour  with  solvent  after  the  adsorption,  thus  some  free  polymer 
may  have  remained  as  well  as  weakly  adsorbed  chains. 

In  the  second  case,  the  polymer  was  adsorbed  up  to 
saturation  on  both  glass  surfaces.  After  adsorption  the 
surfaces  were  washed  three  times  with  pure  solvent  for  e  total 
of  24  hours  and  then  put  into  contact  in  tb«  surface  forces 
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Figure  2.  Surface  Forces  measurements.  PDMS-PDMS  is  the  case  in 
which  the  polymer  was  adsorbed  on  both  surfaces.  PDMS-glass  is 
the  case  in  which  the  polymer  was  initially  adsorbed  on  one 
surface. 

apparatus.  The  predominant  type  of  linkages  possible  is  the 
entanglement  of  chains  adsorbed  on  different  surfaces.  Without 
any  applied  load  the  force  seems  to  remain  constant  and  low  in 
the  time  interval  observed. 

The  important  result  is  the  large  increment  of  the  forces 
when  bridges  are  present  in  comparison  to  the  case  where  the 
interactions  are  between  PDMS  adsorbed  on  two  different 
surfaces . 

DISCUSSION 

The  physical  picture  which  emerges  from  our  studies  is 
illustrated  schematically  in  Figure  3.  Bound  rubber  and  FTIB 
results  indicate  that  there  exists  a  strong  adsorption  of  the 
polymer  onto  the  silica  surface  and  at  the  same  time,  extensive 
agglomeration  occurs  at  small  deformations (5) .  Aggregates  of 
different  sizes  have  adsorbed  polymer  and  thus,  agglomeration 
takes  place  through  silica-polydimethylsiloxane-silica  linkages. 
Figure  3  (not  at  seals}  shows  the  type  of  attachments  that  are 
possible: 

a}  entanglements  with  intermediate  free  chains. 

b)  entanglements  of  chains  adsorbed  onto  different 

aggregates,  and 

c)  direct  bridging  of  two  aggregates  by  the  same  chain. 
While  the  three  types  of  linkages  are  expected  to  increase  the 
modulus  of  the  rubber,  the  first  one  should  not  change  greatly 
the  relaxation  behavior  of  the  material,  while  the  existence  of 
the  ether  two  should  broaden  the  spectrum  of  the  relaxation 
times  which  is  a  experimental  feature  in  reinforced 
elastomers (7] . 

The  use  of  the  surface  forces  apparatus  offers  a  new  tool 
to  study  the  interfacial  forces  in  these  systems.  In  this 
preliminary  work  we  have  compared  the  forces  required  to  pull 
apart  two  surfaces  on  one  of  which  the  polymer  is  adsorbed, 
hence  facilitating  bridge  formation  (linkages  of  type  c)  and  the 
forces  required  to  pull  apart  two  surfaces  with  polymer  adsorbed 
on  each  of  them,  hence  allowing  for  contribution  due  to 
entanglements  between  polymer  chains  (linkages  of  type  b> . 


3oe 


Figure  3.  Different  types  of  silica-PDMS- silica  attachments. 

The  forces  measured  separating  a  polymer  layer  from  glass 
evolved  slowly  during  the  time  of  measurement  up  to  values  about 
10  times  larger  than  in  the  case  of  polymer  adsorbed  on  the  two 
surfaces.  We  helieve  that  bridges  were  formed  from  the  very 
first  contact,  but  with 

time,  weakly  adsorbed  chains  as  well  as  free  entangled  chains 
were  squeezed  out  from  the  gap,  which  was  seen  to  decrease  with 
increasing  time  of  contact.  This  preliminary  measurement 
resulted  in  larger  forces  than  those  found  for  glass-glass 
surfaces  measured  wi\  the  same  technique,  40  to  60  dyn/cm, (9) 
but  more  experiments  are  needed  before  we  can  discuss  these 
results  in  absolute  terms.  The  results  obtained  with  this 
technique  supports  our  proposition  on  the  importance  of  filler- 
polymer  attachments  since  it  suggests  that  polymer  bridging  can 
be  a  strong  force  for  agglomeration,  not  usually  suspected.  The 
results  obtained  with  this  last  technique  are  encouraging  enough 
to  continue  the  study  with  polymers  of  different  molecular 
weights  and  treated  glass  surfaces. 
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INTRODUCTION 

Surface  modification  of  organic  reinforcement  fibers  by 
exposure  to  certain  plasmas  appears  to  have  considerable  potential 
as  a  means  for  improving  the  performance  of  composites.  Such 
treatments  can  change  fiber  surface  properties,  leaving  the  core 
of  the  fiber  virtually  unaffected  so  that  the  mechanical 
properties  of  the  fibers  remain  unaltered.  Previous  studies  [l- 
5]  have  shown  that  plasma  treatment  of  polymeric  fibers  can  modify 
surface  energetics  and  that  the  acid/base  characteristics  of  a 
fiber  surface  can  be  altered  by  exposure  to  plasmas  of  acidio  or 
basic  gases.  Although  several  publications  [6,7]  have  reported 
that  the  mechanical  properties  of  composites  reinforced  with 
plasma- treated  fibers  are  enhanced,  there  has  been  no  direct 
evidence  to  show  the  impact  of  fiber  surface  plasma  treatment  on 
interfacial  shear  strength. 

In  this  paper  we  report  the  effect  of  plasma  treatment  on 
interfacial  shear  strengths  as  measured  by  the  microbond  pull-out 
technique  [8,9] .  This  technique  provides  a  direct  measurement 
of  interfacial  adhesion  between  a  fiber  and  resin  matrix.  It 
involves  the  application  of  miorodroplets  of  resin  (30-200  jjm 
long)  onto  a  single  fiber,  followed  by  measurement  of  the  force 
required  to  pull  out  or  debond  the  fiber  from  each  droplet.  This 
technique  has  been  found  to  be  sensitive  enough  to  differentiate 
among  various  fiber/resin  combinations  (8-12) .  in  this  study,  the 
effeats  of  plasma  treatment  on  aramid  and  high  modulus 
polyethylene  fiber  have  been  investigated  by  measuring  their 
interfacial  shear  strength  in  conjunction  with  epoxy  resin. 


EXPERIMENTAL  DETAILS 

Hbtr.  iMitunt 

Aramid  fiber  (Kevlar®  49,  DuPont),  washed  in  acetone,  and 
high  modulus  polyethylene  fiber  (finish-free  Spectra a  1000, 
Allied/Signal)  were  treated  in  yarn  form  with  four  types  of 
plasmas.  The  ionised  gases  used  in  the  treatments  can  be  broadly 
classified  into  four  types!  oxidising  plasma,  reducing  plasma, 
nautral  plasma,  and  hydrophilic  plasma.  It  was  expected  that  each 
of  these  plasmas  would  Impart  a  corresponding  functionality  on  the 
fiber  surface. 

The  plasma  treatments  were  done  in  a  gas  flow  reactor  at  low 
powers  and  ambient  temperature.  Excitation  at  13.56  MHz  was  used 
at  power  levels  of  50  watts  for  ten  minutes.  Gas  flow  rates  were 
typically  20  scorn)  system  pressure  was  500  mTorr.  Plasma  was 
excited  in  a  tee-shaped  raaotor  by  means  of  an  external  coil  on 
the  stem  of  the  tee.  The  yarns  were  wound  around  an  open  glass 
bobbin  located  juat  downstream  of  the  glow  region. 
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The  TRI  Miorobond  Experiment 


The  miorobond  technique  involves  depositing  a  small  amount  of 
resin  onto  the  surface  of  a  fiber  in  the  form  of  a  droplet  which 
forms  concentrically  around  the  fiber  in  the  shape  of  an 
ellipsoid.  After  appropriate  hardening  or  curing,  the  fiber 
diameter  and  the  droplet  length  are  measured  with  the  aid  of  an 
optical  microscope  to  determine  the  embedment  area.  The  fiber 
is  pulled  out  of  the  resin  droplet  using  a  special  device  to  grip 
the  droplet  bonded  to  the  fiber  (Fig.  1) .  This  device  consists 
of  two  adjustable  plates  that  form  the  slit  of  a  microvise  that 
is  attached  to  a  vertical  drive  system.  The  plates  are  positioned 
just  above  the  droplet  and  the  slit  is  narrowed  symmetrically 
until  the  plates  just  make  contact  with  the  fiber.  As  the  plates 
move  downward,  an  initial  frictional  force  between  the  fiber  and 
the  shearing  plates  is  registered,  indicating  that  the  slit  is 
touching  the  fiber  so  that  the  droplet  has  little  chance  of 
slipping  through.  As  the  shearing  plates  continue  to  move 
downward,  they  encounter  the  droplet  and  exert  a  downward  shearing 
force  on  it.  Upon  debonding,  the  pull-out  force  is  recorded. 
Debonding  force  is  calculated  by  subtracting  the  initial 
frictional  force  from  the  measured  force.  Interfacial  shear 
strength  is  calculated  by  taking  the  ratio  of  debonding  force  and 
embedment  area. 


FORCE  CELL 


EMBEDDED 
LENGTH  (&) 

(~30-200  pirn) 


JAWS  OF  MICROVISE 
(mowing  downward) 


MICRODROPLET 


FIBER  DIAMETER  ( d ) 
(~10  ^m) 


Figure  1.  Schematic  of  the  TRI  microbond  arrangement. 


In  a  typical  experiment,  10-50  specimens  are  measured.  The 
collection  of  individual  shear  strength  values  form  a  Gaussian 
type  of  distribution.  Considerable  evidence  has  been  obtained  to 
establish  that  these  shear  strength  distributions  are  real 
variations  in  bond  strength  and  not  a  reflection  of  systematic 
experimental  errors  [9].  The  distributions  are  believed  to  be  due 
to  fiber  surface  hoterogeneity  [13].  The  distributions  may  be 
used  to  provide  comparisons  between  differing  fiber/resin  systems, 
or  the  data  points  may  be  used  as  an  aggregate  to  calculate  and 
compare  average  shear  strengths. 
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RESULTS  RED  DISCUSSION 

Our  preliminary  characterization  of  the  treated  fiber 
surfaces  involved  scanning  electron  microscopy  (SEM) .  Figure  2 
shows  a  representative  comparison  of  untreated  Kevlar  49  with 
plasma-treated  fibers.  The  surfaces  of  the  treated  fibers  are 
coarse  and  grainy,  due  either  to  chemical  surface  modification  or 
to  surface  deposition.  Figure  3  compares  Spectra  1000  with  and 
without  plasma  treatment.  With  these  fibers  it  seems  that,  in 
addition  to  surface  modification  and/or  surface  deposition, 
microcavitation  of  the  surface  has  also  taken  place.  The  SEM 
micrographs  also  show  that  for  Spectra  1000  fibers  the  surface 
treatment  is  quite  uniform,  while  for  Kevlar  49  the  surface  is  not 
uniformly  treated.  Although  further  analysis  of  the  fiber  surface 
is  needed  to  identify  the  nature  of  the  fiber  surface 
modification,  these  micrographs  clearly  establish  that  the  fiber 
surface  has  indeed  been  modified. 


Figure  2.  SEMs  of  Kevlar  49 
filaments  (2280x) . 

Topi  Untreated. 

Bottom  Treated,  acid  plasma. 


Figuio  3.  SEMs  of  Spectra  1000 
filaments. 

Topi  Untreated  (760x) . 
Bottom  Aoid  plasma  (1420x) . 
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To  determine  the  efficacy  of  the  surface  treatments  in 
improving  fiber  adhesion  with  epoxy  resin,  we  measured  interfacial 
shear  strengths  between  Epon  828  and  both  untreated  and  plasma- 
treated  Kevlar  49  and  Spectra  1000.  Kevlar  49/Epon  828 
microdroplets  Kfere  cured,  using  methylenedianiline  as  the  curing 
agent,  at  80°C  for  two  hours  and  150°C  for  three  hours.  Due  to 
the  lower  melting  temperature  of  Spectra  fibers,  the  Spectra/Epon 
828  specimens  were  cured  at  70  °C  for  16  hours;  we  did  control 
experiments  to  establish  that  full  interfacial  bond  strength  can 
also  be  attained  by  curing  Epon  828  at  this  lower  temperature 
under  these  conditions. 


Shear  strength  distributions  normalized  with  respect  to  the 
average  shear  strengths  are  shown  in  Figure  4  for  untreated  and 
typical  plasma-treated  Kevlar  49  and  Spectra  1000  filaments  with 
Epon  828.  The  width  of  the  shear  strength  distributions  for  the 
controls  are  somewhat  narrower  than  those  for  the  plasma-treated 
fibers,  implying  that  the  treated  fibers  have  a  greater  degree  of 
surface  heterogeneity.  This  is  consistent  with  the  SEM 
observations . 


0.7  0.8  0.9 


1  1.1  1.2  1.3 


0  CONTROL 
□  PLASMA  TREATED 


FREQUENCY 

(%) 


0.2  0.4  0.6  0.8  1  1.2  1.4  1.6  1.8  2 
NORMALIZED  SHEAR  STRENGTH 


Figure  4.  Normalized  shear  strength  distributions  for 
untreated  and  plasma- treated  filaments. 

Top;  Kevlar  49.  Bottom;  Spectra  1000.  ' 
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Average  interfacial  shear  strengths  for  untreated  and  plasma- 
treated  Spectra  1000  and  Kevlar  49  are  summarized  in  Table  I.  The 
bond  strengths  with  Spectra  1000  clearly  show  a  very  significant 
improvement  in  interfacial  adhesion  for  all  the  plasma  treatments. 
For  neutral  plasma-treated  fiber,  the  bond  strength  has  increased 
several-fold.  Shear  strength  data  for  Kevlar  49  also  show  a 
consistent  significant  improvement  in  interfacial  bonding  as  a 
result  of  plasma  treatment.  It  should  be  pointed  out  that  the 
increases  in  bond  strength,  for  both  Kevlar  and  Spectra,  are 
higher  than  we  have  observed  for  any  other  type  of  fiber  surface 
treatment . 

It  is  important  to  note  that  significant  increases  in 
interfacial  shear  strength  were  observed  for  all  the  plasma- 
treated  fibers  irrespective  of  the  chemical  nature  of  the  ionized 
gas.  Based  upon  this  observation,  it  may  be  hypothesized  that  the 
adhesive  bond  strength  was  improved  due  to  texturing  of  the  fiber 
surface.  Some  roughening  of  the  surface  is  observed  in  the  SEM 
and  might  account  for  increased  frictional  resistance  or  bonding 
between  the  fiber  and  resin. 


TABLE  I 


MICROBOND  DATA  FOR  PLASMA-TREATED  SPECTRA  1000  AND  KEVLAR  49 
_ FIBER  WITH  EPON  828  MATRIX  RESIN _ 


Treatment 


Average  inter facial 
shear  strength  * 
i  954  confidence 
interval,  MPa 


t  (plasma-treated^ 
i  (untreated) 


Spectra  1000/Epon  828 


Untreatod  (control)  1,09  t  0,29 


Oxidizing  plasma  8.15  t  2.20  7.5 

Reducing  plasma-I  7.07  t  1.86  6,5 

Reducing  plasma-XI  5.20  i  1.30  4.6 

Neutral  plasma  8.61  i  1.86  7.9 

Hydrophilic  plasma  4.33  s  1.10  4.0 


Untreated  (control) 

Oxidizing  plasma 

Reducing  plasma-I 
Reducing  plasma- I I 

Hydrophilic  plasma 


Ktvlar  49/Epon  828 


29.66  i  1.14 
57.47  i  5.45 

53.91  t  5.30 
53.50  *  4.95 

45.41  i  5.21 


1.9 

1.8 

1.8 

1.5 
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Alternatively,  although  different  gas  mixtures  were  used  to 
create  oxidizing,  reducing,  and  neutral  plasmas,  the  action  of  any 
plasma  results  in  the  formation  of  very  active  surface  species. 
When  the  fiber  is  brought  out  of  the  reactor  and  contacts  ambient 
air,  oxidation  could  occur.  This  might  render  even  the  reduced 
surfaces  oxidized.  A  relevant  observation  has  been  made  by 
Gerenser  [14]:  polyethylene  treated  in  an  argon  plasma  showed  no 
c.  broadening  toward  higher  binding  energies  nor  any  detectable 
°ls  signal  when  XPS  analysis  was  performed  without  breaking 
vacuum.  Brief  exposure  to  air  caused  the  plasma-treated 
polyethylene  surface  to  show  2%  oxygen.  Further  study  of  our 
fibers  will  be  needed  to  sort  out  the  cause  of  the  observed 
increases  in  interfaoial  shear  strength. 
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INTRODUCTION 

Composites  made  with  high  performance  polymer  fibers  can  achieve 
axial  properties  comparable  to  those  which  use  inorganic  reinforcements, 
but  with  somewhat  inferior  interfacial  properties.  A  high  degree  of  chain 
alignment  in  polyaramlds,  such  as  Kevlar,  produces  weak  interactions 
between  adjacent  polymers,  resulting  in  poor  transverse  strength  in  the 
fiber,  and  low  interfacial  shear  8 trench  in  composite  systems.  The  latter 
controls  many  composite  properties,  such  as  transverse,  shear  and 
flexural  strengths.  Also.  Dy  reducing  the  tendency  to  form  weak 
interfacial  boundary  layers,  good  fiber-matrix  adhesion  can  enhance 
environmental  stanility.  For  these  reasons,  modifications  to 
reinforcement  fiber  surfaces  that  promote  fiber-matrix  adhesion  are 
frequently  used  to  improve  the  performance  of  composites. 

In  this  study,  direct  Ion  implantation  has  been  investigated  as  a  fiber 
surface  modification  technique  to  enhance  the  interfacial  properties 
between  aramid  polymer  fibers  and  epoxy  matrices.  Though  the 
technology  of  ion  implantation  has  been  extensively  developed  for  doping 
of  semiconductors,  and  has  found  some  use  for  enhancing  wear  and 
corrosion  resistance  of  metals,  the  high  cost  of  the  process  has  admittedly 
discouraged  extensive  study  of  ion  beam  processing  of  structural 
materials,  especially  when  large  surface  areas  are  involved.  The  use  of 
the  technique  on  polymer-fiber  and  polymer-metal  adhesion  problems  has 
however,  been  successful  in  some  systems  [1.21.  and  could  eventually 
become  cost-effective  if  processes  could  be  developed  which  used  low 
dose  irradiations  at  high  beam  current  and  moderate  accelerating 
potential. 

Pugllsi  [3]  has  reviewed  some  of  the  effects  of  ion  beams  on  polymeric 
substrates.  Nuclear  and  electronic  interactions  stop  energetic  incident 
ions  within  the  target,  or  cause  It  to  recoil,  and  usually  sputter  material 
from  the  surface.  In  polymers,  low  molecular  weight  fragments  may  also 
be  lost  as  volatiles.  The  spatial  distribution  of  implanted  matter  and 
deposited  energy  are  determined  by  accelerating  potential,  ion  mass,  ion 
flux,  and  the  polymer  target  chemistry.  As  a  class,  polymeric  materials 
display  substantial  variability  in  their  response  to  excitation  by  ion  beams, 
and  nuclear  and  electronic  interactions  may  be  difficult  to  distinguish. 
Ion  doses  greater  than  1014  cm,J  may  begin  to  produce  amorphous 
carbonized  products,  leaving  affected  regions  with  omy  partial  memory  of 
their  original  composition.  At  these  moderate  to  high  doses,  nuclear 
interactions  generate  many  random  atomic  displacements,  producing 
large,  highly  excited  metastable  defect  complexes,  while  electronic 
interactions  tend  to  drive  the  system  back  toward  chemical  stability.  At 
doses  lower  than  1013  cm-2-  nuclear  and  electronic  interactions  can 
produce  both  scission  (bond-breaking  to  products  such  as  Ha  and  CaHa). 
and  aggregation  reactions  (which  increase  molecular  weight).  The 
relative  extent  of  scission  or  aggregation  depends  on  the  chemistry  of  tire 
target;  for  example,  scission  reactions  dominate  for 
polymethylmethacrylate,  but  for  polystyrene  the  aggregation  reactions 
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prevail  {31.  Though  much  has  been  learned,  ion  implantation  of 
macromolecular  substrates  is  of  relatively  recent  interest  and 
fundamentals  of  ion-polymer  interactions  are  not  yet  well  established. 

This  study  has  been  undertaken  to  understand  the  ways  in  which  the 
effects  of  ion  irradiation  can  be  exploited  to  modify  fiber-matrix  interfacial 
properties  in  aramid-epoxy  composites.  The  versatility  of  the  technique, 
the  ability  of  ion  Implantation  to  produce  non-equilibrium  conditions  in 
shallow,  controllable  surface  layers  without  sharp  interfacial  gradients, 
and  the  capacity  of  irradiation  to  alter  the  physical  morphology  of  the  free 
surface,  all  contribute  to  the  attractive  .ess  of  the  process.  Previous  work 
on  polyethylene  11,21,  in  which  adhesion  problems  are  severe,  has 
demonstrated  that  ion  implantation  has  substantial  potential  for  improving 
adhesion  performance  of  the  fiber-matrix  interface.  Here,  we  report 
experimental  findings  on  polyaramid  fibers,  with  particular  focus  on  the 
effects  of  ion  implantation  on  surface  composition,  fiber-matrix  interfacial 
shear  strength,  epo'.v  composite  failure  modes,  and  failure  morphologies. 
The  studies  include  experiments  with  30  to  400  KeV  Ti+,  Ar*,  He+  and 
N+  ions  implant  J  in  polyaramid  fibers  to  doses  ranging  from  1012  tolO15 
ions/cma.  Though  our  results  are  not  particularly  encouraging  with 
respect  to  the  achievement  of  large  improvements  in  polyaramid 
interfacial  -hear  strength  properties,  the  findings  reveal  additional  detail 
In  the  co’.  plex  picture  of  the  fiber-matrix  interphases  in  materials,  such 
as  Kevlar,  which  have  a  pronounced  skin-core  structure.  It  is  shown  that 
fiber-matrix  adhesion  may  be  enhanced  without  concomitant 
improvement  in  interfacial  shear  strength,  when  the  result  of  the  surface 
modification  Is  simply  to  drive  the  locus  of  failure  into  the  interior  of  the 
fiber. 

EXPERIMENTAL  METHODS 

Kevlar-49,  In  both  fiber  and  fabric  forms,  from  E.I,  duPont  de 
Nemours,  Wilmington,  DE  was  soxhlet  extracted  in  absolute  ethanol  for 
24  hours  and  dried  overnight  at  400K  to  eliminate  interference  by  fiber 
sizing.  Individual  fibers  were  laid  up  on  a  75  mm  square  aluminum  frame 
which  held  them  in  contact  with  a  chilled  aluminum  heat  sink.  In  this 
way,  several  hundred  lengths  of  fiber  (or  about  60  cm2  of  fabric)  could  be 
Irradiated  on  both  sides  by  inverting  the  frame  between  separate 
Implantations.  Irradiations  were  performed  at  Spire  Corporation,  Bedford 
MA,  in  a  medium  current  implanter.  Ion  species,  doses  and  energies, 

together  with  computed  projected 
ranges  for  each  of  the  implantations,  are 
summarized  in  Table  1.  Beam  currents 
ranged  between  0.2  to  5  pA,  and  irradia¬ 
tion  temperatures  were  held  to  below 
375  K.  Subsequent  XPS  studies  showed 
no  presence  of  re-sputtered  aluminum 
on  any  of  the  irradiated  samples.  After 
irradiation,  the  fibers  were  left  on  their 
carriers  and  sealed  in  nitrogen-purged 
bags  tc  prevent  absorption  of  atmo¬ 
spheric  moisture.  Most  of  the  implanted 
fibers  were  composited  within  four  days 
after  irradiation.  Others  were  allowed  to 
age  prior  to  interfacial  shear  strength 
testing  to  look  for  any  time  decay  in  the 
irradiation  effects. 

Single-fiber  dog-bone  specimens  for  interfaclal  shear  strength  studies 
were  prepared  according  to  procedures  described  elsewhere  [fl.  D.E.R. 
331  DGEBA  epoxy  from  Dow  Chemical  Co.,  Midland,  MI,  was  chosen  for 


Table  It  Schedule  of  Implantatloru 


Ion 

U! 

Dose 

tons/cm 

Ion  Projected 
Ranqe,  nm 

Nf 

30 

1X10'4 

102 

N* 

30 

5X1  O’4 

102 

N* 

30 

1X10" 

102 

Ar+ 

75 

1X1016 

100 

Ti  + 

100 

1X10" 

111 

N*- 

100 

2X10" 

320 

N* 

100 

1X10" 

320 

N* 

390 

2X1016 

937 

N+ 

400 

5X1016 

954 

Nf 

40Q 

2X1  O' 3 

954 

N»- 

400 

IXIO'4 

954 

N* 

390 

2X10'4 

937 

Hof 

390 

1X1013 

1550 

317 


the  matrix  to  enable  comparison  with  established  baseline  data  from  a 
previous  study  (5).  Two  curing  agents,  m-phenylenediamine  (Aldrich, 
Milwaukee,  Wl),  and  diethyitoluenediamlne  (Ethyl  Corp.,  Baton  Rouge,  LA) 
were  combined  with  the  epoxy  resin  and  the  system  cured  for  3  hours  at 
446K.  In  addition,  single  fiber  curved  neck  specimens  were  fabricated  for 
use  in  compression  tests  as  described  in  reference  (61. 

Fiber-matrix  interfacial  morohology  was  examined  by  transmission 
electron  microscopy  (TEM)  of  uftramicrotomed  thin  sections  cut  normal 
to  tire  fiber  long-axis.  Chemical  characterization  of  the  surface  treated 
fibers  was  obtained  by  X-ray  photoelectron  spectroscopy  (XPS)  using  fabric 
specimens. 

Determinations  of  interfacial  shear  strength  were  made  by  a  critical 
length  measurement  technique  (4,5]  in  which  a  single  fiber  composite 
specimen  was  deformed  in  tension  until  multiple  fiber  breaks  were 
observed  by  optical  microscopy.  The  interfacial  shear  strength,  x,  is 
inversely  proportional  to  the  the  average  length  between  breaks  in  the 
fiber  (the  critical  length,  1c)  according  to: 

X  =  Of  d  /  [21c]  (1) 

where  Of  is  the  fiber  tensile  strength  and  d  is  the  fiber  diameter 
(12.5  +/-  0.6  pm  for  the  fibers  used  in  this  study).  Single  fiber 
compressive  strengths  were  determined  bv  recording  loads  which 
produce  fiber  kinks  in  single  fiber  curved-neck  specimens.  In  this  case, 
compressive  strength,  Oc,  is  a  function  of  failure  load  (P),  the  fiber  and 
matrix  cross-sectional  areas  (Af  and  Am),  and  the  ratio  of  the  elastic 
moduli!  (Em  and  Ed,  according  to  (6): 

Oc  =  P  /  [  Af  +  Em  *Am  /  Ef  ]  (2) 


RESULTS  AND  DISCUSSION 

Fibers  implanted  with  nitrogen  at  doses  at  or  above  lxl  014  lons/cm2 
show  contrast  effects  In  transmission  electron  micrographs  which  appear 
as  a  darkening  in  the  fiber  surface  region,  corresponding  roughly  to  the 
ion  projected  ranee.  Figure  1  is  an  example  showing  this  darkened  region 
in  a  composited  liber1  prepared  by  ultramicrotomy.  Such  surface  zones 
have  also  been  reported  in  ion  irradiated  polyethylene  [7]  and  were 
attributed  to  the  formation  of  pregraphluc  or  graphitic  particles 
containing  stabilized  free  radicals.  At  doses  at  or  below  1013  cm-2  of  400 
keV  N+,  this  near  surface  darkening  is  absent  In  irradiated  Kevlar,  as  can 
be  seen  in  Figure  2.  The  effect  of  irradiation  on  elemental 
composition,  determined  by  XPS  experiments,  is  shown  in  Figure  3  for 
fibers  (in  fabric  form)  implanted  with  various  doses  of  400  kev  nitrogen 
Fnr  nitrogen  implants,  increased  carbon  concentration  at  the  surface  of 
irradiated  specimens  occurs  for  doses  corresponding  to  the  onset  of 
surface  darkening  in  TEM  foils,  i.e,  about  1014  lons/cm3.  This 
compositional  shift  is  supportive  evidence  that  the  surface  darkening  in 
TEM  foils  is,  in  fact,  due  to  carbonization.  Doses  of  1013  ions/cm2  and 
below  do  not  show  significant  surface  composition  changes,  again  in 
agreement  with  the  TEM  observations,  indicating  that  significant 
carbonization  occurs  only  when  doses  exceed  1013  N+Zcm2,  Implants  of 
the  less  massive  He+  Ions  at  lxlO13  ions/cm2  produce  smaller 


1  The  darkened  zone  on  this  fiber  appears  only  on  the  left  side  due  to  accidental 
shieldtag  by  an  adjacent  fiber,  The  falloff  of  the  darkening  effect  seen  at  the  center  of 
the  left  hand  edge  of  the  fiber  conesponds  to  a  region  where  the  Incident  ton  beam  was 
tangent  to  the  fiber  for  both  the  obverse  and  the  reverse  irradiations,  producing  less 
efficient  implantation, 
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composition  shifts,  consistent  with  the  findings  of  Venkatesan  et  al  (8]  for 
less  massive  projectiles. 


Fig.  l.  Kevlar  fiber  irradiated  with  1014cm"2  Fig.  a.  Simliar  irradiation  with  at  dose 

of  N+  showing  darkened  surface  sone.  Above:  of  TO*3  cm* :  surface  darkening  is  absent, 
whole  fiber  (K)  in  matrix  (E).  Detail  below.  Arrows  show  microtomlng  direction. 


Failure  mode  of  the  interphase 
is  also  affected  when  higher  dose  10 
irradiations  produce  apparent 
carbonization.  In  general,  ^ 
untreated  aramid  fibers  in  epoxy 
matrices  will  show  interfacial  fiber- 
matrix  failure  with  some  surface 
cohesive  fibrillations  on  the  fiber  g  0 
[51.  The  TEM  image  in  Figure  4,  for  S 
example,  shows  an  untreated  O 
aramid  fiber  composite  in  which  e 
the  interfacial  separations  are  3 

garallei  to  the  sectioning  direction.  % 
oheslve  fiber  failures  are  seen  to  g** 
occur  near  the  fiber-matrix  parting  g 
areas.  A  similar  failure  mode  was  o 
observed  for  the  low  dose  (<1013  u 
ions/cma)  implanted  fibers  in  this 
study.  In  contrast,  for  carbonizing 
implantations  (>1013N+/cma),  the 
fiber-matrix  failure  mode  is  more  *20 
cohesive.  That  is,  the  fiber-matrix  Fig.  3.  Elemental  composition  shifts  for  N+ 
interface  remains  largely  intact  and  implanted  Kevlar  as  a  function  of  ion  dose, 
"hear  failure  occurs  deeper  within  . . 

the  fiber.  TEM  micrographs  of  a  composited  fiber  implanted  with  1014 
N* /cm2  at  400  keV,  made  after  failure  in  interfacial  shear  strength  tests, 
show  this  behavior  in  Figure  5.  Here,  the  Implanted  fiber  exterior  has 
adhered  well  to  the  matrix  and  the  locus  of  failure  has  shifted  toward  the 
fiber  interior.  Shear  failure  occured  within  the  implanted  surface  layer  of 
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the  fiber.  Irradiation  with  1x10*5  cm'2  of  400  keV  T1+  produced  similar 
results. 
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Fix.  4.  Untreated  Kevlar  fiber  showing  inter¬ 
facial  separations  and  cohesive  fibrillations. 


Fig.  8.  Kevlar  fiber  (K)  irradatelad  with 
10*4  N+  cnr*  at  400  keV-:  the  locus  of 
failure  has  been  shifted  to  the  fiber 


This  apparent  difference  between  the  failure  modes  of  high-dose 
carbonizing  implantations  and  the  lower  dose  implantations  may  be  a 
result  of  increased  microscopic  porosity  of  the  carbonized  surface.  This  is 
consistent  with  the  relative  insensitivity  of  1SS  levels  to  aging  of  the 
fibers,  evident  in  the  data  shown  Figure  6.  Here,  the  effect  of  ion 
irradiation  on  interfacial  shear  strength  is  given  for  fibers  Implanted  with 
1014  N+/cm2  at  30,  100,  and  390  KeV,  which  were  composited  either 

within  4  days  of  irradiation,  or  aged 
in  air  for  one  month.  There  is  little 
apparent  effect  of  aging  beyond  four 
days.  Implantations  of  1x1014 
ions/cm3  produced  some  degradation 
of  interfacial  shear  strength  which 
occured  even  though  subsequent 
TEM  study  showed  fiber-matrix 
adhesion  levels  to  have  improved.  It 
is  possible  that  carbonization  may 
degrade  the  fiber's  near  surface 
mechanical  properties  sufficiently  to 
account  for  the  shift  in  the  locus  of 
failure  to  the  fiber  weakened  interior 
when  there  is  an  improved  interfacial 
bond.  Strength  measurements  on 
implanted  fibers  show  that  ion 
irradiation  degrades  tensile  prop¬ 
erties  even  at  doses  lower  than  those 
implantation  eneroy,  k»v  which  produce  pronounced  polymer 
Fig.  S.  Interfacial  shear  strength  of  Kevlar-  carbonization.  Table  II  shows  tensile 
epoxy  composites  for  fibers  implanted  strength  data  for  fibers  with  various 
with  1014  N+  cm'3  as  a  function  of  energy,  ion  beam  surface  modifications, 
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along  with  rough  subjective  indications  of  their  extent  of  carbonization 
observed  by  TEM.  In  general,  ion  implantation  produces  tensile  strength 
losses  that  increase  with  the  implantation  depth  (energy)  and  dose.  Loss 
of  interfacial  shear  strength,  however,  levels  off  at  Implantation  energies 
above  100  keV,  For  the  low  dose  irradiations,  all  fibers  implanted  at  400 
keV  (-1  to  1.5  pm  implantation  depth)  show  a  loss  of  tensile  strength, 
despite  the  absence  of  the  surface  layer  carbonization.  This  suggests  mat 
scission  reactions  dominate  the  chemistry  of  ion-target  Interactions  in 
polyaramids,  as  they  reportedly  do  in  the  case  of  ion  irradiated  poly¬ 
methylmethacrylate  [81. 


Compressive  strengths  are  also  listed  for  various  irradiation  conditions 
in  Table  II.  Though  the  measurement  technique  is  approximate,  it  ap¬ 
pears  that  compressive  strengths,  which  are  poor  to  begin  with  in  pol- 
yaramld  fibers,  are  not  greatly  affected  by  irradiation  at  doses  below 
lxlO18  ions/cm2,  Since  compressive  properties  are  largely  controlled  by 
the  shear  resistance  of  the  fiber  [91,  aggregation  reactions  which  produce 
extensive  cross-linking 

ought  to  improve  com-  lame  II 

pressive  Strength.  If  Tensile  und  Coroprmive  Stmngth*  of  Jrr«di*trd  KevUr 

scission  reactions  do  in¬ 
deed  dominate  ion  inter¬ 
actions  with  polyaramids, 
as  the  compressive 
strength  and  carboniza¬ 
tion  data  suggest,  then 
mechanical  property  im¬ 
provements  which  de¬ 
pend  on  cross-linking  by 
aggregation  reactions  may 
be  difficult  to  achieve 
using  ion  irradiation. 


CONCLUSIONS 
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Results  of  this  study  indicate  that  surface  carbonization  of  polyaramid 
fibers  takes  place  at  ion  doses  above  10u  lons/cm2  Carbonization 
improves  aramid- epoxy  interfacial  adhesion  but  at  the  same  time  produces 
a  weaker  boundary  layer  within  the  fiber.  As  a  result  there  Is  little,  if  any, 
net  increase  in  interfacial  shear  strength  in  the  composite.  Loss  of 
strength  in  the  fiber  surface  probably  results  from  the  domination  oi 
scission  reactions  over  aggregation  reactions  during  ion-polyaramid 
interaction.  Increased  adhesion,  which  is  relatively  insensitive  to  the 
atmospheric  aging  of  the  fiber,  may  arise  from  morphological  changes  at 
the  fiber  surface.  In  addition,  surface  reactivity  ana  surface  energy  may 
play  a  role,  and  are  currently  under  study. 
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THE  EFFECTS  OF  FIBER  SURFACE  TREATMENTS  BY  A  COLD  PLASMA 
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ABSTRACT 

The  effects  of  plasma  treatments  on  the  physical  and  chemical 
characteristics  of  carbon  fiber  surface  and  on  the  mechanical  properties  of 
carbon  fiber/blsmaleimide  (BHI)  resin  composites  were  investigated. 

Scanning  tunneling  microscopy  (STM) ,  scanning  electron  microscopy  (SEM) ,  X- 
Ray  Photoelectron  Spectroscopy  (XPS),  and  wettability  measurements  were 
applied  for  fiber  surface  characterisation.  Oxygen  plasmas  were  found  to  be 
effective  in  enhancing  the  interfeclal  adhesion  between  carbon  fiber  and  BMI 
matrix.  Possible  mechanisms  of  interfacial  adhesion  promotion  were 
suggested  and  discussed, 

INTRODUCTION 

The  meohsnical  properties  of  a  fiber-resin  composite  depend  not  only  on 
the  properties  of  its  constituents,  but  also  on  the  fiber-matrix  interfacial 
adhesion.  An  Adequate  Interfacial  bonding  is  required  to  ensure  the 
effective  load  transfer  between  fiber  and  matrix  to  effectively  utilize  the 
great  strength  and  stiffness  of  the  fibers.  However,  the  adhesion  between 
untreated  graphite  fibers  and  resins  Is  usually  poor.  A  variety  of  surface 
treatment  techniques  have  been  developed  to  improve  the  interfaoial  bonding 
in  carbon  fiber- reinforced  epoxy  composites  [1].  Much  less  work  has  been 
done  on  the  interface  between  fiber  and  other  reain  system*.  The  increasing 
demand  for  higher  temperature  matrix  raalna  has  motivated  ua  to  choose  a 
two-component  blsmalelmlde  system  as  the  matrix  material  in  this  work. 

Cold-plasma  technology  has  bean  extensively  applied  in  the  fields  of 
semiconductor  and  other  material  surface  treatments.  In  composite 
applications,  plasma  treatmante  of  ultrahigh  modulus  polyethylene  fibers  |2J 
and  aramld  fibers  (3]  have  bean  used  to  improve  the  adhesion  of  fibers  to 
raslna.  Plasma  coatings  of  propylene  (4),  acrylonitrile  |S).  and  styrene 
(5)  have  also  shown  poaltlva  affects  on  the  properties  of  composite*  and 
reinforcement# .  In  this  study,  oxygen  plasm*  was  used  to  treat  th*  surface 
of  graphite  fibers  since  this  taohnlqu*  la  affective  end  yet  relatively 
simple  end  Inexpensive.  Th*  primary  goal  of  this  research  was  to  sxplor# 
the  advantages  and  limitation*  of  utilizing  th#  plasma  reaction  technique 
for  modifying  Interfeclal  adhesion  In  composites.  Emphasis  la  placed  on 
the  determination  of  th*  changer  In  chemical  and  physical  *ta„*i  of  th* 
graphite  fiber  surface  In  response  to  plasma  treatments  and  th#  effaces  of 
these  changes  on  the  composite  properties. 

EXPERIMENTAL 

fotUPUlB 

1'AN-based  untreated  and  unsized  high-strength  graphics  fibers  (Hercules, 
AU4-12K)  were  used  throughout  this  Investigation.  A  two-component 

blsmalalmlda  resin  (CIBA-CEIGY,  Katrlmld™  3292)  was  used  as  the  matrix 
material.  That*  two  components  are  4,4‘Blsaslalaldodlphsnyl-mt.thtna 
(component  A)  and  0,0* -DUlly  Blsphtnol  A  (component  B>,  respectively.  The 
ratio  of  A  to  B  was  113/83  parts  by  weight  (pbw) ,  aa  recommended  by  th* 
manufacturer  [6). 


Mat.  Net.  Bee.  Bye*  Ptoe.  Vei  W.  *1M0  Material*  NeeeaKh  Bectty 
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Graphite  fiber  yarns  were  carefully  wrapped  around  a  stainless  steel 
frame  with  inside  dimensions  of  7.62cm  x  10.16cm  x  0.1cm.  Tha  frame  along 
with  the  fiber  yarns  were  then  placed  inside  the  chamber  of  a  plasma  reactor 
(Technic  West  Inc.,  PEII-A).  The  reactor  is  composed  of  a  40  KHz  radio 
frequency  generator  with  two  parallel  plate  electrodes.  The  plasma 
treatment  was  conducted  typically  at  an  input  power  of  50  watts  under  a 
pressure  of  53.3  Pa  with  an  oxygen  flow  rate  of  1.076  x  10**  molecules  per 
minute.  Treatment  periods  range  from  a  few  seconds  to  an  hour. 

Upon  completion  of  the  plasma  treating  process,  the  fiber-wrapped  frame 
was  removed  from  the  reaction  chamber.  The  yarns  which  were  laid  up 
parallel  to  each  other  on  the  steel  frame  were  then  impregnated  with  a  well 
mixed  BMI  resin  to  produce  a  small  prepreg  layer.  Four  prepreg  layers  for 
each  treatment  time  were  stacked  into  a  mold,  which  were  then  compression 
molded  under  a  contact  pressure  with  the  temperature  being  increased  from 
room  temperature  to  177  *C  at  a  rate  of  3  *C/min.  The  mold  was  held  at  177 
*C  for  10-15  minutes  under  a  light  contact  pressure,  then  a  pressure  of  0.69 
Mpa  was  applied  and  held  for  1  hour.  The  mold  was  then  cooled  to  room 
temperature  under  this  pressure.  The  de-molded  laminate  was  post-cured  in 
an  air  circulating  oven  at  200  *C  for  2  hrs,  then  at  250  *C  for  6  hrs. 


Each  laminate  was  fabricated  into  three  transverse  tensile  specimens 
each  with  the  dimensions  of  10cm  x  2cm  x  0.1cm.  Transverse  tensile  testing 
was  found  [4]  to  be  one  of  the  more  sensitive  techniques  for  assessing  the 
relative  interfacial  adhesion  strength  in  composites.  The  tensile  strength 
of  each  filament  sample  was  obtained  by  testing  at  least  20  specimens.  This 
single-filament  tensile  test  was  conducted  to  determine  If  and  when  plasma 
treatments  would  become  detrimental  to  the  fiber  strength. 


The  surface  texture  of  fibers,  before  and  after  plasma  treatments,  were 
examined  by  using  a  scanning  electron  microscope  (SEM)  and  a  scanning 
electron  tunneling  microscope  (STM) .  XPS  (Kratos,  model  XSAM  800)  analysis 
was  alto  conducted  to  study  the  variations  of  functionality  on  the  carbon 
fiber  surfaoa.  Elemental  surface  concentrations  can  be  calculated  using  the 
corrected  XPS  peak  areas. 

The  surface  energy  of  the  graphite  fibers  was  determined  by  measuring 
the  contact  angles  of  a  variety  of  liquids  according  to  tha  method  proposed 
by  Kaalble  (7).  Using  the  Vlhelmy  plate  technique  [8],  the  contact  force 
AM  (pgm)  between  a  single  fiber  of  C  circumference  and  a  liquid  of  surface 
tension  rx,y  is  described  by  the  following  equation 
C  r^y  cos® 

AM  -  -  (1) 

S 

where  8  is  the  advancing  liquid-solid  contact  angle  and  g-  980.6  dyne/cm. 
Since  H,  r^y  and  C  can  be  evaluated  independently,  cos9  can  be  calculated 
from  Bq.l.  In  this  study,  N  is  measured  by  using  an  alectrobalance  (Cahn, 
model  2000),  and  C  by  microscopy.  The  apparatus  for  the  Utlhemy  technique 
Is  shown  In  Figure  1  (8).  The  surface  energies  of  solids  and  liquids  are 
considered  to  be  the  sum  of  separate  dispersive  (London-d)  and  polar 
(Kseaom-p)  contributions,  which  can  be  calculated  from  a  two-component  model 
discussed  elsewhere  [7).  Table  1  lists  surface  tension  properties  of  test 
liquids  used  in  this  study. 

KXSUU3  AM)  DISCUS8I0B 
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Table  X. 

Surface  tension  properties  of 
test  liquids  at  20  *C 


Figure  2  indicates  that,  as  the  treatment  time  increases,  the  transverse 
tensile  strength  increases  gradually  from  2,20  MPa  (untreated)  to  4.71  MPa 
(20  minute  treated) .  Since  the  transverse  tensile  strength  of  a  composite 
is  a  resin-  and  fiber-dominated  property,  this  observed  increasing  trend 
with  the  same  resin  is  obviously  due  to  the  improvement  of  interfacial 
adhesion  provided  for  by  the  plasma  treatments.  The  technique  of  oxygen 
plasma  reaction  does  provide  an  effective  means  to  enhance  the  adhesion 
between  graphite  fibers  and  the  BMI  resin.  Nevertheless,  since  a  plasma 
consists  of  various  highly  energetic  species,  exposure  of  fibers  to  the 
plasmas  for  an  extended  period  of  time  could  produce  a  negative  effect.  As 
shown  in  Fig  3,  the  average  tensile  strength  of  fibers  was  slightly  degraded 
from  3,8  GPa  (untreated)  to  3.01  GPa  (20  minute  treated).  At  given  plasma 
reaction  conditions,  there  appears  to  exist  an  optimal  treatment  time  where 
the  interfacial  adhesion  can  be  significantly  Improved  without  a  reduction 
in  filament  strength.  This  is  consistent  with  some  of  our  previous  research 
results  (4). 

Representative  topographic  features  of  carbon  fiber  surface,  as  revealed 
by  SEM,  are  shown  in  Figure  4.  When  the  treatment  time  was  short  (e.g.  less 
than  half  a  minute),  the  fiber  surface  seemed  to  become  slightly  smoother, 
possibly  exhibiting  the  cleaning  effect  of  a  plasma.  Removal  of  the 
contaminants  on  the  fiber  surface  may  facilitate  a  better  resin-fiber 
contact  (wettability)  and  promote  stronger  van  der  Waal's  forces.  The  fiber 
surface  becomes  increasingly  rougher  when  the  treatment  time  further 
Increases.  The  increased  fiber  roughness,  in  the  form  of  porosity,  should 
promote  mechanical  keying  or  Interlocking  mechanism  between  the  fiber  and 
the  matrix.  Although  the  results  of  the  fiber  surface  topology  study  by 
using  STM  should  be  considered  preliminary  at  the  present  time,  the 
observations  appear  to  support  the  above  findings  of  SEM.  Three  line- 

printed  diagrams  showing  the  surfaoe  profile  of  carbon  fibers  after  0,  S, 
and  60  minutes  of  treatments  are  presented  in  Fig  3. 

X-ray  photoelectron  and  Auger  spectroscopic  analyses  of  graphite  fiber 
surfaces  have  shown  the  presence  of  oxygen  on  the  surface  of  graphite  fibers 
(9).  A  semi-quantitative  comparison  of  relative  atomic  concentration  of 
oxygen  and  carbon  on  the  fiber  surface  is  shown  in  Table  2.  Apparently,  tho 
oxygen  oonoentratlon  on  the  surface  of  fibers  has  been  Increased  by  oxygen 
plasma  treatment. 

From  Kaelble's  method  (7],  a  best  fit  straight  line  la  obtained  for  each 
data  set  using  linear  regression  analysis.  The  slopa  and  the  intercept  of 
♦■his  straight  line  therefore  can  be  used  to  determine  the  rgvP,  rgvd,  and 
rgv  for  eaoh  treatment  ease.  In  Table  3  are  listed  the  average  values  of 
fiber  surfaoe  tension  for  varying  treatment  time.  Close  scrutiny  of  the 
polar  and  dispersive  components  of  the  surface  free  anergy  indicates  that 
the  dispersive  portion  decreases  to  certain  extent  then  levels  off.  But  the 
polar  component  Increases  with  treatment  time  up  to  5  minutes  then  decreases 
afterward,  so  does  the  total  energy.  The  reason  for  the  decreasing  polar 
part  after  10  minutes  treatment  Is  still  unknown.  A  smooth  substrate 
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Figure  5.  Th»  SIN  llnapiota  of  fiber  surface  profile  for  (a)  untreated 
(b)  S  alu.  treated  and  <c>  60  aln,  treated. 


surface  wes  usually  aasuned  In  contact  angle  MatureiMnts  (10].  This 
assumption  nay  btcoms  unjustifiable  for  the  aaaplea  treated  for  note  than 
five  alnutaa  that  contain  a  high  level  of  surface  porosity.  In  general, 
oxygen  please  treatment  Increase*  the  oxygen  content  (by  XK)  and  the 
polarity  (by  contact  angle  neaeuramant)  of  the  fiber  surface  despite  the 
lack  of  proportionality  between  these  two  results. 

CONCLUSIONS 

The  effectiveness  of  plasma  treatment*  in  Improving  the  Interfeclei 
adhesion  between  the  graphite  fibers  end  the  Ml  resin  has  been 
demonstrated.  Given  the  sane  plasma  reaction  conditions,  there  appears  to 
exist  an  optimal  time  for  balanced  interfeclei  adhesion  and  tensile  strength 
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Table  III.  Summary  of  fiber  surface  tension  properties 


Time  of  Plaeaa 
Treatment 

r,vd  ± 
(dyn/cm) 

rgvP  ±  *p 

(dyn/cm) 

**v  ±  * 
(dyn/cm) 

Untreated 

20.31±2.10 

9 . 22±1 . 73 

29 . 53±2 , 10 

1  Min  Treated 

16.82±2.23 

22.33±1.00 

39.15±2.23 

3  Min  Treated 

14.41^1.57 

30.79±4.74 

45.20±4.74 

S  Min  Treated 

15 . 35±1 , 15 

38.95±6.72 

S4.30±6.27 

10  Kin  Tt««t«d 

19,22±6.01 

21.54+5.21 

40. 76±6.01 

20  Min  Treated 

16.62±3.44 

23.52±6.45 

40.14±6.45 

Table  II.  The  relative  oxygen  and  carbon  atomic 

concentrations  of  various  fibers  by  XPS. 


Atassic  One.  X  UatnsSsd  tads. 

3  SMS. 

Cssim. 

10  ada. 

30  ain. 

ou  im  aim 

aoar 

run 

aua 

25.71 

CU  KUt  79.7* 

79.73 

77.33 

76.73 

709 

of  carbon  fibers.  The  best  plasms  reaction  conditions  for  improved 
composite  properties  have  yet  to  be  determined.  The  Improvement  in  the 
Interfacial  adhesion  strength  as  induced  by  the  oxygen  plasma  treatments  may 
be  ascribed  to:  (a)  the  enhanced  mechanical  keying  between  fiber  and  matrix 
because  of  the  increased  roughness  on  the  fiber  surface,  (b)  the  increased 
surface  free  energy  which  would  promote  the  wettability  of  fiber  by  matrix, 
and  (c)  tha  possible  removal  of  weak  boundary  layer  on  the  fiber  surface  by 
plasma  which  provides  a  better  fiber- resin  contact  for  a  greater  van  der 
Uaals  foroe  and  the  poaaible  chemical  interaction  between  the  fiber  and  the 
AMI  resin. 
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CORRELATION  BETWEEN  FIBRE  SURFACE  ENERGETICS  AND  FIBRE-MATRIX  ADHESION  IN 
CARBON  FIBRE  REINFORCED  PEEK  COMPOSITE 


D  J  HODGE,  B  A  MIDDLEMISS  AND  J  A  PEACOCK 


ICI  Wilton  Material*  Research  Centre,  PO  Box  90,  Wilton,  Middlesbrough, 
Cleveland,  UK 


Abstract 


Surface  energies  of  carbon  fibre*  at  different  levels  at  surface 
treatment  have  been  determined  by  a  wetting  force  technique  and  related  to 
fibre-matrix  adhesion  in  carbon  fibre  reinforced  PEEK  composite.  The  effect 
of  oxidative  surface  treatment  on  the  surface  free  energy  is  detailed,  along 
with  the  changes  in  surface  oxygen  and  nitrogen  content,  at  determined  by 
X-ray  phototlectron  spectroscopy  (XPS).  The  work  of  adhesion  hat  been 
calculated  for  the  carbon  fibres  and  thermoplastic,  which  correlate  well  with 
experimental  determination  of  interfacial  strength.  The  technique  can 
therefore  be  used  to  predict  adhesion  levels  in  fibre  reintorced  composites. 


inugflasUaa 


The  fibre  surface  chemistry  it  an  important  parameter  in  influencing  the 
adhesion  between  a  fibre  and  polymeric  matrix  in  a  composite,  the  exact 
nature  of  the  surfsee  chemistry  of  carbon  fibres  is  difficult  to  analyse 
quantitatively,  but  the  elemental  composition  of  the  top  )9A  of  fibre  surface 
cen  be  eccurately  determined  using  XM  (E5CA).  Although  useful  in 
charecterlting  fibre  eurfecet,  the  diaedvsntege  of  XPS  ie  that  the  SSA 
sampling  depth  Inevitably  mean*  that  many  of  tha  atoms  detsetsd  may  not  tak* 
part  la  the  adhesion  process  to  e  matrix  material.  Tha  logic  which  suggests 


Met  Re*,  gee  gym*  ft«e  Vet  the.  *11*0  Material*  Haeeett*  SecMy 
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that  an  incraaaa  In  oxygtn  and  nitrogen  contant,  aa  determined  by  VS. 
inccaaaaa  the  likelihood  of  interaction  with  the  matrix  ia  therefore  only 
likely  to  be  true  up  to  a  point. 

Soae  progrete  ha a  been  aade  with  XPS  derivitiaation  techniquaa  (1],  to 
show  the  pretence  of  apecific  functional  groupa. 

A  aeparate.  but  related,  approach  involvea  determination  of  the 
•affectiveneaa  of  the  fibre  turface  chamittry*  in  forcing  adheaive  bonde. 

Such  information  can  be  obtained  through  an  appreciation  of  the  eurface 
energetic#  of  the  fibre  turface. 

Thia  paper  detcribet  the  determination  of  the  polar  and  dltpertlve 
conpoaentt  of  the  turface  enargiet  of  carbon  fibret  with  tton-optimlted  turface 
(A),  controlled  turface  (8)  and  with  additional  turface  treatment  (C),  uting 
the  method  described  by  fielble  (1,  3)  for  analyting  anglaa.  the  eurfece 
anergiee  of  a  freahly  extruded  FUX  fibra  were  determined  end  the  work  of 
adhoeion,  V(,  between  each  carbon  fibre  and  FUX  calculated.  The  U(  veluae 
can  ba  compartd  to  the  value  for  the  work  of  cohoaioo,  Vc.  for  FKSK  and 
related  to  the  level  of  adhetine  found  in  a  correapoading  CF-FUX  cocpoaite. 


Yhtorv 

twutt  iiaiti 

The  contact  angle,  t.  when  a  liquid  of  turface  energy  t*  wet*  •  fibre  of 
diaamtor  d,  con  be  determined  from  measurement  of  e  wetting  force,  F*  uting 
the  equation  {*)» 


U> 


9  *  td  ti  cot  i 


329 


Determination  of  Polar  end  Dlenereiv*  Comocnente  of  ?lbt<  Surface  gnaw 

Surface  energetic  analyte*  of  the  fibre*  ueed  in  thi*  etudy  were 
determined  by  meaturing  the  contact  angle  of  a  variety  of  liquid*  having  known 
polar  and  dieperaive  component*  of  their  total  surface  free  energy  and 
analyting  the  reault*  according  to  Xaelble  [2,  3].  Thi*  method  attune*  that 
the  total  surface  free  energy  aero**  an  interface  yT  can  be  split  into 
component*  corresponding  to  the  non -polar  or  dispersive  interaction*  -»d  and 
the  polar  interaction*  yP 

yf  «  yP  +  yd  (2) 

The  aeauaption  generally  hold*  for  lew  surface  energy  eolide  such  ae 
polymers. 

The  work  of  adhesion  V,  between  a  fibre  of  surface  energy  yf  and  a  liquid 
of  surface  energy  yi  is  defined  by 

v*  •  Vt  *  11  *  tfl  (S) 

Where  ?n  is  the  surface  energy  of  the  fibre-liquid  interface.  Using  the 
substittttiooe 

n  *  ♦  TlP  •  el*  ♦  #1*  (4) 


and 


Tf  *  Tfd  ♦  7fP  *  ef*  ♦  If* 
the  following  equation  can  he  obtained 


r  “t 

«e 

lit! 

— 

*  <*f  ♦  If  I  “*  ! 

2*1 

i  *1  1 

L~  -J 

t»> 


<*> 


m 


where  U*  •  yg  tl  ♦  coe  •> 
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hence,  if  71,  71P  end  yid  ere  known  end  8,  the  coatect  angle,  ie  measured  for 
e  range  of  liquids  then  a  plot  of  W4/ lay  versus  filial  will  yield  a  straight 
line  with  the  slope  and  intercept  providing  a  solution  to  7fP  and  7f<*. 


Fibre  surface  energies  were  determined  using  a  Cahn  Contact  Angle 
Analyser:  essentially  a  computer  controlled  microbalance-  A  single  fibre  was 
carefully  cut  and  attached  onto  the  end  of  a  wire  hook  using  double  sided 
tape.  The  fibre/hook  was  then  attached  to  the  am  of  the  microbalance 
directly  above  a  container  containing  the  probe  liquid.  The  force  on  the 
fibre  was  determined  as  a  function  of  a  liquid  height  as  the  liquid  container 
was  raise -  at  a  rate  of  40  cm/ sec  until  at  least  ^  mm  of  fibre  vas  immersed. 
The  advancing  contact  angle  was  calculated  from  the  wetting  force  obtained.  A 
typical  force-  displacement  graph  which  includes  both  the  advancing  wetting 
force  and  the  receding  force  obtained  when  the  fibre  is  removed  from  the 
liquid  is  shown  in  Figure  1.  The  Analar  Grade  liquids  used  in  the  experiment 
and  their  surface  free  energies  are  listed  in  Table  X. 

Table  I  Surface  Free  Energy  Components  for  the  Probe  Liquids  used  in  this 
Study  [5] 


Liquid 

nT 

Tld 

(mJ/ia*) 

73P 

n-hexadecine 

27.6 

27.6 

0.0 

ethanediol 

48.3 

29.3 

19.0 

dimethylsulphoxide 

43.5 

38.9 

8.7 

foraamlde 

50.2 

39.3 

18.7 

water 


72.8 


21.8 


51.0 
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A  PEESC  fibre  was  frethly  prepared  using  a  melt  extruder,  SEM  examination 
shewed  the  fibre  to  be  smooth  with  a  diameter  of  £43  m  (Figure  £).  At  least 
four  wetting  force  measurements  were  carried  out  for  each  fibre  and  liquid 
combination.  A  fresh  fibre  was  used  for  each  run. 

Carbon  fibre  reinforced  PEEK  composites  of  611  fibre  volume  fraction  were 
prepared  from  fibres  A,  B  and  C  and  transverse  flexural  strengths  (T?S) 
measured  on  unidirectional  laminates  (ASTM  D790). 


Results 


The  results  of  the  wetting  force  determinations  of  contact  angles  on  the 
carbon  and  PEER  fibres  are  listed  in  Table  II. 


Table  XI  Mean  Contact  Angles  for  Carbon  and  PEEK  Fibres  (standard  deviations 
shown  in  brackets) 


Fibre 

Liquid 

Wetting  Angle  (6) 

A 

n-hoxadecane 

20 

(5.3) 

Non-optimised 

ethanediol 

37.8 

(3.7) 

DHSO 

14 

(3.6) 

formamide 

58.7 

(1.9) 

water 

76.5 

(6.0) 

B 

n-hexadecane 

19.7 

(2.7) 

Controlled  Surface 

ethanediol 

26 

<U  ) 

DMSO 

10 

(0  ) 

formamide 

39.4 

(7  ) 

water 

52 

(6.8) 

Figure  1  Typical  wetting  force  versus  distance 
trace  of  fibre  B  with  ethanediol 


Figure  2  SEM  of  643  Mm  PEEK  fibre 
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Fibre 

Liquid 

Vetting  Angle  (6) 

C 

n-hexadecane 

13.7 

(6  ) 

Additional  Surface 

ethanediol 

23 

(5.8) 

Treatment 

DMSO 

37.6 

(1.7) 

formamide 

24.2 

(2  ) 

water 

67.8 

(4.2) 

PEEK 

n-hexadecane 

19 

(0  ) 

ethanediol 

43.8 

(6.9) 

DMSO 

33.8 

(5.3) 

formamide 

58.3 

(0.6) 

water 

70.5 

(7.7) 

Plots  of  (Wa/2«)  versus  { filial )  for  the  non-optimised  fibre  and  for  the 
fibre  with  controlled  surface  are  shown  i-v  Figure  3  and  4  respectively!  each 
point  plotted  represents  an  Individual  contact  angle  measurement.  A  best  fit 
straight  line  was  determined  for  each  data  set  using  linear  regression 
analysis  and  the  slope  and  intercept  used  to  determine  af  and  0f .  The  results 
are  shown  in  Table  III. 

Table  III  Polar,  Dispersion  and  Total  Surface  Free  Energy  of  Carbon  and  PEEK 
Fibres 


Fibre 

A 

B 

C 


a 

0 

7fd 

TfP 

Tf1 

5.21 

2.92 

27.15 

8.51 

35.7 

5.11 

4.72 

26.1 

22.3 

48.4 

4.90 

4.64 

24.0 

21.5 

45.5 

4.51 

4.29 

20.3 

18.4 

38.7 

PEEK 
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XPS  analysis  of  the  fibres  and  transverse  flexural  strengths  of  the 
corresponding  PEEK  composites  are  shown  in  Tables  IV  and  V  respectively. 

Table  IV  XPS  Analysis  of  Fibres 


Fibre  XPS  Analysis  of  Fibres 


C 

0 

H 

A 

95.5 

2.2 

2.1 

B 

88.5 

7.3 

4.0 

C 

83.0 

11.9 

4.8 

Table  V  Transverse  Flexural  Strengths  in  PEEK  Composite 

Fibre  TFS  (MPa) 

A  S3. 6 

B  1S2.S 

C  157.6 


PllWHion 

There  is  mors  than  threefold  increase  in  the  surface  oxygen  content  and  a 
doubling  of  the  surface  nitrogen  content  when  comparing  the  non-optiaised  (A) 
fibre  with  the  controlled  surface  (B)  fibre.  Additional  turf ace  treatment  of 
the  fibre  leads  to  a  further  increase  in  oxygen  (11.92)  and  nitrogen  (4.82) 
content.  Contact  angle  analytic  reveals  that  the  polar  component  of  the 
surface  free  energy,  yfP,  increatei  almost  threefold  when  moving  from  fibre  A 
to  fibre  B.  This  it  accompanied  by  a  alight  reduction  in  the  dispersive 
component  yfd.  ?fP  does  not  increase  further  for  tha  fibre  with  additional 
surface  treatment.  This  it  perhaps  an  indication  that  XPS  detects  boos 
functionality  which  is  just  beneath  the  fibre  surface  and  therefore  does  not 
contribute  to  the  surface  energy,  or  in  any  adhesion  process. 
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The  transverse  flexural  strength  of  fibre  B/PEEK  composite  is 
considerably  higher  than  that  for  the  composite  made  with  fibre  a.  Additional 
surface  treatment  (fibre  C)  results  in  no  significant  increase  in  the  TFS  for 
the  PEEK  composite,  as  predicted  by  the  similarity  in  the  total  surface  free 
energy  (yfT)  for  fibre  B  (optimised)  and  C.  These  results  imply  that  the 
polar  component  of  the  fibre  surface  energy  is  the  major  factor  in  influencing 
the  fibre-PEEK  adhesion. 


W«  Calculation  for  Carbon-Fibre  PEEK  Interface 


During  the  process  of  making  composite  laminctes,  carbon  fibres  are 
placed  in  contact  with  either  solutions  or  melts  of  polymers  or  monomer  mixes, 
probably  at  elevated  temperatures,  and  then  cooled  (or  curod  and  cooled  in  the 
case  of  thermosets)  to  solidify  the  composite.  In  addition  to  simple 
dispersive  or  polar  interactions,  this  whole  process  may  result  in  additional 
interactions  across  the  fibre-matrix  interfaca  such  as  covalent  bonding, 
mechanical  interlocking  or  shrinkage  stresses  arising  from  thermal 
contractions  of  the  matrix  which  could  give  rise  to  frictional  adhesive 
contributions.  Calculation  of  the  wurk  of  adhesion  in  a  composite  is 
therefore  a  complex  process. 

Naively,  however,  we  have  used  the  room  temperature  surface  energies  of 
carbon  fibres  and  solid  PEEK  fibre,  listed  in  Table  III,  to  calculate  works  of 
adhesion  for  carbon  fibre-PEUK  using  the  following  aquations i 

-  7f  +  7a  -  Tfm  (8) 

Tfa  ■  (“a  -  •of)*  +  0»a  -  Of)1  (8) 

where  subscripts  f,  a  refer  to  fibre  and  matrix  respectively.  The  results  of 
these  calculations  are  shown  in  Table  VI. 
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Table  VI  Calculated  Work  of  Adhesion  for  Carbon  Fibre  Reinforced  PEEK 
Composites 


Fibre 

Tf 

7m 

Tfm 

wa 

(mJ/m2) 

(mJ/a2) 

(mJ/m2) 

mJ/m2) 

A 

35.6 

38.7 

2.4 

71.9 

B 

48.4 

38.7 

0.5 

86.6 

C 

45.5 

38.7 

0.3 

84.0 

Wc 

(mJ/m2) 

PEEK  —  38.7  —  77.4 


The  values  for  the  different  fibre  surface  treated  composite  are 
required  to  be  compared  with  the  work  of  cohesion  of  PEEK  itself,  Wc,  that  is, 

Wc  -  27a  UO) 

The  WA  for  the  fibre-matrix  bond  between  PEEK  and  fibre  8  is  larger  than 
Vc  for  PEEK  hence,  in  the  composite,  the  interface  should  remain  intact  and 
failure  should  occur  in  the  PEEK  matrix.  Similarly  for  the  fibre  with 
additional  treatment,  >  WC  and  cohesive  (matrix)  failure  occurs.  For  the 
composite  from  fibre  A,  however,  the  interface  is  weakest  and  adhesive  failure 
should  occur.  This  is  exactly  what  happens  in  the  composite  as  shown  in  the 
TFS  results.  Subsequent  examination  of  the  TFS  fracture  surface  reveals  bare 
carbon  fibre  in  the  case  of  the  fibre  A/ PEEK  composite  and  fibre  well  covered 
with  ductile  polymer  in  both  fibre  B/PEEK  and  fibre  C/PBEK  composites.  This 
indicates  adhesive  failure  at  the  fibre-matrix  interface  for  the  non-optimised 
fibre  composite  and  cohesive  failure  in  the  PEEK  matrix  in  the  latter  two 
composites.  In  carbon-PEEK  composites  thsrsfors.surfacs  snsrgstics  can  bs 
used  to  predict  the  level  of  fibre  matrix  adhesion. 

Hotst  Comparison  of  Wt  and  Vc  values  calculated  above  with  fracture  energies, 
G0,  determined  from  mechanical  teete. 
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Equation  (10)  used  above  is  the  fracture  energy  required  to  break  only 
secondary  bonds  in  the  polymer  eg.  Van  der  Vaals,  dipolar  etc.  However,  Qc 
includes  the  energy  to  fracture  covalent  bonds,  cause  plastic  deformation  of 
the  polymer  and  so  on.  Bence 

Gc  »  2  7m  (ID 
In  the  case  of  PEEK,  typical  Gc*  are  around  5kJ/m*. 
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EFFECT  OF  SURFACE  OXYGEN  ON  ADHESION  OF  CARBON  FIBER  REINFORCED  COMPOSITES 
P.  W.  YIP  and  S.  S.  UN 

Army  Materials  Technology  Laboratory,  Watertown,  MA  02172 


ABSTRACT 

Five  carbon  fibers  from  different  precursors  were  surface  treated  by 
various  chemical  reagents  for  the  elucidation  of  the  mechanism  Involved  in 
Interfacial  adhesion.  SEX,  ESCA  and  SAM  techniques  were  used  to  characterise 
morphology  as  well  as  surface  constituents  of  the  treated  fibers.  The 
transverse  tensile  strengths  of  the  composites  made  from  the  treated  fibers 
and  epoxy  resin  were  also  obtained.  The  result  indicated  that  the 
interlocking  mechanise  by  surface  roughness  seemed  to  play  a  major  role  in  the 
fiber-epoxy  adhesion. 


INTRODUCTION 

Over  past  IS  years,  carbon  fibers  (CF)  have  evolved  into  a  major 
reinforcing  substance  for  structure  materials  11,2}.  The  strength  and  the 
extent  of  the  reinforcement  are  dependent  on  nature  of  resin  matrix,  fiber 
strengths  as  well  as  flber-resln  Interfaces.  The  mechanical  properties  and 
ultimate  performances  of  composites  tie  intimately  with  surface  morphologies 
of  the  fibers.  Three  different  adhesive  mechanisms  are  known  to  exist  at  the 
Interfaces  (3):  mechanical  interlocking,  chemical  binding  and  weak  attracting 
forces  such  as  dipole-d< pole.  Van  dcr  Waais,  and  electrostatic  Interactions. 
However,  the  extent  of  these  interactions  between  the  fiber  surface  and  the 
matrix  component  is  not  clearly  understood. 

In  this  paper,  the  investigation  was  made  to  elucidate  the  reinforcing 
mechanism  involved  In  the  fiber  epoxy  composites.  Five  carbon  fibers  of 
different  origins  art  treeted  by  verioue  chemical  reagents  to  modify  surface 
characteristics.  The  surface  morphology  and  chemistry  are  examined  by  scanning 
electron  microscope  (S&M)  (A),  X-ray  photoelectron  spectroscopy  (XPS  or  ESCA) 
(A,S)  and  scanning  Auger  microprobe  (SAM)  (6)  techniques,  end  the  Interfacial 
adhesive  strength  by  transverse  tensile  atresees  (TTS)  of  the  fiber  epoxy 
compoaltae.  The  effecta  of  these  chemical  treatments  are  compered  and  tha  major 
reinforcing  mechanism  involved  la  the  later fecial  adhesion  are  discussed. 


EXPERIMENTAL 
Fiber  samples 


Five  CF  are  used  in  this  experiment t  Three  pitch  based  carbon  fibers,  one 
(PCF)  made  by  Tontn  Oil  Co.  and  two  (OOF l  A  CCP5)  by  Osaka  Css  Co.  Japan,  and 
two  polyacrylonitrile  (PAN)  based  CF,  Megnamltt  INS  (HCP)  end  tesflght  IN600 
(TCP),  made  by  Hercules,  USA  and  Toho  Rayon,  Japan  respectively.  The  physical 
date  provldsd  by  the  manufacturers  are  shown  In  Table  1. 

Surface  treatments 


Tha  conditions  and  procedures  of  ehe  oxidative  treatments  era  described 
below.  Owing  to  wide  chsmlcel  reactivities  of  these  fibers,  the  reaction 
times  art  slightly  different  for  each  fiber  In  these  treatments. 

(1)  Acid  solution t  Trsstsd  with  SOX  concentrated  nitric  add  at  a  boiling  and 
refluxing  condition  for  a  period  of  2A  hours  for  PCF,  12  hours  for  OCP, 
and  A  hours  for  TCP  sad  HCF. 

(2)  Peroxide  soiutloni  Trsstsd  with  a  13  X  hydrogen  peroxide  solution  near 
boiling  tor  a  period  of  1A  hours 
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(3)  Gas  oxidation:  Pre-soaited  In  concentrated  phosphoric  acid  at  the  boiling 
point  for  one  hour  followed  by  heating  in  a  muffle  futnace  under  oxygen 
atmosphere  at  400  °C:  U  hours  for  PCF  and  OCF,  6  hours  for  TCP  and  one 
hour  for  HCF. 

(4)  Hydrogen  reduction:  Hydrogen  reduction  of  the  acid  treated  fiber  (Process 
#1)  at  in  a  muffle  furnace  at  1000  °C:  14  hours  for  POP,  12  hours  for  OCF, 
6  hours  for  HCF  end  5  hours  for  TCP. 

The  fibers  after  the  wot  treatments  (1)  and  (2)  were  rinsed  with  distilled 
water  three  times  followed  by  acetone  and  distilled  water*  After  the  five 
washings,  the  samples  were  dried  in  an  oven  at  100-120  °C  overnight  before  the 
analyses.  The  fibers  from  the  dry  processes  (3>  and  (4)  were  used  directly 
without  washing. 


Table  1 

Physical  end 

tieeha  tt;cal 

oat  a  ;>.<  Fib;. 

ta 

Symbol 

Source 

Precursor 

Physical 

data 

Sice 

Tow 

Diameter 

Strength 

Modulus 

Urn) 

(GPaj 

(GPa) 

PCF 

TONSN 

Petroleum 

no 

3K 

to 

3.4 

441 

HM3131 

pitch 

OCKl 

Osaka  Gas 

Coal  tar 

no 

3X 

10-11 

1.8 

180 

FI  80 

pitch 

0CF5 

Osaka  Gas 

Coal  tar 

no 

3K 

10-11 

2.8 

SOO 

F500 

pitch 

HCF 

Hercules 

IH6-U-12K 

PAN 

no 

12X 

6 

4.77 

250 

TCF 

TOHO  RAYON 
70764 2K31 

PAN 

yea 

12K 

4.7 

S.  78 

297 

Specimens  for  Transverse  Tensile  Strength  (TTS) 

The  composite  test  specimens  (7)  for  TTS  ars  prepared  with  the  treated 
fibers  end  epoxy  resin.  The  epoxy  resin  consists  of  100  perte  KPOH  828  resin 
and  40  parts  8PON  V-40  curing  agent,  supplied  by  Hiller  Stephenson  Cheelcel 
Co.  The  unidirectional  coeposltee  were  weds  by  impregnating  the  fiber  towe 
into  epoxy  reein  under  pressure  followed  by  curing  in  an  oven  at  100  °C 
overnight.  The  thickness  of  the  resulting  composite  is  about  4-12  mils.  This 
composite  sheet  is  then  made  into  the  test  specieens  of  38-88  mil  width  by 
slicing  tcross  the  fiber  direction  with  e  diamond  wafer  blade. 

The  digital  tensile  test  Instrument,  Model  1000  made  by  Tlnius  Olson  Co., 
was  used  to  measure  tbs  transverse  tensile  strength.  The  measurement  wee  made 
with  a  ten-pound  load  cell  and  s  cross-heed  speed  of  G.SVmin,  A  statistics! 
average  was  obtained  from  thirty  or  mors  measurements. 

Surface  Oxygen  Concentration 

The  ESCA/ Auger  instrument,  made  by  Physical  Electronic  Ind.,  PHI-348  with 
a  double  pass  cylindrical  analyser  and  Mg  K  X-ray  radiation  was  eaployed  in 
the  determination  of  surface  oxygen  concentrations.  In  the  preparation  of  the 
specimen,  a  bundle  of  fibers  wars  densely  peeked  and  aligned  to  give 
approximately  an  area  of  1/2  inch  square.  The  excessive  lengths  of  the  fibers 
were  trimmed  end  the  cut  ends  ware  glued  to  a  conductive  adhesive, copper  tape, 
TWo  surface  properties  war*  readily  obtainable  from  ESCA  spectral  (a)  Atoele 
oxygen  concentration:  calculated  from  the  Integrated  area  under  the  O.  and 
C.  peaks,  and  (b)  Oxidised  carbon  to  Carbon  ratio;  obtained  from  the1 
proportion*  of  oxygen  linked  carbons  (including  hydroxyl,  ether,  ester, 
carbonyl  and  carboxyl  functional  group*)  to  carbons  without  oxygen  linkages. 
This  ratio  was  calculated  from  the  deconvolution  (81  of  the  Cu  peck  profile. 
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RESULTS 

After  the  oxidative  treatments,  significant  changes  are  observed  by  SEM 
on  the  surfaces  of  the  carbon  fibers.  The  extent  of  surface  morphological 
alterations  is  strongly  dependent  on  the  fiber  precursors  as  well  as  surface 
oicrostructure.  The  appearance  of  striatlons  in  the  well  oriented  pitch  based 
CP  with  large  crystallites  is  not  affected  by  the  treatments,  while  the  fibers 
with  smaller  crystallites  having  a  high  degree  of  random  orientation  are 
oxidized  readily  shotring  various  shades  along  the  fiber  length  in  SEM  images. 
In  the  solution  treatments,  the  diameters  of  the  fibers  appeared  to  increase 
in  size  due  to  the  formation  of  oxide  layers.  The  extent  of  the  oxide 
formation  was  less  for  pitch  and  more  for  PAN  CF.  Moreover,  the  oxidized 
layers  were  not  distributed  evenly  throughout,  but  were  formed  on  some 
preferred  locations,  such  as  large  bumps,  deep  crevices,  cracks  and  surface 
flaws,  swellings  and  delaminations.  In  the  gaseous  treatments,  more  bumps  and 
pits  were  observed  in  the  PAN  based  CP  which  has  no  striation.  Many 
inclusions,  foreign  impurities,  cracks  and  bumps  were  especially  noticeable  in 
these  fibers.  The  oxidation  appeared  to  take  place  preferentially  at  surface 
defects,  cracks,  bumps,  and  pits. 

The  peak  shapes  (9,10)  of  carbon  and  oxygen  in  the  ESCA  spectra  are 
plotted  in  Figure  1.  The  carbon  peak  profiles  change  substantially  from  the 
untreated  one  to  the  treated  ones.  The  left  shoulder  of  the  carbon  peak 
increases  asymmetrically  indicating  the  presence  of  carbon  oxygen  functional 
groups.  Moreover  the  carbon  peak  widths  at  half  height  also  increase  for  the 
oxidized  fibers.  In  the  sized  fiber  (TCP),  two  overlapping  peaks  are  observed 
in  the  C.  core  peak  (not  shown).  This  highly  asymmetric  profile  is  derived 
from  the  sizing  compound  containing  a  significant  amount  of  alcohol  and  ether 
functional  groups.  For  those  peaks  obtained  after  the  hydrogen  reduction 
treatment,  the  left  shoulder  decreased  considerably  indicating  lesser  amounts 
of  the  carbon~oxygen  functional  groups  on  the  surfaces.  In  the  oxygen  peak 
llneshapes,  the  trea:ed  fibers  always  give  broader  peak  widths  than  those  of 
the  sised  and  untreated  ones.  This  la  ccuaed  by  the  formation  of  a  wide 
variety  of  aingly  and  doubly  bound  oxygen  on  the  surfaces. 

The  highest  surface  oxygen  concentrations  are  observed  in  the  treatments 
come  from  concentrated  nitric  acid  solution  and/or  gas  oxidation  at  high 
tamparaturea  as  shown  in  Table  2.  The  oxygen  concentration  increase  several 
folda.  However,  In  general,  the  oxygen  concentration*  after  tha  hydrogen 
treatment  of  the  acid  treated  surfaces  decrease  to  a  few  atomic  X 
approximately  a  half  to  one  quarter  of  the  original  untreated  concentrations. 

Tha  strength  of  Intorfaslal  adhesion  can  be  obtained  by  a  variety  of 
measurements,  such  as,  lnterlmainiar  shear  at res*  (ILSS),  lnterfacial  shear 
stress  (1FSS)  and  transverse  tensile  atreaa  (TTS).  Interpreting  data  from 
ILSS  are  complicated  due  to  many  interesting  forces  such  ee  flexural, 
compressive  and  tensile  stresses  during  the  tasting  of  unid fractional 
composites.  IFSfi  would  be  an  excellent  choice,  but  the  technique  U  tine 
consuming.  Eventually,  the  choice  wee  made  on  TTS  due  to  elmpUclty  as  well 
ee  good  representation.  In  properly  prepared  epeclmene,  the  adhesive  strength 
should  cosipote  more  than  8)1  of  tha  TTS  magnitude  in  the  high  fiber  density 
composite*  (It). 

(generally,  tho  transverse  teneile  strength  (TTS)  it*  shown  in  Table  2 
increase*  drastically  aftar  all  traatmants  axcept  tor  TUP  and  OCFl.  The  TTS 
magnitude*  which  are  about  1  X  of  the  enl-dlrectlonel  composite  etrength  for 
the  untreated  fiber,  generally  lncreaae  after  the  chemical  treatment*. 

However,  TTS  of  the  fiber  reinforced  epoxy  composite*  shows  no  clear  variation 
with  tha  chamlcai  etching  agents  in  the  treatment*.  In  the  treatment*  of  t*CFl 
and  tha  *Utd  PAN  bated  TCP,  no  eubatantlal  Improvement  t*  obeervtd. 
Unexpectedly,  the  fiber*  after  the  hydrogen  tfeatmant  yield  approximately  the 
earn*  magnitude*  of  TTS  as  other  treatments. 
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Table  2  Transverse  Tensile  Strength  of  Fiber  Composites 
and  Oxygen  Concentrations  on  Fiber  Surfaces. 


Chemical  Agents**  Untreated  Acid  Peroxide  Oxidation 

Cone  HNO,  H,0,  0, 


PCF 

TTS(MPa) 

8.8 

Oxygen(ot  X) 

6.3 

t 

0CF1 

TTS(HP3) 

23.8 

Oxygeu(ac.  T) 

1,N 

OCF5 

VIS(HPa) 

15.2 

Oxygen(at.  Z) 

0.9 

HCF 

TTS(KPa) 

13.4 

Oxygen(*t  X) 

3.0 

TCP 

rrsoa>a) 

19.74 

Qxygen(at  X) 

12.8* 

*  Siting  agent  on  the  surface 


**  Treatment  times  and  Conditions  vary 


***  Parentheses:  Hydrogen  reduction  of  untreated  fiber  only  . 


Hydrogen 

H, 


22.6(20.9)*** 
7.9  ' 


25.1 

1.1 

30.4 

1.4 

27.16 

2.7 


DISCUSSION 

The  structure  ot  carbon  fiber  11,12)  is  an  array  of  carbon  ribbons 
constating  of  turhsatratie  graphite  crystallites  running  along  the  fiber 
length.  The  fiber  surface  i*  composed  of  base!  planes  and  prismatic  edges  of 
the  crystallites.  There  ere  aany  mia-mstehes  on  th*  surfaces,  auch  as  cracks, 
notchas,  pita,  crevicea,  foralgn  particle  inclusions,  and  dislocations. 
Furthermore,  numerous  loose  delaminated  lays*#  and  fibrils  exist. 

Two  kinds  of  surface  chemical  raactlvlties  axtat:  low  energy  sites  of 
basal  planes  and  reactive  prismatic  edges  (13).  The  oxidation  occurs 
predominantly  toward  dUorganitad  or  edge  carbons.  The  Initial  atap  of  the 
oxidative  treatmante  la  to  smooth  the  surface  and  to  elimlnata  loose  surface 
layers,  followed  by  the  reaction  leading  to  the  formation  of  graphitic 
(lamellar)  oxides  and  the  evolution  of  carbon  dioxide.  Tha  degree  of  the 
graphitic  oxide  formation  depend*  on  the  alignment  of  carbon  crystallite* 
along  the  Ober.  Thus,  more  oxygen  la  found  on  leas  oriented  carbon  layer 
surf acts. 

The  oxidative  treatment  produces  mote  active  site*  ky  the  formation  of 
chemically  active  carbon-oxygen  functional  group*,  but  also  increase*  the 
surface  roughness  by  arching.  The  extent  of  Increased  roughness  or  enlarged 
surface  area,  depend*  on  the  nature,  temperature  and  the  degree  of  the 
treatment.  In  the  nauuaister  scale,  the  increases  are  attributed  to  the 
fom*ticn  of  dlotopOfes,  creeks,  etch  pits,  leaeitar  oxide  layers,  the 
elimination  of  trapped  carbonisation  products  and  weekly  absorbed  oxygen,  the 
extended  <ftldatloo  1*  followed  by  coalesce  of  pits  Into  channels,  and  or  . 
enlargement  of  pit  dimensions.  Therefore,  the  two  adhesive  forces,  chemical 
binding  and  mechanical  Interlocking,  are  formed  simultaneously  after  the 
oxidative  treatments. 

Tht  interracial  adhsaloa  can  b*  formed  by  the  low  energy  surfacet  which 
are  bound  with  resin  matrix  through  dispersion,  dipole-dipole,  dipole- induced 
dipole,  electrostatic,  pi-bonding,  hydregots  bonding,  ot  donor  acceptor 
interaction.  Alto  the  Chemical  binding*  am  possible  by  carbon-oxygen 
functional  groups  at  prismatic  edges.  tW  mechanical  interlocking  of  tht  two 


■ !  ■ 
f 


343 


mating  surfaces  Is  also  an  Important  sour  i  of  the  Interfacial  strength.  The 
pits,  crevices,  cracks  and  the  topology  ox  the  surface  are  the  essential  forms 
of  the  interlocking.  However,  the  matrix  liquid  must  seep  Into  micro  spaces 
of  these  flaws  for  effective  mechanical  anchoring. 

In  the  present  experiments,  the  surface  oxygen  concentrations  was  clearly 
established  from  KSCA  spectra.  Regardless  of  fiber  surface  morphologies;  the 
oxygen  concentrations  increase  to  about  lb  atomic  Z  after  etching  in 
concentrated  nitric  acid,  change  to  about  tOZ  under  peroxide  solution  and 
oxidation  atmosphere,  and  reduce  to  2-4Z  in  the  hydrogen  stream.  It  is 
Interesting  to  note  that  the  trends  of  these  five  sets  of  data  are  similar. 

The  magnitudes  of  TTS  increase  substantially  after  the  treatments  except 
for  sited  TCP  and  0CF1  which  show  marginal  Improvements.  TTS  after  the 
peroxide,  oxidation  and  hydrogen  treatments  improves  at  least  twice  the 
strength  of  the  resulting  composite.  This  improvement  could  derived  from 
either  increased  surface  oxygens  or  enlarged  surface  ruggedness.  The 
improvement  is  found  independunt  on  the  fiber  precursors. 

From  the  analysis  of  the  data  between  TTS  and  oxygen  concentrations,  the 
result  Indicates  that  increased  amounts  of  oxygen  have  no  direct  correlation 
with  the  enhanced  TTS.  Especially  in  the  hydrogen  treatment,  the  high  TTS 
data  are  associated  with  minimus  amounts  of  surface  oxygen.  This  behavior  la 
observed  in  all  fibers  regardless  of  the  different  fiber  origins.  Evidently, 
surface  oxygen  has  little  to  do  with  TTS.  Since  the  hydrogen  treated  fibers 
are  those  obtained  after  the  acid  treatments  in  which  the  reduction  probably 
takes  place  only  on  surface  oxides,  the  surface  morphologies  of  the  two  should 
be  similar.  Therefore,  the  major  role  of  the  oxidative  treatments  on  CF 
adhesion  is  not  chemical  in  nature. 

In  the  sired  PAN  baaed  fiber  of  TCP,  no  significant  improvement  of  TTS  is 
observed.  This  could  be  caused  by  the  presence  of  the  siting  compound  on  the 
fiber  surface,  wlCeh  yields  a  high  TTS  before  tbs  treatments.  The  effect  of 
siting  on  fiber  adhesion  is  not  clear  at  this  time,  but  it  is  certainly  more 
beneficial  than  detrimental.  The  pitch  based  fiber  of  OCFI  also  shows  no  TTS 
enhancement,  probably  due  to  the  nature  of  fiber.  The  fiber  is  found  to 
compose  of  small  crystallites  which  provide  numerous  rugged  terrains  cod 
maximum  roughness.  The  present  oxidation  apparently  yields  about  the  seme 
magnitude  of  roughness.  Therefore,  no  further  improvement  of  TTS  le  observed. 


OWCUiSlGli 

The  present  observations  are  inconsistent  with  the  postulate  (1,14,13) 
that  chemical  binding  is  an  essential  part  of  the  fiber-ream  interface,  one 
of  three  interfaelal  adhesive  strengths  is  the  chemical  binding  which  cornea 
from  the  oxygen  containing  function*!  groups  on  the  carbon  fiber  surface. 
Particularly,  these  functional  groups,  *<111,  XX),  XXXi  are  major  binding 
forces  of  the  interfaelal  adhesion,  thus,  surface  oxygen  im  needed  for 
improved  performance  of  the  fiber  reinforced  composites, 

the  important  role  of  the  oxidative  treatment  seems  to  be  the  crust  lo*  of 
more  rugged  surface  terrains  by  etching  than  the  formation  of  chemical 
linkages*  Thor,  the  treatment  creates  more  reigi.hn.esa  which  in  turn  promotes 
physical  surface  anchoring.  The  mechanism  involving  mechanical  interlocking 
between  (It  and  epexy  resin  appear  to  surpass  the  significance  of  the  chwlcai 
bindings  formed  by  the  carbon  oxygen  functional  groups  in  the  present  Cf-mpoxy 
intnrfaces.  Therefore,  it  Is  --t  pec  ted  that  the  etching  by  iioorlnatioh  of  Ct 
would  promote  the  fiber  rosin  adhesion  similar  to  that  of  the  oxidative 
treatment. 

In  short ,  the  following  observations  ate  made  from  the  present  experimental 
tl)  the  extant  of  oxidation  on  the  carbon  fiber  surf nee  is  more  dependent  on 
the  chemical  reagents  than  the  surface  structures  end  tna  precursors  of  the 
libera  in  the  present  treatment  condition*  tl)  The  degree  of  adhesion  is  not 
promoted  by  the  amount  a!  oxygen  ur  carbon  oxygen  functional  groups  on  the 
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fiber  surface.  (3)  The  chemical  treatments  not  only  increase  the  oxygen 
surface  concentration ,  but  also  enhance  surface  roughness.  The  Increased 
roughness  provides  more  adhesion  due  to  enhanced  mechanical  interlocking  and 
physical  mating. 
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ABSTRACT 

Macroscopic  properties  of  fiber  reinforced  composites  are  dependent  on  the 
micromechanics  of  the  filament-matrix  interphase.  We  present  here  some 
preliminary  results  of  our  studies  aimed  at  understanding  the  behavior  of  the 
intetphase  when  the  composite  is  subjected  to  cy^'ic  tensile  loading.  Wc  have  used 
carbon/polycarbonatc  mono-filament  composites  as  a  model  system  for  studying 
the  effects  of  loading  direction  (axial  and  transverse),  frequency,  and  amplitude. 
The  interphase  was  varied  by  etching  the  filament  surface.  Damage  was 
characterized  by  fiber  matrix  debonding,  reduction  in  interphase  stress  transfer 
efficiency,  and  changes  in  the  locus  of  failure  as  determined  by  SEM  fractography. 


INTRODUCTION 

A  controlling  factor  in  the  fatigue  life  of  fiber  reinforced  composites  is  the 
fiber-matrix  interphase  behavior  because  the  interphase  controls  the  load  transfer 
from  the  matrix  to  the  strengthening  fibers.  Although  there  is  a  large  fatigue  data 
base,  the  rolo  of  the  interphase  in  fatigue  failure  is  not  well  understood.  The  goal 
of  this  work  is  to  improve  the  understanding  of  filament-matrix  intorphaso 
raicromcchanical  behavior  in  cyclic  fatigue.  Fatigue  tests  were  carried  out  in  two 
loading  directions  (axial  and  transverse),  at  soveral  frequencies  and  several 
amplitudes. 

The  approach  wc  took  to  isolate  the  effects  of  the  interphase  was  to  use 
monofilament  composites,  and  to  alter  the  fiber  surface  in  a  controlled  munnor  to 
deterraino  the  effects  of  treatment  [I],  Using  mono-filament  composliss  the 
intorphase  strength  or  the  ability  of  the  interphaso  to  transfer  load  (stross  trunsfer 
effectiveness,  STB)  can  be  determined  [2-10].  Space  does  not  allow  a  thorough 
review  of  the  techniques,  but  readers  are  referred  to  reference  9.  Instead,  the 
technique  used  for  measuring  STB  in  this  work  is  presented  as  follows. 

As  a  monofilament  composite  is  loaded  in  tho  axial  direction,  the  filament 
will  begin  to  fracture.  Load  is  then  translated  from  the  matrix  to  tho  fiber  through 
shoar  at  tho  interphaso  (see  Figure  t).  Kelly  [3]  derived  a  simple  expression  using  a 
force  equilibrium  analysis  that  relates  the  shear  stress  at  the  Interface  near  the 
end  of  the  filament  fragment  to  the  length  over  which  load  is  transfered.  and  the 
stress  In  the  filament.  Assuming  a  constant  shear  stress  in  the  iuterphase, 
the  expression  reduces  to: 

T  =  JLX.  (1) 

2  l 

where  O  is  the  stress  in  the  filament,  t  is  the  shear  stress,  r  is  the  radius  of  the 
filament,  wd  Z  is  the  distance  along  the  filament. 

By  using  *  birefrigent  transparent  matrix  and  viewing  the  fragmentation 
phenomena  in  cross  polarisation,  V  the  region  over  which  toad  is  transferred,  is 
optically  active  and  its  length  can  be  measured.  STE  Is  then  calculated  by 
replacing  2  with  X,  and  o  with  Ek  (where  £  is  the  Young's  modulus  of  the  filament 
(assumed  to  be  ceosunt),  and  r.  is  the  strain  measured  in  the  composite).  In  addition 
matrix  cracking  and  interphase  cracks  can  be  seen.  Using  an  apparatus  described 
previously  (11),  we  measured  X  si  several  filament  breaks  and  at  several  composite 
strains.  The  growth  of  X  with  strain  for  a  typical  filament  is  saewn  in  Figure  2.  and 
is  seen  to  be  linear  at  low  strains.  This  linear  growth  implies  that  there  is  no 
interaction  between  X  regions,  and  the  non -linear  growth,  which  occurs  at  high 
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strains,  implies  that  the  X  regions  are  overlapping.  All  calculations  were  done 
using  values  in  the  linear  region  to  ensure  that  the  fiber  was  carrying  as  much 
load  as  possible. 


X 

Figure  1.  Schematic  of  filament  fragment  in  cross  polarization  to  define 
Stress  Transfer  Zone  (STZ)  and  its  length,  X. 


This  tool  was  used  to  investigate  the  change  in  interphase  STE  due  to  cyclic 
fatigue.  However,  because  only  the  composite  strain  is  measured,  the  exact  strain 
in  the  filament  is  not  known.  Therefore,  we  calculate  the  relative  values  of  STE  for 
different  interphase  strengths  rather  than  the  absolute  values  of  STE.  In  addition, 
it  has  been  shown  that  the  interfacial  shear  stress  is  not  constant  throughout  the 
STZ  [12};  this  technique  measures  the  average  STE  in  a  stress  transfer  zone. 


strain  <%)  treatment  time  (min) 


Figure  2.  Lambda  (the  length  of 
the  Stress  Transfer  Zone)  vs 
applied  Composite  Strain  for  a  typical 
fiber  showing  linear  behavior  at  low 
strains. 


Figure  3.  Change  in  Stress  Transfer 
Efficiency  and  surface  energy  with 
treatment  time.  Labels  Indicate  three 
types  of  fibers  tested. 


i 

3 


EXPERIMENTAL  PROCEDURE 


Samples  were  made  from  Polycarbonate  (a  thermoplastic  with  a  Young's 
modwlut  of  2.40pa)  and  from  Hercules  AU4  graphite  filaments  (Young's  Modulus  In 
the  axial  direction  of  17Q*200Cpa).  Details  of  the  molding  procedure  were  presented 
earlier  |!1|.  The  fiber  surface  was  altered  by  etching  the  fiber  surface.  The 
effects  of  surface  treatment  on  filament  properties  are  presented  in  a  companion 
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paper  [1J.  Figure  3.  shows  the  effect  of  surface  treatment  on  the  surface  energy 
and  the  STE.  We  elected  to  study  an  as  received  fiber  (A),  a  fiber  treated  for  one 
minute  (B),  and  a  fiber  treated  for  three  minutes  (C)  because  of  the  the  available 
range  in  STE  and  surface  energy.  The  error  bars  represent  the  scatter  in  the  data. 
The  samples  cycled  in  the  transverse  direction  had  A.B,  and  C  filaments.  Samples 
cycled  in  the  axial  direction  had  A  and  C  filaments. 


Fatigue  loading 

Fatigue  tests  were  carried  out  on  an  INSTRON  1331  servohydraulic  fatigue 
machine.  Special  grips  were  built  to  hold  the  samples  and  care  was  taken  to  ensure 
good  alignment.  The  specimens  did  not  have  a  reduced  gage  length,  and  strain  was 
measured  with  an  extensometer  attached  to  the  grips.  Tests  were  run  under  load 
control  with  R=0.1  Creep  during  testing  was  less  than  5%  of  the  total  strain,  and  the 
change  in  residual  modulus  was  small.  The  wave  form  was  triangular  to  maintain  a 
constant  loading  rate  during  the  test.  The  transverse  samples  were  65mm  X  90mm  X 
0.5mm.  The  axial  samples  were  3mm  X  90mm  X  ,5mm.  Loading  schedules  are 
presented  in  Table  I.  Alter  cycling,  a  smaller  sample  was  cut  from  the  cycled 
specimen  for  fragmentation  testing. 


Table  1.  Loading  schedules  for  transverse  and  axial  cyclic  fatigue  tests. 


Transverse  Cyclic  loading  schedule 


AmpUtuW 

'.01  Hz 

.05Hz 

0.1  Hz 

0.5  Hz 

1.0  Hz 

2% 

* 

@ 

# 

@ 

2.35* 

• 

+ 

♦ 

@ 

# 

2.7* 

• 

• 

• 

Axial  Cyclic  loading  schedule 


Amplitude 

.1* 

.2* 

1* 

2* 

up  to  n  cycles 

id1 

l(f 

106 

103 

*  up  to  1000  cycles 

*  up  to  1500  cycles 

+  up  to  3000  cycles 

*  up  to  5000  cycles 

®  up  to 10000  cycles 


Pcmmlauion..  of  Cyclic  Pumgo 

For  purposes  of  this  paper,  damage  was  defined  as  the  reduction  In  STE.  Two 
halvea  of  the  same  monofilament,  one  cycled,  one  not  cycled,  were  compared  using 
the  fragmentation  technique  described  above.  In  addition  the  shape  of  tho  stress 
transfer  tones  aa  seen  in  cross  polarisation  were  compared. 

In  order  to  obtain  further  information  on  how  damage  occurs,  fractography 
was  carried  out  on  fiber  pull  out  samples.  Pulled  out  fibers  were  prepared  by 
notching  and  straining  to  failure  representative  samples. 


RESULTS  AND  DISCUSSION 

Iiaamrcc  ,  .loading 

Since  PC  yields  at  V*  and  since  a  fiber  oriented  transverse  to  the  toad 
direction  has  rogioru  of  high  stress  concentration,  strain  amplitudes  in  the  low 
range  of  2-1.7%  were  employed  for  transverse  cyclic  testa,  in  order  to  reduce  edge 
effects  the  samples  were  90  tun  wide. 


Post 


Initial  STE  (Ksi) 


Figure  4.  Stress  Transfer  Efficiency 
after  cycling  in  the  transverse 
direction  at  2%vs  initial  Stress 
Transfer  Efficiency 


Figure  5.  Photoelastic  patterns  for 
samples  cycled  at  (a)  2%,  (b)  2.35% 

(c)  2.7%  Intensity  information  is 
masked  because  it  is  reproduced  from 
a  color  photograph. 


After  cycling  at  2%  there  was  a  slight  reduction  in  STE.  We  did  not  observe 
an  effect  of  frequency  or  number  of  cycles  on  damage.  Figure  4  shows  a  plot  of  the 
Initial  STE  versus  the  final  STE  for  all  three  filament  types.  The  upper  line 
represents  zero  damage.  The  lower  line  represents  a  drop  in  STE  of  3.4Mpa. 

Although  the  absolute  value  of  STE  is  different  for  the  three  filament  types,  the 
amount  of  damage  (or  the  drop  in  STE)  is  the  same.  This  indicates  that  the  damage  is 
not  a  function  of  interphase  properties,  but  of  matrix  properties.  There  seems  to  be 
no  debonding  as  evidenced  by  similar  photoelastic  patterns  (Figure  5)  and  by 
simitar  SBM  fractographs  (a  fractograph  of  a  nan-cycled  sample  is  shown  in  Figure 
6)  for  cycled  and  non-cycled  samples.  Since  the  deformation  of  polycarbonate  is 
not  frequency  dependent  at  room  temperature,  but  does  undergo  cyclic  softening, 
we  believe  that  the  drop  is  STE  for  all  filament  types  is  due  to  matrix  softening  in 
the  interphase  region. 

At  2.33%,  in  spite  of  the  large  width  of  the  sample,  a  crack  grew  firom  the 
edge  of  the  sample  at  the  poles  of  the  filament  during  the  first  few  cycles  partially 
delamlnadag  the  Interphase.  This  delamination  and  subsequent  damage  caused  a 
large  drop  in  the  STE.  During  the  fragmentation  test,  we  believe  that  the  load  was 
transferred  partly  by  friction  between  the  matrix  and  the  fiben  the  resulting 
photoelaslic  patterns  were  more  elongated,  and  less  intense  as  shown  in  Figure  5. 
Figure  7  shows  the  increase  in  damage  with  cycles,  and  the  frequency  dependence 
of  damage  for  filament  types  A,  B  and  C.  Damage  occurs  more  rapidly  at  lower 
frequency.  Again,  the  damage  accumulation  of  the  change  In  STE  is 
Indistinguishable  for  filament  types  A,B  and  C  even  though  the  absolute  values  of 
STE  do  differ,  again  Indicating  that  the  damage  is  matrix  dominated. 

After  cycling  at  2.7%  there  wu  a  visible  interphase  crack,  and  several 
filament  failures  had  occured  during  cycling.  SEM  of  the  pulled  out  filaments 
reveals  polycarbonate  on  the  side  of  the  filament  indicating  that  the  crack  grew 
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partly  through  the  matrix  (see  Figure  6).  The  fragmentation  test  yielded  no 
noticeable  load  transfer  from  the  matrix  to  the  filament,  and  above  2.5% 
longitudinal  strain,  matrix  cracks  that  nucleated  at  the  filament  surface  propagated 
perpendicular  to  the  filament  (see  Figure  5).  These  cracks  did  not  usually  grow 
longer  than  about  30um,  and  the  number  of  cracks  increased  with  applied  strain. 


Figure  6.  SEM  of  a  control  sample  and  a  sample  cycled  at  2.7%  for  1000  cycles  at 
20,000  X. 


O  ,01Hz  C 

•  ,01Hz  B 
,o  ,01Hz  A 
[□  .05  Hz  C 
D.05HzB 

■  .05  Hz  A 
[A.IHzC 
A  .lHzB 
,*  .1Hz A 
A  5  Hz  C 
A  5HzB 

•  5Hz  A 

■  IHzC 

■  1  Hz  B 

•  1  Hz  A 


Figure  7.  Damage  due  to  cycling  at  2,35%as  a  function  of  cycles  for  5  frequencies  and 
filaments  A.B.C.  Lines  are  chosen  to  show  that  damage  increases  faster  at  low 
frequency 

Axial  loading 

It  was  found  that  the  interpbase  STB  was  not  altered  by  cycling  in  the  axial 
direction  at  strains  below  the  failure  strain  of  the  filament.  Damage  was  not 
observed  until  the  strain  amplitude  was  large  enough  to  fracture  the  filament 
during  cycling.  This  is  not  a  surprising  result  because  the  shear  far  from  the 
filament  ends  (in  this  case  the  filament  ends  were  In  the  grips)  is  almost  zero,  and 
the  strains  imposed  are  low  cyclic  strain  for  polycarbonate.  At  strain  amplitudes 
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above  the  filament  failure  strain,  damage  can  be  described  in  the  following 
manner:  the  filament  fractures  during  the  first  cycle,  the  number  of  breaks  being 
dependent  on  the  strain  imposed;  subsequently  there  is  fiber-matrix  debonding 
observed  by  a  lengthening  of  the  stress  transfer  zone.  (Figure  8}  The  kinetics  of 
debonding  may  be  interphase  dependent,  and  work  is  planned  to  understand  this 
behavior. 


(a) 


(b) 


Figure  8.  Schematic  of  damage  during  axial  fatigue,  (a)  fiber  fails  during  first 
cycle,  (b)  subsequent  cycling  lengthens  stress  transfer  zone. 


CONCLUSIONS 

(1)  The  fatigue  behavior  of  the  interphase  in  a  mono-filament  composite  in  the 
transverse  direction  Is  matrix  dominated,  but  is  mediated  by  the  fiber  surface. 

(2)  The  fatigue  behavior  of  the  interphase  in  a  mono-filament  composite  in  the 
axial  direction  is  dependent  on  the  filament  strength  until  the  filament  fractures. 
After  filament  fracture  occurs,  cyclic  damage  is  matrix  dominated.  The  fatigue 
behavior  of  short  filament  compositos  should  therefore  always  be  matrix 
dominated. 
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ABSTRACT 


The  surfaces  of  commercial  carbon  fibers  are  generally  chemically 
cleaned  or  oxidized  and  then  coated  with  an  oligomeric  sizing  to  optimize  their 
adhesion  to  epoxy  matrix  resins.  Evidence  from  fractography,  from  embedded 
fiber  testing  and  from  fracture  energies  suggests  that  these  standard  treatments 
are  relatively  ineffective  for  thermoplastic  matrices.  This  evidence  is  reviewed 
and  model  thermoplastic  composites  (polyphenylene  oxide/high  strain  carbon 
fibers)  are  used  to  demonstrate  how  differences  in  adhesion  can  lead  to  a  two¬ 
fold  change  in  Interlaminar  fracture  toughness. 

The  potential  for  Improved  adhesion  via  plasma  modification  of  fiber 
surfaces  Is  discussed.  Finally,  a  surprising  case  of  fiber-catalyzed  resin 
degradation  is  described. 


INTRODUCTION 


Although  the  fiber-dominated  properties  of  continuous-fiber  composites 
are  outstanding,  transverse  and  out-of-plane  loads  can  cause  problems. 
Transverse  cracks  and  delaminations  resulting,  for  example,  from  impacts,  can 
seriously  degrade  In-plane  compressive  properties  [1].  The  potential  of  tougher 
matrix  materials  to  improve  resistance  to  cracking  under  these  conditions  is  one 
of  the  motivations  in  the  development  of  thermoplastic  matrix  resins  [2]. 

In  order  to  optimize  a  composite  system,  however,  one  must  consider  the 
fiber,  the  matrix  ana  the  interfacial  region.  Although  much  Is  known  about  the 
effects  of  surface  treatments  and  sizings  in  carbon  flber/epoxy  systems  [3],  almost 
nothing  has  been  published  on  optimizing  carbon  fiber/thermoplastic  bonding. 

The  present  report  brings  together  chemical  characterization,  fiber  surface 
modification,  adhesion  testing  and  composite  data  on  some  thermoplastic 
systems.  It  will  be  shown  that  significant  improvements  in  properties  can  be 
achieved  by  Interface  modification. 
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CHARACTERIZATION  OF  FIBER/MATRIX  BONDING 


Fractoqraphv 


If  a  unidirectional  composite  is  split  and  peeled  apart  at  the  midplane,  an 
examination  of  the  fracture  surface  provides  some  indication  of  the  mode  of 
failure.  Figure  1 ,  from  an  AS4/potysulfone  laminate,  is  typical  of  amorphous 
thermoplastic  composites.  Although  the  visible  resin  is  highly  deformed,  fracture 
seems  to  have  occurred  at  or  near  the  fiber/resin  interface.  Even  at  high 
magnification,  almost  no  resin  can  be  found  clinging  to  the  bare  fibers.  Very 
similar  fracture  surfaces  have  been  observed  at  LaRC  for  at  least  seven 
thermoplastic  resins  on  unsized  or  epoxy  sized,  conventionally  treated  carbon 
fibers.  In  sharp  contrast,  the  fracture  of  carbon  fiber/epoxy  laminates  occurs  in 
the  resin  and  fibers  in  the  fracture  surface  are  well-coated  with  resin. 


Figure  1 .  SEM  of  interlaminar  fracture  surface  AS4/Po!ysulfone 


Embeddsd-fiheLTssls 


In  order  to  obtain  a  more  quantitative  measure  of  fiber/matrix  adhesion, 
single  carbon  fibers  were  embedded  in  thermoplastic  resins  using  solvent 
casting  techniques  [4],  When  such  microcomposites  are  strained  in  tension,  the 
limiting  fiber  fragment  lengths  obtained  are  inversely  related  to  the  limiting 
interfacial  stresses.  Furthermore,  the  stress  birefringence  patterns  at  fiber  breaks 
allow  one  to  distinguish  interfacfal  slipping  ('poor'  adhesion)  from  matrix  yielding 
("good"  adhesion).  The  data  in  Table  I  clearly  Indicate  the  problems  with 
thermoplastics. 
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Table  I 

Embedded  Single  Fiber  Test  Results 

AS4  XAS 


Resin 

lc,  mm 

Adhesion 

lc,  mm 

Adhesion 

polyphenylene  oxide 

0.83 

poor 

0.37 

good 

epoxy 

0.38 

good 

0.21 

good 

Composite  Tests 


Hunston  has  observed  [5]  that  the  Mode  I  interlaminar  fracture  toughness, 
G|Cl  values  of  thermoplastic  composites  are  lower  than  might  have  been 
expected  from  these  inherently  tough  resins.  He  speculated  that  a  weak 
interfacial  bond  lowers  interlaminar  toughness.  Data  presented  in  the  next 
section  confirm  this.  On  the  other  hand,  Kinloch  and  Kodokian  [6]  point  out  that 
the  tendency  of  a  material  to  delaminate  away  from  a  pre-existing  crack  is 
correlated  not  with  toughness,  but  with  interlaminar  tensile  strength  (or 
transverse  tensile  strength).  Very  tough  resins  may  exhibit  weak  interfacial 
bonding  and  produce  poor  composite  strengths. 


MODEL  COMPOSITE  STUDIES 

FibatZMattlx  Adhesion 


A  comparislon  of  unsized,  surface  treated  commercial  fibers  using 
embedded  filament  tests  showed  that  they  differed  significantly  in  their  adhesion 
to  a  number  of  thermoplastic  resins.  To  determine  the  effect  of  this  difference  on 
interlaminar  toughness,  24-ply  unidirectional  composites  were  prepared  and 
tested  as  double  cantilever  beams  [7].  Data  were  reduced  by  the  compliance 
calibration  method  and  the  initial  crack  growth  resistance  from  a  thin  insert  used 
to  avoid  complications  from  fiber  bridging  [8].  The  results  are  shown  In  Table  II. 

Table  II 


Interlaminar  Fracture  Toughness  of  PPO  Composites 
_  _ AS4 _ XAS 


G&J/m2 


240 


440 


354 


Interface  strength  clearly  affects  composite  toughness.  The  difference  in 
adhesion  also  shows  up  clearly  in  electron  micrographs  of  the  fracture  surfaces 
(Figure  2). 


Figure  2.  SEM  of  interlaminar  fracture  surfaces  a)  AS4/PPO,  b)  XAS/PPO 


Elemental  analysis  of  the  surface  compositions  of  these  and  other  fibers 
suggests  that  the  nitrogen/oxygen  ratio,  which  probably  depends  on  the 
manufacturer's  surface  treatment,  may  be  decisive  In  adhesion  to  thermoplastics 
(Table  III). 


Table  III 

XP8  Analysis  of  Fiber  Surfaces 


Atomic  Composition  (%) 
CON _ N/Q 


AS4 

90 

5.7 

4.3 

0.75 

XAS 

84 

7.6 

8.4 

1.1 

Plasma  Treatment 


The  ability  to  manipulate  chemical  species,  as  well  as  to  functionalize 
graphite  basal  planes,  makes  RF  plasma  treatment  an  attractive  approach  to  fiber 
surface  modification.  Table  IV  summarizes  data  on  polycarbonate  composites 
made  from  unsized  IM7  fiber  treated  in  a  continuous  plasma 
treatment/impregnation  facility.  Evidently  plasma  treatment  can  give 
Improvements  In  adhesion.  The  translation  of  these  improvements  into 
composite  properties  Is  harder  to  characterize,  for  reasons  that  will  be  touched 
on  in  the  next  section.  It  appears  from  Table  IV  that  the  degree  of  fiber/matrix 
bonding  may  influence  transverse  strength  more  sensitively  than  it  does 
Interlaminar  toughness.  The  last  column  in  Table  IV  illustrates  the  role  of  the 
Interface  In  water  uptake.  Water  at  the  interface  severely  degrades  composite 
strength. 
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Table  IV 


Polycarbonate  Composite  Properties 


Fiber 

Gic  (initiation),® 
kJ/m2 

Transverse 

Flexural 

Strength  ,b‘c  MPa 

Water  Weight 
Gain,d 
Percent 

IM7  (control) 

93  ±23 

3.1 

IM7  (treatment  1) 

— 

108  ±26 

0.6 

(M7  (treatment  2) 

— 

140  ±9 

0.2 

AS4  (control)  0.54  ±0,11 

AS4  (treatment  2)  0.66  ±  0.14 

aAverage  of  3  specimens 
bAverage  of  at  least  6  specimens 
tested  at  room  temperature,  dry 
<t80°C  immersion,  2300  hours 


Rfl5ln-FltrcL.lnterafitiQns 


During  an  earlier  study  (9],  it  was  noticed  that  composites  made  from  the 
same  matrix  resin  (polycarbonate)  differed  In  intertamtnar  toughness  by  60%, 
depending  on  the  choice  of  fiber.  Careful  gel  permeation  chromatography  ot 
resin  extracted  from  these  composites  has  revealed  that  a  significant  toss  In  resin 
molecular  weight  occurred  with  one  fiber  (10].  Apparently  at  the  processing 
conditions  {250*0,  200  psi)  the  fiber  surface  catalyzes  degradation  reactions. 
This  observation  also  explains  the  more  bridle  appearance  ot  the  fractured  resin 
In  this  composite. 


SUMMARY 


All  ot  the  thermoplastic  composites  studied  tail  predominantly  near  the 
interface.  Somewhat  improved  adhesion  has  resulted  in  50*100%  increases  in 
matrix-dominated  properties,  so  it  appears  that  there  la  room  for  further 
improvement  It  bonding  out  be  optimized 
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